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Abstract 

After steels, aluminium alloys are the second most important group of technological usable metallic alloys. 

The global production of aluminium has amounted to about 60 % of the global tonnage of all non-ferrous alloys in 

recent years. In addition, the global demand for aluminium has doubled within the last ten years, reaching about 

60 Mt in 2017. To promote the usage of iron or aluminium as construction materials, their strength must be 

increased, and the mechanical properties of metallic alloys are frequently adjusted by thermal and thermo-

mechanical treatments. These treatments frequently utilise solid-solid phase transformations, for instance 

precipitation and its hardening effects. In aluminium alloys, precipitation strengthening is controlled by age-

hardening heat treatments, including solution treatment, quenching, and ageing. In terms of technological 

applications, quenching is to considered a critical step, because detrimental quench-induced precipitation must be 

avoided to exploit the full age-hardening potential of the alloy. The alloy therefore needs to be quenched faster 

than a critical cooling rate, but slow enough to avoid undesired distortion and residual stresses. These contrary 

requirements for quenching can only be aligned based on detailed knowledge of the kinetics of quench-induced 

precipitation. The solution treatment sets the structural starting condition for the quenching process, and thus also 

has great importance. Until the beginning of the 21st century, the kinetics of relevant solid-solid phase 

transformations during cooling of aluminium alloys could only be estimated by ex-situ testing of different 

properties, as no metrological methods were available for their in situ measurement. Over the past ten years, 

significant progress has been achieved in this field of materials science. The main progress in understanding solid-

solid phase transformation kinetics was enabled by the development of highly sensitive calorimetric measurement 

techniques, based on the application of differential scanning calorimetry (DSC) and the chip-sensor-based 

differential fast scanning calorimetry (DFSC). A combination of DSC and DFSC methods now enables the kinetics of 

solid-solid phase transformations to be analysed over the full range of technologically and physically relevant 

heating and cooling rates. The progress made thus far has been reported in several original papers, which mostly 

cover single alloys or groups of alloys from the same alloy family. This thesis presents a comprehensive report on 

this progress for the first time, by covering research conducted on the nature and kinetics of solid-solid phase 

transformations of 27 aluminium alloys. The key features of the calorimetric techniques and their applicability to 

other age-hardening metallic alloy systems are discussed. The insights into the solid-solid phase transformation 

kinetics in Al alloys cover precipitation and dissolution reactions during heating from different initial states, 

dissolution during solution annealing and to a vast extent quench-induced precipitation during continuous cooling 

over a dynamic cooling rate range of ten orders of magnitude. The insights from kinetic analysis into quench-

induced precipitation are complemented by sophisticated micro- and nano-structural analyses and continuous 

cooling precipitation (CCP) diagrams are derived. The measurement of enthalpies released by quench-induced 

precipitation as a function of the cooling rate also enables predictions of the quench sensitivities of Al alloys using 

physically-based models. The various types of alloys are compared, and general aspects of quench-induced 

precipitation in Al alloys are derived. This particularly includes general statements on quench-induced phases 

which precipitate at certain temperatures and times, as well as their common nucleation mechanisms. Based on 

these aspects, options for adjusting/controlling the quench sensitivity of age-hardening Al alloys are derived. 
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Kurzfassung 

Nach Stählen sind Aluminium-Legierungen die zweitwichtigste Gruppe von technologisch nutzbaren Metallen. 

In den vergangenen Jahren betrug die globale Produktion von Aluminium etwa 60 % aller Nichteisen-Metalle, wobei sich 

der weltweite Absatz von Aluminium in den vergangenen 10 Jahren auf ca. 60 Mt im Jahr 2017 verdoppelt hat. 

Um die Verwendung von Eisen oder Aluminium als Konstruktionswerkstoff zu ermöglichen, muss deren Festigkeit 

gesteigert werden. Die mechanischen Eigenschaften von metallischen Legierungen werden häufig durch thermo-

mechanische Behandlungen eingestellt, wobei oft Phasenumwandlungen im festen Zustand, wie z. B. Ausscheidungen 

und deren verfestigender Effekt ausgenutzt werden. In Aluminium-Legierungen wird die Ausscheidungsverfestigung 

durch die Wärmebehandlung Ausscheidungshärten kontrolliert, welche die Prozessschritte Lösungsglühen, Abschrecken 

und Auslagern umfasst. Aus Sicht der technologischen Umsetzung ist das Abschrecken kritisch: Zum einen müssen 

unerwünschte abschreckinduzierte Ausscheidungen verhindert werden, um das volle Aushärtungspotenzial nutzen zu 

können; dies erfordert rasches Abschrecken. Gleichzeitig sollen in vielen Fällen Verzug und Eigenspannungen klein 

gehalten werden, was langsames Abkühlen erfordert. Um diese gegensätzlichen Anforderungen in Einklang zu bringen, 

muss die Kinetik abschreckinduzierter Ausscheidungen bekannt und die Legierung mit einer legierungsspezifischen 

kritischen Abschreckgeschwindigkeit abgeschreckt werden. Das Lösungsglühen erzeugt die strukturellen 

Startbedingungen und hat damit auch eine große Bedeutung. Bis zum Beginn des 21ten Jahrhunderts konnte die Kinetik 

relevanter Festphasenumwandlungen beim Abkühlen von Aluminiumlegierungen nur anhand von ex-situ Messungen 

verschiedener Eigenschaften abgeschätzt werden, da es keine Messtechnik gab, die eine in-situ Messung ermöglichte. 

An dieser Stelle der Werkstoffwissenschaften ist in den vergangenen 10 Jahren ein erheblicher Fortschritt erzielt worden, 

indem hoch sensitive kalorimetrische Messmethoden entwickelt wurden, die auf der dynamischen Differenz-Kalorimetrie 

(DSC) und der Chip-Sensor basierten schnellen dynamischen Differenz-Kalorimetrie (DFSC) basieren. Die Kombination von 

DSC und DFSC ermöglicht es heute, dass die Zeitabhängigkeit der Festphasenumwandlungen im gesamten technisch und 

physikalisch relevanten Erwärm- und Kühlgeschwindigkeitsbereich analysiert werden kann. Der erzielte Fortschritt wurde 

bereits in etlichen Journal-Artikeln veröffentlicht, welche häufig eine Legierung oder Gruppen von Legierungen desselben 

Systems betrachten. Diese Arbeit gibt erstmals einen umfassenden Überblick über die Ergebnisse von 27 Aluminium-

Legierungen. Die Schlüsselaspekte der kalorimetrischen Messmethoden und deren Anwendbarkeit auf andere 

Legierungssysteme werden diskutiert. Die Erkenntnisse zur Festphasenumwandlungskinetik von Aluminiumlegierungen 

umfassen Ausscheidungs- und Auflösungsreaktionen beim Erwärmen verschiedener Ausgangszustände, Auflösung 

während des Lösungsglühens und größtenteils abschreckinduzierte Ausscheidung während der Abkühlung über eine 

Kühlgeschwindigkeitsbandbreite von 10 Größenordnungen. Die Erkenntnisse zur Kinetik werden durch Untersuchungen 

zur Mikro- und Nanostruktur ergänzt und kontinuierliche Zeit-Temperatur-Ausscheidungsdiagramme wurden erstellt. 

Die Modellierung der von den abschreckinduzierten Ausscheidungen freigesetzten Enthalpie als Funktion der 

Kühlgeschwindigkeit ermöglicht Vorhersagen zur Abschreckempfindlichkeit von Aluminiumlegierungen. 

Die verschiedenen Al-Legierungssysteme werden verglichen, wovon allgemeine Aspekte abschreckinduzierter 

Ausscheidung abgeleitet werden. Dies umfasst insbesondere Aussagen zu den abschreckinduzierten Phasen, welche bei 

bestimmten Temperaturen und Zeiten ausscheiden, sowie deren übliche Keimbildungsmechanismen. Basierend auf den 

gesammelten Ergebnissen werden Möglichkeiten aufgezeigt, die Abschreckempfindlichkeit von Aluminiumlegierungen 

gezielt einzustellen. 
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1 Introduction 

Aluminium alloys are the second most important metallic materials. In 2014, the global production of steel 

(about 1,670 Mt) amounted to about 90 % of global metal production [1, 2]. Of the remaining metals, 

aluminium represents the majority, and in 2013 and 2014, aluminium amounted to about 60 % of the total 

tonnage of the global production of non-ferrous metals [2]. In terms of castings, Fe-based castings 

represented about 80 % of the global production tonnage in 2016, while Al-based castings amounted to 

about 17 %, with Cu less than 2 % [3] and other metals below 1 % in total. Thus, considering non-ferrous 

metal castings, aluminium amounted to about 85 % of the global production. The importance of aluminium 

and its products can also be seen from the fact that the global demand for aluminium has doubled during 

the last ten years, reaching more than 60 Mt in 2017 [4]. 

However, pure aluminium has poor strength, and its application is largely limited to packaging and foil, 

electronic conductors, chemical process equipment and lithographic plates [5]. In order to make use of 

aluminium as a construction material or in applications as an engineering material for lightweight 

constructions, for instance aeroplanes, the strength of Al-based materials must be increased [5–7]. This 

strength increase, i.e. an increase in the resistance against plastic deformation, can be achieved by four 

physical mechanisms: (i) grain-boundaries; (ii) dislocations (work hardening); (iii) alloying elements in solid 

solution; and (iv) alloying elements precipitated in nano-sized particles [6–8]. To understand these 

mechanisms, it is essential to know that plastic deformation (at temperatures below 0.4 times the melting 

temperature in K, for aluminium below about 100 °C) involves the gliding of dislocations on certain lattice 

plains of the metallic matrix crystal. All four mechanisms that can increase the strength are therefore based 

on the effect of hindering dislocations from gliding. The mechanism of precipitation strengthening is typically 

used to achieve the highest strengths in Al-based products [5, 9].  

As seen from the above—and which is true for every engineering material—the structure of the material at 

micro- and nanoscales affects its properties. Thus, for several metallic alloys, changes in the inner structure 

due to solid-solid phase transformations control the properties. This includes not only mechanical properties 

such as strength, ductility and toughness, but also corrosion properties and others. The precipitation of 

secondary phase particles from a solid solution represents a solid-solid phase transformation. In 

technological applications, solid-solid phase transformations are typically adjusted by controlled heat 

treatments. Figure 1 shows a schematic diagram of the time-temperature profiles of some heat treatments 
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that are relevant to the production of Al alloys. In addition to heat treatments, the production may incorporate 

several forming operations such as rolling or extrusion (at ambient or elevated temperatures), which 

substantially influence the microstructure. In addition, rolled or extruded products with relatively simple 

cross sections may experience a stretching treatment subsequent to the quenching process within the age-

hardening treatment (prior ageing). This stretching causes relief of residual stresses induced by quenching, 

straightens the products and increases the dislocation density and thereby the nucleation site density for 

nanoscale precipitation during the final ageing. 

For Al alloys, the most relevant heat treatment that influences strength is age-hardening [5]. To allow age-

hardening in the first instance, alloying element atoms need to be added to the Al base material. This is 

mostly done in the liquid phase during casting. Age-hardening makes use of the decreasing solubility of 

aluminium with respect to the major alloying elements (see Figure 2). The heat treatment process of age-

hardening consists of three major steps: solution treatment, quenching and ageing. The solution treatment 

aims to achieve a solid solution. A certain duration of soaking at solution temperature is often used to 

finalise the dissolution processes and/or to obtain a homogeneous distribution of the dissolved alloying 

element atoms within the matrix. The amount of dissolved major alloying elements typically substantially 

exceeds the solubility at room temperature. However, during cooling or quenching, the alloying elements 

need to be kept in solid solution, resulting in supersaturation of the base material. This condition is far from 

the thermodynamic equilibrium and is thus unstable (this is often referred to as meta-stable since the 

stability is relative within the timescales considered). From this unstable supersaturated solid-solution 

during the final ageing treatment, a high particle number density of nano-scale precipitates grows, which 

hinder the dislocation movement and thereby increase the strength.  

The cooling step (quenching) is the most critical step in the age-hardening heat treatment process with 

regard to technological applications. This is because some alloys require very fast cooling to achieve a 

completely supersaturated solid solution, and in several cases, it is hard to achieve these fast cooling rates 

in technological applications. Thicker products may also give variations in the material properties across 

the thickness, due to varying cooling rates. The tendency towards quench-induced precipitation and 

variation in properties across the thickness are often referred to as quench sensitivity. If cooling takes place 

at less than a certain critical cooling rate, detrimental quench-induced precipitates grow during cooling. 

These undesired precipitates are coarse compared to precipitates originating from ageing, and thus lower 

the amount of solutes available for ageing. Due to the combined effect of coarse quench-induced 

Figure 1: Simplified temperature-time profile of heat treatments within the production of structural Al products 
(SSS supersaturated solid solution, QIP quench-induced precipitates). 
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precipitates and a lowered solute concentration, and thus a reduced fraction of the strength-increasing nano 

precipitates, several properties are affected and mostly degraded; for instance, the strength improvement, 

which is often important, is reduced. In many applications, other properties are even more important, such 

as toughness, fatigue resistance and stress corrosion cracking (SCC). Moreover, quench-induced 

precipitation also affects the presence and width of precipitation-free zones (after ageing) as well as the 

kinetics of natural and artificial ageing.  

The quench sensitivity of Al alloys has been researched for about 70 years (e.g. [10–30]). Within the existing 

substantial body of work, the definitions of the term “quench sensitivity” differ, and this term generally refers 

to a reduction in the final properties (e.g. strength; ductility/toughness; corrosion-resistance) in the as-

quenched state [21] or after ageing, generally as a result of reduced cooling rates [15, 19, 27]. The reason 

for this reduction, for instance in the hardness or yield strength, is the coarse precipitates which grow during 

cooling [25, 31, 32]. Although these coarse quench-induced precipitates have very little hardening effect in 

themselves [33], the atomic fraction of alloying elements that is bound in quench-induced precipitates 

reduces the amount of solutes available for the formation of strengthening precipitates during ageing. The 

degree of solute reduction obviously depends on the fraction of quench-induced precipitates that is formed. 

Another aspect relating to quench sensitivity is the loss of properties across the thickness of a thicker 

product, which is related to a reduced cooling rate in the core of the material [34, 35]. However, the definition 

of quench sensitivity is refined here, and the tendency of an age-hardening alloy to “lose” solute atoms to 

coarse (some 100 nm to µm sized), undesired quench-induced precipitates is called quench sensitivity. As 

will be demonstrated below, the quench sensitivity can be characterised by two major attributes: firstly by 

the minimum cooling rate, which is required to obtain a fully supersaturated solid solution (which after 

ageing can produce the highest strength), i.e. the so-called upper critical cooling rate (UCCR), and secondly 

by the slope of property loss as a function of the reducing cooling rate.  

With respect to the technological applications, there is another important aspect related to quenching. Rapid 

quenching can cause severe thermal stresses which may lead to severe distortion [36–43]. This can create 

important additional costs due to the extra work required for stress-relief or straightening operations. In 

several cases, the quenching process is therefore confronted with two opposite requirements: cooling as 

rapidly as needed (to achieve maximum strength), and cooling as slowly as possible (to avoid residual 

stresses and distortion). Faster quenching may not be detrimental in all cases, since for example some 

Figure 2: Pseudo-binary phase diagram for Al-Mg2Si (adapted from [5]) and schematic temperature-time profile of an 
age-hardening procedure. 
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extruded and rolled products are subsequently stretched anyway. Thus, in terms of detrimentally fast 

quenching, there is a difference between wrought products with simple shapes and cast and other net-

shaped products. The alignment of these opposing demands on quenching is therefore a more important 

issue in the latter type. However, the alloy-specific UCCR typically represents the optimum cooling rate. 

The maximum achievable quench rates in the heat treatment shop for different types of products (e.g. thick 

vs. thin gauge) may therefore determine the alloy of choice and thus the strength level achievable. 

In order to obtain a comprehensive understanding of the quench sensitivity of age-hardening alloys, the 

kinetics and nature of quench-induced precipitation must be analysed. Since there were limited options for 

in situ analysis prior to the major work reviewed here, most of the earlier experimental work was based on 

ex situ experiments. In 2010 Shuey and Tiryakioglu published a reviewing chapter on “quenching of 

aluminium alloys” including experimental results on a broad range of alloys as well as theoretical options 

for their evaluation [44]. Different quenching paths have therefore been frequently used for samples, for 

instance by using different quenching media [45–49] or by applying Jominy end-quench tests [50–53]. 

Subsequent post-quench analysis of certain properties has led to the assessment of the quench sensitivity. 

Besides continuous cooling, quenching to various isothermal soaking temperatures has also been 

frequently applied, again in combination with a subsequent property analysis, which allows isothermal time-

temperature property diagrams to be derived, for instance [10, 18, 23, 54]. In order to allow evaluation of 

continuous cooling basing on isothermal experiments, the quench factor analysis method was developed 

[20] and refined [47, 48, 52, 55–58]. 

In contrast to the martensitic hardening of steels, the relevant quench-induced precipitation only amounts 

to a small percentage of the total atoms. However, this fraction is only transformed in equilibrium conditions. 

Under technologically relevant cooling conditions, quench-induced precipitation is already suppressed to a 

wide extent, and this is the reason why very small amounts of precipitation need to be detected under 

certain relevant conditions. This means that a very sensitive measurement setup is required for detection 

of this unwanted precipitation, which covers the entire relevant dynamic range. There are few physical 

effects that allow for the in situ detection of changes within the solid-solid phase transformation status. 

Solid-solid phase transformations can rarely be detected directly, although this might be possible to a 

certain extent using in situ TEM, requiring very high effort. Hence, the in-situ detection and analysis of 

quench-induced precipitation typically requires the in situ measurement of changes in certain material 

properties. For this purpose, properties that change with the phase transition of interest are suitable. This 

may be the electrical conductivity or resistivity [59–63], the associated changes in volume (measured by 

dilatometry) [64, 65], or the crystallographic features (for instance measured by in situ X-ray scattering 

experiments [66–71]). Since the relevant solid-solid phase transformations all show a heat effect (e.g. 

precipitation = exothermic; dissolution = endothermic), one valuable measurement technique for analysing 

a solid-solid phase transformation in situ is calorimetry, and particularly differential scanning calorimetry 

(DSC). The reason for the importance of DSC is that it allows us to measure the enthalpy changes 

associated with precipitation. Moreover, this precipitation enthalpy is often directly proportional to the atomic 

fraction of the precipitates formed. However, previous DSC analysis of in situ solid-solid phase 

transformations is mostly restricted to works that concern heating, and which often carry out only a 

qualitative evaluation. Additionally, these earlier works commonly lack a sufficient dynamic range, and 

primarily consider heating rates of about 0.1 to 1 K/s (five to a few tens of K/min) (e.g. [72–77]). Until the 
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early 2000s, no DSC analyses involving cooling experiments on quench-induced precipitation in Al alloys 

were reported; the first works on this topic were published by Kessler et al. [78–80] between 2002 and 

2007, and Deschamps et al. [31] in 2009. However, due to the use of only a single DSC device in all cases, 

these works are still restricted to a relatively limited range of cooling rates. There are a few more recent 

works that have published cooling DSC curves for AlZnMgCu alloys, using only one cooling rate [34, 60]. 

All of the mentioned heat treatment steps make use of or are directly related to diffusion-controlled solid-

solid phase transformations. In particular, in the heating and cooling steps of the heat treatment, solid-solid 

phase transformations take place under continuously changing temperatures. In practical applications, 

these dynamic changes in temperature generally depend on the quenching media used and the dimensions 

of the components and/or the batch (see for instance Fig. 3.64 in Ref. [81], page 613). Since diffusion is 

strongly dependent on temperature and time, a wide range of relevant heating and cooling rates needs to 

be assessed. This means that diffusion-controlled processes like precipitation in Al alloys need to be 

considered on logarithmic time scales. This can be derived from a theoretical description of diffusion, for 

instance, and is illustrated by an example in Figure 3. Diffusion-controlled precipitation reactions can be 

described by a Starink-model based on the extended volume αext concept [82]. Figure 3 for an isothermal 

precipitation plots the fraction transformed as a function of time, on a linear time scale (Figure 3 A) and on 

a logarithmic time scale (Figure 3 B). It can be seen from Figure 3 that only by using a logarithmic time 

scale can we analyse this diffusion process in its entirety. Thus, cooling DSC analysis on quench induced 

precipitation should also cover a cooling rate range spanning several orders of magnitude, and the results 

should be displayed on logarithmic time scales. 

The major progress that has been made relates to an extension of the dynamic range that is accessible for 

quantitative DSC analysis of solid-solid phase transformations under non-isothermal conditions. That is, 

conventional in situ DSC on heating and cooling is now possible over a dynamic range of ≈3x10-4 to 3 K/s. 

When complemented by indirect DSC and indirect DFSC, a total range of 10-5 to 105 K/s can be covered. 

The metrological methods required to achieve this dynamic range have been developed, and currently 

allow for quantitative evaluation covering the whole range of heating and cooling rates of technological and 

physical relevance. The consideration of this very broad dynamic width is associated with a large range of 

associated micro- and nano-structural features, i.e. the dimensions of quench-induced precipitates can 

range from several tens of µm to just a few nm. Several microstructure observation techniques including 

optical, scanning-electron- and transmission-electron-microscopy (as well as other techniques) therefore 

Figure 3: Example of a model for diffusion-controlled precipitation reactions [82]: (A) plotted on a linear time scale; (B) 
plotted on a logarithmic time scale. 
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need to be applied to comprehensively analyse quench-induced precipitates. To complete the analysis, the 

obtained quantitative DSC enthalpy data are assessed using physically-based models. The models 

consider the alloy composition and formation of the phases that are most relevant for quench-induced 

precipitates, as revealed by experiment. 

The scientific publications considered for this cumulative habilitation thesis is summarised in Table 1. The 

experimental methods derived here can generally be applied to nearly any metallic precipitation-hardening 

alloy system. Since most of the metrological aspects have been published in great detail in two book 

chapters [83, 84], the experimental aspects are condensed to their key features in this thesis. The materials 

science aspects are summarised in this work, involving a substantial number of alloys and thousands of 

individual experiments. The kinetics and nature of quench-induced precipitation are analysed for a total of 

Table 1 Primary scientific publications* with significant contributions from Dr.-Ing. Benjamin Milkereit as the basis of the 
cumulative habilitation thesis. 

Reference and current  
5-year journal impact factors** 

Main content Al-alloys 

[BM1] Thermochimica Acta 492  

(2009) 73-87 

2.41 Basic DSC cooling method  6005A 

[BM2] Materials Science and  

Engineering A 550 (2012) 87-69 

4.01 DSC cooling, SEM & TEM,  

CCP diagrams 

6005A, 6060, 

6063, 6082 

[BM3] Journal of Alloys and  

Compounds (2014) 581-589 

3.62 DSC cooling, SEM, 

CCP diagrams 

7020, 7150 

[BM4] Thermochimica Acta 602  

(2015) 63-73 

2.41 Indirect DSC slow cooling rates, 

kinetic modelling 

Al0.26Si, 

Al0.72Si 

[BM5] Materials 8 (2015) 2830-2848 3.53 Heating DSC, continuous 

heating dissolution diagrams 

6005A, 6082, 

6016, 6181 

[BM6] Materials and Design 75  

(2015) 117-129 

5.8 Modelling of quench-induced 

precipitation in AlMgSi alloys 

6005A, 6063, 

6082I, 6082V 

[BM7] Materials and Design 88  

(2015) 958-971 

5.8 Modelling of quench-induced 

precipitation in AlZnMg(Cu) 

alloys 

7055, 7150, 

7055, 7085, 

7049A 

[BM8] Scientific Reports 6 (2016)  

art. No. 23109 

4.53 HR-TEM Y-phase 7150 

[BM9] Materials Characterization 120  

(2016) 30-37 

3.46 Indirect DSC fast cooling rates 7150 

[BM10] Metals 8-265 (2018) 1-16 2.37 Effects of incomplete 

dissolution on quench 

sensitivity 

6082III 

*basing on data retrieval from the database Scopus on Sept. 19th, 2019, these 10 publications in total received 336 citations 

** retrieval of the data from the journals web-pages on Sept. 12th, 2019 
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27 alloys, comprising 24 wrought alloys (two AlSi binary alloys, 10 AlMgSi alloys, 10 variants of AlZnMg(Cu) 

alloys and two AlCu(Mg) alloys) and three AlSiMg cast alloys. The enthalpy changes from quench-induced 

precipitation are quantified, and the drop in hardness is evaluated in terms quench-induced precipitation. 

Other properties are not focused on, because the small size of DSC samples does not permit materials 

tests that require large volumes. In some cases, larger samples with similar temperature/time paths as DSC 

samples are prepared and mechanically tested. 

Based on this work, general conclusions on the nature and kinetics of quench-induced precipitation in Al 

alloys are drawn. 





9 

2 Measuring techniques and methods for the 

analysis of solid-solid phase transformations 

2.1 Methods for in situ kinetic analysis of solid-solid phase 

transformations in metals 

In metals which allow precipitation hardening, the relevant solid-solid phase transformations typically only 

amount to a small percentage of the total atomic fraction (excluding Ni-based super-alloys), and thus their 

detection requires very sensitive measurement setups. As mentioned in the introduction, the in-situ analysis 

of solid-solid phase transformations typically requires continuous analysis of the property of a particular 

material that changes with the phase transformation. 

In view of this, suitable signals for in situ measurement include: 

- changes in the electric conductivity or resistivity; 

- changes in the volume; 

- changes occurring in the crystal structure and related scattering effects; and 

- changes in the enthalpy due to the endothermic nature of dissolution reactions or the exothermic 

nature of precipitation reactions. 

One additional requirement that allows the analysis of quench-induced precipitation, of course, is the need 

for controlled cooling covering a wide range of cooling rates. This aspect of the metrological implementation 

might be difficult in several cases. All of the abovementioned methods also have certain advantages and 

some drawbacks, and these will be briefly reviewed with respect to their capabilities and limitations for the 

analysis of quench-induced precipitation.  

Hong-Ying Li et al. demonstrated that continuous measurements of the electrical resistivity can be applied 

for the determination of continuous cooling transformation or precipitation diagrams [59, 60, 85–87]. 

However, it appears that the problem of control over the sample temperature has still not been fully solved, 

as this group applied several different approaches to achieve continuous cooling, including a self-made 

temperature control system [59]. They also later quenched samples in different media [60, 88], and thereby 

achieved a considerable range of cooling rates. To the best knowledge of the authors, no commercial 

device is currently available that allows for the continuous measurement of electrical properties over a wide 
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range of temperatures whilst achieving controlled cooling. In addition, the electrical conductivity is affected 

by several factors, making interpretations of precipitation difficult. For example, alloying elements in solution 

reduces the electrical conductivity [89], and precipitates may also have a negative influence on the 

conductivity [90]. The latter is generally lower compared to elements in solution, although the exact value 

depends on the size and strain field caused by the precipitates [90, 91]. Furthermore, the different alloying 

elements in solid solution impact the electrical properties by substantially different factors [89]. For these 

reasons, the measured changes in the electrical resistance or conductivity are not directly related to 

precipitation or the volume fraction of precipitates, and potential changes in the superimposed influencing 

factors cannot be directly assigned to precipitation.  

Similar problems occur in the dilatometric measurement of quench-induced precipitation. Modern 

dilatometers have a very high resolution for length changes, which even allow the detection of early cluster 

formation in age-hardening Al alloys [64, 65, 92]. It has been shown that dilatometry is also able to detect 

quench-induced precipitation in Al alloys over a wide range of cooling rates [93, 94]. Nevertheless, the 

changes in the volume of a sample during cluster formation and precipitation are affected by the complex 

interplay between the volume changes in the matrix crystals and the volume changes due to the precipitated 

phase. That is, in some cases, precipitation can cause volumetric expansion of the sample, while 

precipitation of another phase can cause volumetric contraction [64, 84, 94]. The latter aspect complicates 

the evaluation of dilatometric measurements of quench-induced precipitation, as different phases that 

precipitate during cooling can cause opposite changes in length. 

Positron lifetime spectroscopy [95, 96] can be utilised to investigate the precipitation processes in age-

hardening Al alloys [96–101]. However, since the recording of single data points takes at least a few minutes 

(and up to some hours if the spectra are to be decomposed), this technique would be very slow for in situ 

cooling experiments [102]. This is probably one reason why no in situ cooling experiments have been 

published, to the knowledge of the authors.  

Another option for the detection of quench-induced precipitates is through the scattering effects of X-rays, 

i.e. by applying small angle X-ray scattering (SAXS) measurements during cooling of relevant alloys [103–

105]. In addition to X-ray scattering, small-angle neutron scattering (SANS) can also in principle be used 

for the detection of precipitation processes [70, 106], although the “neutron fluxes are lower and the 

interaction is also lower, therefore the counting times are usually higher (i.e. hours) in SANS which is a 

limitation for in situ measurements” [107]. The detection limit in terms of particle size depends on the small 

angle resolution, and is therefore dependent on the distance between the detector and the sample [107]. 

These small-angle scattering techniques are typically restricted to the detection of very small precipitates, 

with dimensions below about 100 nm [71, 106, 108]. This is a severe limitation for the detection of quench-

induced precipitation, as several of the quench-induced particles are much larger. In addition, wide-angle 

X-ray scattering (WAXS) can be applied for the detection of precipitation processes [109, 110]. A specifically 

adapted Baehr 805 quenching dilatometer has been installed to allow in situ detection of WAXS and SAXS 

signals within the high-energy materials science beamline “P07” at PETRA III within the Deutsches 

Elektronen Synchrotron (DESY). This setup allows the in situ detection of phase formation during cooling 

of metallic alloys [111]. The applied high energy of this beamline results in a sufficient time resolution for in 

situ experiments, and the capability of this setup for in situ analysis of quench-induced precipitation in 

AlZnMgCu alloys has been demonstrated very recently [112]. Using the abovementioned scattering 
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techniques, information on the presence of certain crystal structures and therefore phases can be gained 

(WAXS), and conclusions on the particle size and volume fractions can be drawn (SAXS, SANS). For details 

on these techniques and their theory, the reader is referred e.g. to Ref. [113]. 

Since precipitation is an exothermic process, and dissolution an endothermic one, they can be detected by 

thermal analysis. Cavazos and Colas used direct thermal analysis of Jominy-like end-quench samples, i.e. 

they evaluated the changes in slope of the measured temperature development at different positions in the 

sample [25]. A more precise analysis of the thermal effects of solid-solid phase transformations is possible 

using calorimetry. DSC, in particular, allows for the detection of quench-induced precipitation in age-

hardening metals [31, 78–80]. Amongst the potential methods for the in situ detection of quench-induced 

precipitation in aluminium alloys, DSC is the most effective approach, as it has significant advantages. 

These in brief are: 

o DSC allows for controlled linear heating and cooling by providing the largest accessible

dynamic scanning rate range, which now covers the whole cooling rate range of

technological and physical relevance. By using a combination of different DSC devices,

rates of about 10-5 to 105 K/s [83, 84] can be achieved.

o DSC samples are typically in the mm range, which in most cases allows further analysis

after the DSC experiment, for instance for hardness testing or microstructural

investigations [83, 84, 114].

o In addition to linear cooling, nonlinear Newtonian heating and cooling can also be

investigated using DSC [115].

o With regard to the abovementioned detection limits, DSC offers the highest sensitivity of

all techniques over the whole dynamic range. In particular, precipitation of any precipitate

size and very small volume fractions of precipitation can be detected by DSC, and even

cluster formation can be recorded [100, 116].

o If properly conducted, DSC allows for quantitative evaluation of the enthalpy changes

related to precipitation. Since these enthalpy changes are directly proportional to the

atomic fraction transformed, analysis of the volume fraction of precipitates is possible [117,

BM4, BM6, BM7].

However, DSC also has certain disadvantages and limitations. In particular, DSC detects the heat effects 

of all occurring reactions in sum. Since different reactions occur simultaneously in several cases, it can be 

hard to distinguish the different parts of the signal that belong to specific reactions. This makes the 

interpretation of DSC heating experiments particularly complicated, as opposite heat effects from 

endothermic dissolution and exothermic precipitation can occur during heating [BM5]. Since only 

precipitation will take place during cooling, DSC still is the most promising method for comprehensive 

analysis of the kinetic behaviour of quench-induced precipitation.  



12 2 Measuring techniques and methods for the analysis of solid-solid phase transformations 

2.2 Methodology and systematics of state-of-the-art 

kinetic DSC analysis 

2.2.1 Basic concepts of DSC measurements 

DSC allows us to measure heat release or consumption, or in other words the amounts of enthalpy that are 

exchanged by samples, for instance due to phase transitions. In order to enhance the sensitivity compared 

to a classical calorimeter and to allow non-isothermal operation in a differential calorimeter, the signals of 

two calorimetric sensors are compared [114]. Operation under non-isothermal conditions is possible, as 

both sensors are located symmetrically in surroundings at the same temperature (see the schematic 

example of power-compensated DSC sensors in Figure 4). A differential scanning calorimeter is generally 

operated in scanning mode rather than under isothermal conditions, i.e. the temperature typically changes 

at a constant heating or cooling rate. DSC uses two symmetric (ideally identical) sensors, one of which 

measures the sample to be investigated, while the other measures an inert reference sample. There are 

two different types of signals that can be measured: either the temperature difference between the two 

sensors, or the difference in heating power. In the first case, the device is called a heat flux differential 

scanning calorimeter, and both sensors are located in one furnace, which is used for the general 

temperature-time program providing the same surrounding temperature for both sensors. In the second 

case, both sensors are located separately, in surroundings of constant temperature (a cooled block), and 

both are equipped with a micro furnace that incorporates a temperature sensor, i.e. the sensor is both a 

furnace and a sensor at the same time. This version of DSC is called power-compensated DSC (see Figure 

4). Nevertheless, both types of DSC devices can be used in a very similar way, and the setup of the 

experiments and the data evaluation are very alike, as in both cases the (electronic) signal is converted to 

the value of heat flow by calibration. For more details on specific setups and the peculiarities of the different 

types and operation modes of DSC devices, the reader is referred to Ref. [114]. 

Figure 4: Construction scheme of a power-compensated scanning calorimeter (PerkinElmer Instruments). S: Sample 
furnace with sample in crucible; R: reference-furnace (analogous to sample-furnace); 1: heating wire; 2 resistance 
thermometer. Both sensors are separated from each other and located in surroundings at constant temperature (cold 
block) [114]. 
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In this thesis, each temperature-time profile of a DSC measurement starts and ends with an isothermal 

section (see Figure 5). This is needed for heat capacity calculation employing two or three curve methods 

(for details see [112]).  

In general, an accurate DSC analysis of the sample requires at least two measurements: a measurement 

of a sample versus a reference, and a baseline measurement (inert reference samples on both sensors). 

The heat flow signal of the baseline measurement is subtracted from the heat flow signal of the sample 

measurement, and the resulting heat flow signal is corrected for small device-specific asymmetries which, 

although minimised in the design, can still influence the accuracy when low-heat-flow, high-accuracy 

measurements are required. Examples of such small asymmetries include slight differences in sensor 

positions and differences in the sensors themselves. 

Figure 5: Basic time-temperature profile of DSC experiments. 

2.2.2 Key features for in situ quantification of enthalpy changes 

of solid-solid phase transformation as a function of the 

scanning rate or time  

Excess specific heat capacity 

To allow for quantitative analysis of solid-solid phase transitions, very sensitive measurement setups are 

required. To obtain the best possible DSC sensitivity for this particular purpose, and to allow a purposeful 

comparison of different heating rates and sample masses, the experimental setup needs to allow for 

conversion of the measured signals to the specific excess heat capacity of the sample. When studying 

precipitation reactions, the contribution of the heat capacity can be subtracted during the measurement by 

using inert reference samples [BM1]. In the following, the apparent heat capacity due to precipitation (latent 

heat) in addition to the heat capacity of the matrix is called excess heat capacity. Figure 6 clarifies the 
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and the apparent heat capacity caused by the latent heat effects due to precipitation1. The latter, of course, 

has a dependence on temperature and time. 

The specific excess heat capacity is obtained here by measuring an alloyed sample versus a reference 

sample with similar heat capacity. The specific excess heat capacity is then defined to be the difference 

between the specific heat capacity of the alloyed sample and that of an inert reference sample. In an ideal 

situation, the reference and the alloy sample have highly similar absolute heat capacities over the entire 

temperature range of interest. Another requirement for the reference sample is that it must be inert with 

respect to thermal reactions within the temperature range of interest. It may be difficult to find appropriate 

reference material, but in the case of Al alloys, pure Al has proven to be very well suited [BM1, BM5]. Pure 

Al reference samples are preferably used in a pre-oxidised condition, i.e. heated once before the actual 

measurement; however, there are various strategies for obtaining a suitable reference sample [118], and 

changes in the sample mass to adjust the total heat capacities of the sample and reference sample may 

further improve the signal quality [118, 119]. 

To acquire the excess specific heat capacity (excess cp), the alloyed sample is placed in the sample sensor, 

while the reference sample is placed in the reference sensor. Since both sample and reference have very 

similar absolute heat capacities, this setup retains the symmetry within the differential scanning calorimeter 

and its entire measurement setup. This supports the basic idea of DSC, which is a steady comparison of 

two equal measuring systems. In an ideal system, the only remaining differences—and therefore the only 

remaining thermal asymmetries—are thermal effects related to reactions within the sample. The resulting 

signal can therefore be directly and solely related to the phase transformation of interest.  

As described above, in the first instance the measured signal is a heat flow signal. The DSC heat flow 

signal depends on the amount of sample used (expressed as a mass or in moles) and the scanning rate 

1 In the case of an alloy that shows any kind of phase transformation, the measured apparent heat capacity is a sum of the heat 
capacity and the effects due to heat or enthalpy release/consumption by the occurring phase transition. 

Figure 6: Comparison of two basic measurement set-ups: (A) a sample versus an empty reference sensor, acquiring the 
specific heat capacity of the sample; (B) a sample versus an inert reference sample of similar heat capacity, acquiring the 
specific excess heat capacity of the sample compared to the reference. 
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applied. To allow for a quantitative comparison of measurements with different scanning rates and sample 

masses, the heat flow signal �̇� must be normalised by the sample mass (or the number of atoms) and the 

scanning rate β, resulting in the unit of specific heat capacity (per g or per mole): 

𝑒𝑥𝑐𝑒𝑠𝑠 𝑐𝑝 =  
�̇�𝑠𝑎𝑚𝑝𝑙𝑒 − �̇�𝑏𝑎𝑠𝑒𝑙𝑖𝑛𝑒

𝑠𝑎𝑚𝑝𝑙𝑒 𝑚𝑎𝑠𝑠 × 𝑠𝑐𝑎𝑛𝑛𝑖𝑛𝑔 𝑟𝑎𝑡𝑒
 

[𝑒𝑥𝑐𝑒𝑠𝑠 𝑐𝑝] = 1 
𝑚𝑊 − 𝑚𝑊

𝑚𝑔 × 
𝐾
𝑠

=  1
𝑊𝑠

𝑔 × 𝐾
= 1 

𝐽

𝑔𝐾
 

(1) 

The excess cp thus represents only the changes in specific heat capacity that are caused by a reaction 

inside the sample. Integration of the excess cp peak versus temperature (bounded by the zero level) 

determines the specific precipitation heat, or more generally, the enthalpy changes caused by the occurring 

phase transformation. 

Zero-level accuracy 

In terms of the intended evaluation of solid-solid phase transitions, the zero level of the considered DSC 

measurement is of outstanding importance, particularly when the enthalpy changes are to be determined 

quantitatively. The measured signal of excess cp can still be curved, and may particularly deviate from zero 

in temperature regions in which no reactions are occurring (the excess cp should be zero here). This zero-

level curvature can have multiple reasons. To ensure a reliable and straight signal close to zero level, only 

adequately calibrated calorimeters should be used (for calibration details, see [114, 120]). It is also 

reasonable to check each DSC run and its corresponding baseline measurement using the following quality 

attributes: (i) the heat flow difference between the high- and low-temperature isothermal section (Figure 

7A); and (ii) the heat flow difference between the heat flow values of the sample and baseline 

measurements of the high-temperature isothermal section (Figure 7B). The acceptable values of the heat 

flow difference depend on both the specific device and their continuity with time; for instance, the heat flow 

difference between the isothermal sections at high and low temperatures depends mostly on the symmetry 

and adjustment of the device. More important than the absolute values of these differences is the 

 

Figure 7: Quality attributes of DSC raw data. A & B show the same raw data, measured by cooling an AlCuMg alloy with 
0.3 K/s in a PerkinElrmer Pyris 1 DSC. (A) Overshoot artefacts and the quality attribute of the heat flow difference 
between the high- and low-temperature isotherm, are highlighted; (B) the quality attribute of heat flow difference 
between sample and baseline measurements in the isothermal section at high-temperatures is highlighted. 
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reproducibility. An unfavourable value may be acceptable as long as it is constant with time [83], but for 

highest accuracy, the values of heat flow differences should be small, i.e. in case (i) within the range of few 

tenths of mW, and in case (ii) within the range of a few mW for the PerkinElmer power-compensated 

differential scanning calorimeter. 

To obtain good zero-level accuracy, it is important to ensure that symmetry is maintained within the 

experimental setup. This includes sample and reference heat capacities [118, 119], crucible or pan 

masses/heat capacities, and of course sample positioning and potentially sensor cover placement [121]. 

In any case, the sample must be packed properly, for instance using high-purity aluminium pans. If this 

aspect is disregarded, an incorrect measurement might result (see Figure 8). The reason for this is that the 

colour of the sample surface, which influences the heat exchange by radiation between sample and furnace, 

needs to be kept constant [BM1]. A purge with inert gas is also required to prevent oxidation and keep heat 

transfer conditions constant. Nitrogen gas is therefore preferable to helium, as nitrogen purging results in 

the best baseline stability of the DSC instrument. Helium may be suitable for increasing the achievable 

cooling rates [78]. 

For each individual sample measurement, a corresponding baseline measurement needs to be performed 

[BM1, 75, 114], and this measurement should be made promptly. This is particularly true for power-

compensated devices, as their baseline behaviour drifts more strongly with time [122] than that of heat flow 

calorimeters. 

In terms of statistical validation, a sufficient number of experiments is required, and the exact number 

depends on the sample and the considered effect. Of course, the number of experiments is always a 

compromise between statistical validation and time effort, and this especially holds for slow, long-lasting 

measurements. For these, two to four experiments and one or two baseline runs are typically done, while 

for the faster experiments at least six samples and three baselines are generally measured. 

Even if all of the abovementioned aspects are ensured, the zero level of the resulting specific excess heat 

capacity may still show a slight curvature, and this is slightly different for each experiment [75]. This may 

be caused by slight differences in the sample position for each individual measurement, for instance [121]. 

Figure 8: Effects of inadequate or adequate sample packing in a CALVET-type heat flux differential scanning calorimeter 
under otherwise very similar experimental conditions: (A) heat flow of sample (HFS) and baseline (HFBL) measurements 
without sample packing showing substantially different heat flow in regions without phase transformations; (B) if the 
samples are packed properly HFS and HFBL are very similar in reaction-free temperature regions, i.e. subtracting HFBL 
from HFS results in a nearly straight zero-level. 
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Thus, the raw DSC data must undergo a sophisticated data treatment prior to evaluation, including baseline 

subtraction in each case, and possibly also the elimination of the remaining zero-level curvature [BM5] or 

a mean value curve calculation [118, 119, 123]. If efforts are made to ensure the best zero level quality, a 

result that is straight and close to zero can be achieved. In heating experiments, this allows us to judge 

whether exo- or endothermic reactions predominate at a certain temperature or time [75, BM5]. In addition, 

the zero level can act as an integration reference for enthalpy calculations [75, BM1, BM5]. 

Large dynamic range 

A large dynamic range (of time or heating/cooling rates) allows us to comprehensively analyse the kinetic 

development of single reactions. Any relevant solid-solid phase transition is related to diffusion, and as 

described above, diffusion is dependent on logarithmic time scales, implying the need for a large dynamic 

range. However, this need for a large dynamic range can be considered from two perspectives: 

(i) the specific physical and alloy requirements and (ii) metrological aspects. 

Specific physical requirements for the alloy over the considered dynamic range 

To enable a full physical understanding of solid-solid phase transformations, the required high dynamic 

range is bounded on the one hand by very slow transformations close to equilibrium conditions, and on the 

other hand by relatively fast cooling beyond the critical cooling rates of the relevant transitions. For instance, 

for aluminium alloys, the adjustment of maximum strength values requires the complete suppression of any 

precipitation reaction upon cooling from solution annealing. The slowest cooling rate that just retains all 

alloying elements in solid solution is the UCCR [BM2]. For highly alloyed Al-Zn-Mg-Cu wrought alloys or 

Al-Si-Mg cast alloys, the UCCR can easily reach several hundreds of K/s [BM9, 124, 125]. The lower critical 

cooling rate defines the fastest cooling rate at which all the alloying elements (compared to the equilibrium 

solubility) precipitate during cooling from solution annealing, yielding enthalpy changes on a saturation 

level. For an Al-0.72Si alloy, this lower critical cooling rate is about 3x10-5 K/s [BM4, 126]. To identify both 

critical cooling rates, they must be experimentally exceeded by at least one order of magnitude in terms of 

both slower and faster cooling, which requires a dynamic range of about 10-5 K/s to 103 K/s. This wide 

dynamic range is now available, even for cooling, in scanning calorimetry using multiple devices. 

Aside from the determination of the critical cooling rates, a further 

aspect can only be understood if almost the full range of cooling 

rates is considered. As discussed later, it has been shown that for 

any age-hardening alloy, quench-induced precipitation during slow 

cooling predominantly occurs at alloy-specific high temperatures 

(compare e.g. [BM1, BM4, BM3]). At faster rates, the high-

temperature reactions will be suppressed to a certain extent, and 

maybe even suppressed completely, and quench-induced 

precipitation will then probably take place via a medium- or low-

temperature reaction [BM3, BM7]. An example is shown in Figure 

9 for the pure binary alloy Al0.72Si. At a “high” cooling rate of 0.1 

K/s (which may be a relatively slow cooling rate for higher 

Figure 9: DSC cooling curves of a pure 
binary Al-Si alloy covering a wide range 
of cooling rates. It can be seen that 
exothermic precipitation reactions at 
higher temperatures are only detected 
at slower cooling rates. Original data 
from [BM4]. 
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concentrated alloys), quench-induced precipitation only occurs in a “low-temperature reaction” (≈400–

300°C). In contrast, during slow cooling at 0.001 K/s, the vast majority of quench-induced precipitation 

occurs at high temperatures (≈470–350°C). At medium rates, both types of reactions overlap. 

Thus, if only the faster rates are considered in the analysis of quench-induced precipitation, the high-

temperature reactions may be disregarded [BM1]. By inversion of the above argument, it can be seen that 

all relevant precipitation reactions can be detected only if the full range of physically relevant cooling rates 

is analysed. 

Metrological aspects of a large dynamic range 

Obtaining a large dynamic range is a much bigger challenge in cooling experiments than in heating 

experiments. Each DSC device has its own spectrum of heating/cooling rates, which also depends on the 

particular setup of the device (see Ref. [83] for more details). The scanning rate spectrum is typically 

analysed by measuring a performance diagram (see the example in Figure 10). It can be seen that during 

heating, a scanning rate of 5 K/s is reached after a short period, and can be controlled over nearly the entire 

temperature range, which was 0 to 600 °C in this case. However, during cooling, control over the scanning 

rate is lost at a certain temperature, and this takes place earlier at increasing cooling rates. The loss of 

cooling control is accompanied by the loss of an evaluable DSC signal, which is typically more severe for 

power-compensated calorimeters. In the example given in Figure 10, the critical temperature during cooling 

at 5 K/s is about 350°C. This is clearly a limiting factor, since relevant reactions might occur at lower 

temperatures, and these cannot be therefore analysed with this particular DSC device at this cooling rate. 

To obtain a dynamic range that covers cooling rates of several orders of magnitude and also allows us to 

analyse the full temperature range, it is essential to combine several types of DSC device [83]. In this work, 

a total of five different DSC devices were used: two relatively slow CALVET-type heat-flux differential 

scanning calorimeters, a disc-sensor type heat-flux differential scanning calorimeter, a power-compensated 

differential scanning calorimeter and a chip-sensor-based differential fast scanning calorimeter (DFSC, 

[127]). These devices and their ranges of scanning rates can be seen in Figure 11A. As is obvious from 

Figure 10: Typical performance diagram of a PerkinElmer Pyris diamond DSC. 
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Figure 11B, the large variation in cooling rates also causes a strong variation in the sample mass. Large 

sample masses are crucial for slow scans, since the heat flow signal is proportional to the scanning rate 

and sample mass. This means that if the scanning rate is very small, the signal can only become strong 

enough for detection if the sample mass is large. On the other side of the spectrum, small sample masses 

are essential to allow for fast cooling [127]. The cooling rate range can be extended in either direction 

(slower and faster cooling) by indirect measurements [BM4, BM9]. The basic concept of these extending 

experiments is the same in either direction, and will be explained in Section 3.1.1. 

Figure 11: (A) Scanning rate ranges of different DSC devices and the quenching dilatometer; (B) related sample dimensions 
and masses (in the case of Al samples). In order to make the broad dynamic range easier knowable the cooling rate axis 
is complemented by the durations of cooling, which are needed to cover the temperature range of 540 to 20°C (typical for 
the age-hardening of Al alloys). 
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Another aspect is that in general, if cooling becomes faster, precipitation is increasingly suppressed, and 

the amount of heat released decreases with increasing cooling rate when approaching the UCCR. This is 

because precipitation reactions are diffusion-controlled, and diffusion is increasingly suppressed if the time 

available shortens. One very important aim of these studies from a technological point of view is the 

detection of the UCCR at which precipitation during cooling is completely suppressed, i.e. at which all 

alloying elements dissolved during solution annealing remain in a supersaturated solid solution. The UCCR 

is very relevant in technological applications, and it is shown below that the maximum age-hardening 

potential can be exploited only if the alloy is cooled at the UCCR or faster. However, faster cooling may 

result in undesired residual stresses and distortion of age-hardened aluminium components [38, 41–43, 

105, 128–130]. Although this is of lower importance for extrusions or rolled products, which are stretched 

after quenching, residual stresses and distortion are very important for complex cross-section extrusions 

and net-shaped cast and forged products. 

In the DSC analysis, the measure of the fraction of precipitates is the specific precipitation heat (or enthalpy) 

released by the precipitation. On reaching the UCCR, the enthalpy change by precipitation is obviously 

zero. This leads to a metrological problem: in a range of cooling rates close to the UCCR, we need to 

determine whether no precipitation heat is detectable in the measured curves. Thus, the challenge is to 

decide when a precipitation signal is above the device-specific noise level.  

An objective criterion is therefore needed. The detection limit was defined in Ref. [BM1] in the following 

way:  

 The reaction is detectable in at least three repeated experiments;

 The reaction is also detectable at the next slower cooling rate;

 The specific precipitation heat is at least 0.1 J/g; and

 Peak temperatures are in the same region as for the next slower rate.

The detection limit of 0.1 J/g for instance in the Al-Mg-Si system corresponds to a Mg2Si precipitation 

volume fraction of about 0.01 % [117]. For comparison, the maximum precipitation heat measured by DSC 

of 6005A alloys amounts to 12 J/g, and the related β-Mg2Si precipitate volume fraction amounts to 1.15 %. 

For correct curve interpretation, evaluation must be done from the slowest to faster cooling. Other features 

of DSC cooling experiments can be found in Refs. [83, 84]. 

The required wide range of cooling rates is accompanied by another metrological challenge, in that the 

dimensions of the quench-induced precipitates vary substantially within the cooling rate range. This aspect 

is illustrated in Figure 12. It can be seen that the dimensions of quench-induced precipitates vary between 

several tens of µm down to thicknesses of a few atomic layers (≈ nm), i.e. the dimensions vary by a factor 

of >10,000. Comprehensive imaging of quench-induced precipitates over the entire relevant dynamic range 

(of cooling rates and duration) requires the application of three different types of microscopy: optical 

microscopy (OM), scanning electron microscopy (SEM) and transmission electron microscopy (TEM). Of 

course, the application of additional analytical methods can provide further detailed information on quench-

induced precipitation, and these will be briefly introduced in Section 2.4 



2.3 Construction scheme for continuous cooling precipitation diagrams 21 

Figure 12: Dimensions of quench-induced precipitation illustrated by micrographs from optical, scanning electron and 
transmission electron microscopy from an AlMgSi and an AlZnMgCu alloy. 

2.3 Construction scheme for continuous cooling 

precipitation diagrams 

A substantial compression of the information generated for quench-induced precipitation is plotted in 

continuous cooling precipitation (CCP) diagrams, which correspond to the well-established continuous 

cooling transformation (CCT) diagrams for steels. CCP diagrams allow us to choose suitable heat treatment 

parameters for a certain alloy in the heat treatment shop, and thus allow for the practical application of the 

findings on the quench sensitivity of Al alloys. Furthermore, they are important input data for heat treatment 

simulations. 

Since a CCP diagram involves the kinetic behaviour of precipitation during cooling from solution treatment, 

the time-temperature profiles of the varied linear (i.e. constant) cooling rates form the basis of the diagram. 

These are plotted on a temperature-time diagram with logarithmic scaling of the time axis. To allow 

construction of a CCP diagram for a specific alloy, three distinct aspects of quench-induced precipitation 

need to be analysed for each specific alloy using different experimental methods, as schematically 

illustrated in Figure 13. 

In the first step, the temperature and times at which a distinct precipitation reaction starts and finishes need 

to be determined. This can be measured by DSC: the onset or end temperature of the reaction can be read 

directly from the DSC curves, and the associated time values are derived from the cooling rates applied. 
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The obtained values for the onset or end temperatures and times of the reaction are inserted into the related 

cooling rates. In this way, the single values for any relevant cooling rate can be graphically connected by 

splines, to illustrate the regions of the specific precipitation reactions. In the second step, the intensity of 

the distinct precipitation reactions (or at least the total overall precipitation) at this cooling rate needs to be 

determined. This relates to the amount of the fraction transformed, i.e. the atomic or volume fraction of 

precipitation. Although this question might be hard to answer in detail, the specific precipitation enthalpy 

measured by DSC at least gives a value that is directly proportional to the fractions transformed. In the third 

and final step, the nature of the micro- and nano-structural changes related to the different DSC peaks 

needs to be determined, i.e. we need to determine which phases are precipitating. This involves several 

additional scientific aspects, for instance the chemical composition, crystal structure, particle morphology, 

active nucleation mechanism, particle size distributions and particle densities depending on the cooling 

rate. In some cases, several of these aspects cannot be revealed with high accuracy; however, any 

information generated in this respect helps to complete the CCP diagrams.  

Figure 13: Scheme of the different analyses required for construction of a complete continuous cooling precipitation 
diagram, illustrated here for alloy 7150. 
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2.4 Methods and systematics for complementary micro- 

and nano-structure analysis 

As described above, a comprehensive understanding of the microstructural changes in the alloys caused 

by cooling is crucial. As shown in Figure 12, the dimensions of quench-induced precipitates vary 

substantially and cover about five orders of magnitude. Thus, the use of a range of microscopes is required 

for imaging of the relevant precipitates. Coarse quench-induced precipitates originating from high 

temperatures and slow cooling rates can be imaged by OM [113, 117, 131]. OM images also allow us to 

evaluate the volume fractions of coarse quench-induced precipitation [117, 131, 132, BM6, BM7]. SEM 

(e.g. [133]) allows imaging of coarser quench-induced precipitates. Imaging is typically done with either 

secondary electrons (SEs) or backscattered electrons (BSEs), the latter of which give better contrast for 

different atom masses. Analytical techniques integrated into SEM allow further valuable information to be 

acquired; for example, energy-dispersive X-ray spectroscopy (EDS) enables the determination of the 

chemical composition of precipitates [113, 131], while electron backscatter diffraction (EBSD) can reveal 

the crystal structure of coarse precipitates [131]. EDS always involves a compromise between spatial 

resolution and element-specific stimulation. A sufficient acceleration voltage is required for the EDS 

detection of alloying elements with heavier atomic masses; for example, the EDS detection of Zn typically 

requires an acceleration voltage of 25 kV [113]. However, this enlarges the interaction volume, and may 

make it larger than the particle of interest. Thus, in most cases, it is rarely possible to obtain EDS signals 

solely from the precipitate, and part of the stimulated and measured X-rays generally originates from the 

matrix [131]. 

The presence of crystal structures with volume fractions of above ≈1 % and large precipitates can be 

detected by common X-ray diffraction (XRD) [113, 131]. Hence, this technique is again limited to relatively 

slow cooling rates, which produce corresponding volume fractions and particle dimensions of the phase of 

interest. In addition, the wide and small-angle X-ray scattering techniques briefly discussed above can 

generate information on quench-induced precipitation [103–105, 112].  

Imaging of precipitates of dimensions below about 1 µm is commonly done by TEM (e.g. [134]) [113, 135, 

BM2, BM6–BM8]. In this work, bright-field TEM images and high angle annular dark field (HAADF) images 

from (scanning) TEM are used. In TEM, additional analysis with EDS allows conclusions to be drawn on 

the elemental composition of certain relevant particles, down to precipitate structures composed of just a 

few layers of atoms [BM8]. The chemical analysis of the latter can potentially be supplemented or even 

improved by the application of electron energy loss spectroscopy (EELS) [BM8]. When using TEM, 

information on local crystal structures can be generated by selected area electron diffraction (SAED) or 

nanobeam diffraction (NBD). 

To improve the meaningfulness of the structure analysis, it is helpful to investigate samples using 

systematically varied heat treatments. Two major heat treatment routes were therefore examined (see 

Figure 14). Firstly, the development of quench-induced precipitation during linear cooling with varying rates 

down to room temperature is analysed. The formation of quench-induced precipitates at a certain cooling 

rate is also analysed via cooling to a specific temperature followed by rapid overcritical quenching, which 

allows us to match certain quench-induced phases to specific peaks found in the DSC curves.  
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Figure 14: Schematic presentation of heat treatments applied to alloys in this work (introduced in [BM2]): (A) variation in 
cooling rate; (B) interrupted cooling. 
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several cases, the latter two diagrams are combined into one plot with two ordinate axes. To allow 

interpretation and comparison with the timescale of CCP diagrams, the cooling rate axis is scaled in 

descending logarithmic order, i.e. proportional to the duration of cooling. 

As the most compressed illustration of information on quench-induced precipitation in Al alloys, CCP 

diagrams describe the precipitation behaviour of aluminium alloys during continuous cooling from solution 

annealing, as a function of temperature and time. Since a very broad time (cooling rate) range is physically 

and technologically relevant, the time axis is scaled logarithmically. We define the time axis as ranging from 

0.1 s to 1,000,000 s in each case, while the plotted temperature range is fixed at 550 °C to 0 °C. This allows 

us to cover the relevant time and temperature scales for most alloys.  

CCP diagrams can only be read along the continuous cooling curves, and isothermal readings are not 

possible from these diagrams. Moreover, CCP diagrams are only valid for the particular alloy composition 

investigated and the specific solution treatment applied, which both have a great impact on the quench 

sensitivity of the alloy. The solution treatment and the mass fractions of alloying elements are therefore 

given at the top of each diagram. This also holds for the initial microstructure, i.e. the grain size or secondary 

dendrite arm or cell spacing. The reader should be aware that different batches with similar chemical 

composition may therefore still behave differently. 

The start and finish temperatures of precipitation, depending on quenching rate, are shown by bold lines. 

In almost all cases, several precipitation reactions occur sequentially during cooling and there is often some 

overlap. The onset of precipitation in the first reaction and the end of precipitation in the last reaction can 

be determined exactly, and are shown in continuous black lines. Overlapping reactions are hard to separate 

by DSC, and intermediate start and finish precipitation temperatures have been estimated using the 

procedure outlined in Ref. [115, BM6] and are shown in continuous grey lines. In some cases, precipitation 

start and finish temperatures have been extrapolated for readability by dashed black lines. 

To provide information about precipitation intensity, the total cooling rate specific precipitation enthalpy 

∆htotal is plotted below certain cooling paths in rectangles. The specific precipitation enthalpy is proportional 

to the volume fraction of precipitates formed during cooling. The Vickers hardness HV1 (HV5 for some 7xxx 

alloys) after cooling and additional ageing is shown by ovals. The precipitation enthalpy is high for slow 

cooling, whereas hardness after ageing is high for rapid quenching. Strong precipitation during cooling 

causes a loss of availability of alloying elements for subsequent ageing.  

The slowest cooling rate at which a certain precipitation reaction is completely suppressed during cooling 

is defined as the UCCR. These values are provided in the lower left-hand corner of the diagrams. In cases 

where (in situ) DSC measurements were not possible up to cooling rates above the UCCR, the latter is 

estimated based on the hardness results. 

An example of a CCP diagram in the format described above is shown in Figure 15. In Ref. [138], we 

published CCP diagrams in this format for 11 Al wrought alloys and one Al cast alloy. A range of additional 

CCP diagrams is found in the appendix of this publication. 
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Figure 15: Continuous cooling precipitation diagram of 6063, as published in Ref. [138]. 
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3 Solid-solid phase transformations in Al alloys 

over a wide dynamic range 

This chapter provides assessments of the kinetics of solid-solid phase transformation, and particularly the 

kinetics of quench-induced precipitation for two AlSi binary wrought alloys, two high purity AlMgSi ternary 

wrought alloys, and a range of 20 wrought alloys from the heat treatable alloy systems AlMgSi (eight 

variants), AlZnMg(Cu) (10 variants) and AlCuMg (two variants). Some of the aforementioned alloys are 

laboratory alloys, and some were produced commercially; however, all contain amounts of trace elements 

and impurities typical of commercial production. Three AlSiMg cast alloys are also considered. Table 4 in 

the Appendix gives alloy compositions and some details of their original processing. 

3.1 Heating to solution treatment and isothermal soaking 

3.1.1 Capabilities and limitations of DSC heating curve analysis 

and interpretation 

The vast majority of published DSC work on Al alloys involves heating experiments. This is likely to be due 

to the fact that DSC was originally intended for use during heating, and DSC heating experiments are easier 

in terms of scanning rate control (see Figure 10). However, the interpretation of heating DSC curves for 

age-hardening Al alloys is complicated by severely overlapping endo- and exothermic reactions i.e. 

dissolution and precipitation reactions [BM5]. Unfortunately, the superposition of different reactions is rarely 

verifiable and thus is too often disregarded. As will be shown later, the consideration of DSC heating curves 

over a wide range of heating rates can help to identify superposition issues. In DSC heating experiments, 

it is reasonable to choose the maximum temperature to be as high as possible while keeping the sample 

in the solid state and avoiding incipient melting. This is because the dissolution of the major alloying 

elements is typically of particular interest for heating experiments. Since the heating rate specific solvus 

temperature rises with increasing heating rate, high maximum temperatures are preferable. A quantitative 

analysis of the total enthalpy changes during heating can only be carried out if the heating rate specific 

solvus temperature is exceeded (see below).  
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Why are overlapping microstructural reactions a problem in the interpretation of the DSC heating curve? 

DSC detects (only) the sum of any heat that is released or consumed by the reactions inside the sample. 

In a theoretical case, a precipitation and a dissolution reaction with equal quantities of enthalpy but opposite 

algebraic signs may occur, and in this case, the resulting DSC signal would be zero. Thus, a heat flow 

signal of zero during heating does not necessarily mean that no reactions are taking place. In addition, the 

peak temperature of a certain heating DSC peak is not necessarily equal to the intensity maximum of the 

related microstructural reaction [BM5]. The above-discussed aspects imply that kinetic evaluation methods 

that focus on single heating DSC peaks, for instance the Kissinger method [139], are problematic for the 

precipitation hardening of Al alloys. The issue of superimposed reactions can be exemplified by Figure 16, 

which plots DSC heating curves of 6082III in the initial state T651. During slow heating with 0.01 K/s, there 

are two smaller dissolution peaks B and F at about 200 °C and 330 °C, respectively. In addition to the fact 

that the peaks shift towards higher temperatures at higher heating rates, the peak areas also substantially 

increase. It is very unlikely that a diffusion-controlled dissolution reaction increases its transformed fraction 

if the time available for that reaction is substantially shortened. The phenomenon of increasing peak area 

can only be explained by a significant variation in the superposition of different reactions. This may be 

caused by a more severe suppression of the overlapping exothermic precipitation reaction.  

Similar cases with increasing areas of the dissolution peaks at higher heating rates can be found in multiple 

cases of different age-hardening Al alloys and different initial heat treatment states [BM5, 123, 136, 140]. 

One likely reason for the more severe suppression of precipitation compared to dissolution is the different 

diffusion distances of these reactions. This can be 

seen in Figure 17, which schematically shows the 

development of these reactions over time in similarly 

large microstructure areas. In Figure 17A, showing 

precipitation from a homogeneously distributed solid 

solution, the alloying element atoms have to diffuse 

a certain distance in order to consolidate with one 

precipitate particle, forming its own crystal structure. 

This effectively causes the exothermic heat effect of 

precipitation. In Figure 17B, the dissolution of an 

existing precipitate only requires the crystal structure 

of the precipitate to be dissolved in order to provoke 

the endothermic heat effect. This dissolution of the 

previously existing precipitate structure requires the 

alloying elements to diffuse over a much shorter 

distance; this requires a shorter duration to complete 

the reaction. Thus, if the time available for the 

reaction is shortened and we assume that both the 

dissolution and precipitation of similar phases 

proceed at very similar or equal diffusion rates, it 

must be concluded that the kinetic suppression of 

both types of reactions is similar. However, since the 

diffusion distances are different, a similar shortening 

 

Figure 16: Heating DSC curves of  6082III in initial state 
T651 [BM10]. 
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of the reaction time causes a more severe 

suppression of the precipitation reactions. As a side 

effect, due to the increased heating or cooling rates 

(and hence a shortened diffusion time), precipitates 

tend to become smaller, and this also arises from the 

reduced diffusion pathways. However, dissolution 

reactions are also increasingly suppressed with 

rising heating rates. 

It should be stated that new methods need to be 

developed in the future to evaluate the kinetic data 

from DSC heating curves. All of the existing methods 

are based on the assumption that the transformed 

fraction of alloying elements is independent of the 

varying heating rates [75, 141, 142]. This basic 

assumption obviously does not hold, and this is 

particularly the case for heating rate variations over 

a wide dynamic range. This leads to the need for developing new methods in the future for the evaluation 

of kinetic parameters, a problem which could be solved by kinetic modelling. Some available models even 

use a combination of both precipitation and dissolution to model the whole DSC heating curve from room 

temperature up to the solvus temperature (e.g. [143–147]). In the future, these models will need to 

implement the kinetic suppression of diffusion-controlled reactions. 

Despite the abovementioned issues with the analysis of DSC heating curves, there are some aspects that 

can still be derived from DSC heating curves, such as the following: 

 The course of the DSC heating curve strongly depends on the initial state of the sample and the 

heating rate, e.g. Ref. [75, 123, 136, 148–151, BM4, BM5]. The differences from the initial state 

are therefore mostly relevant at temperatures below about 300 °C (see Figure 18, which shows 

heating DSC curves for three AlMgSi alloys in different initial heat treatment states). Above 300 °C, 

the differences between the DSC curves resulting from different initial precipitation states are 

mostly equalised, and thus the heating DSC curves are very similar at high temperatures. 

 

Figure 17: Schemes for (A) a precipitation process from a 
homogeneously distributed solid solution covering time 
steps t1 to t2; (B) dissolution of a precipitate covering the 
time steps t3 to t4, t4−t3 < t2−t1. 

 

Figure 18:  DSC heating at 0.1 K/s for the alloys (a) 6005A; (b) 6016; and (c) 6181 with the initial conditions T4 and T6, and 
in case of 6005A overaged (solution treated, over-critically quenched and aged at 200 °C for 10 h) [BM5]. 
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 If the maximum temperature of the heating program is chosen to be high enough, and if the alloy 

happens to allow the complete dissolution of the major alloying elements, the heating rate-

dependent solvus temperature can be determined by heating DSC. In Figure 18, this characteristic 

temperature relates to the end of peak H, where the DSC signal finally drops back towards zero. 

This aspect has high technological relevance, as determination of the solvus temperature allows 

us to choose a proper solution treatment temperature. Choosing a solution temperature well above 

the solvus is crucial in cases where a short soaking is necessarily related to the technological 

process, for instance in continuous annealing processes during sheet production [BM10].  

 If the abovementioned condition is fulfilled and the DSC heating curves exceed the scanning-rate-

specific solvus temperature, the total integral of the DSC heating curve ∫ 𝑒𝑥𝑐𝑒𝑠𝑠 𝑐𝑝 (𝑇)
𝑇𝑚𝑎𝑥

𝑇𝑚𝑖𝑛
 gives 

the enthalpy level Δh of the initial state. This enthalpy level is an indicator of the thermal and kinetic 

stability of the initial state. That is, a more stable precipitation state has a larger enthalpy level 

(6005A: ΔhT4 = 6 J/g < ΔhT6 = 10 J/g < Δhoa = 12 J/g, see Figure 19, [BM5]). In the case of a soft 

annealed 6005A (Figure 19E), the precondition for complete dissolution during heating to Tmax does 

not hold. The determination of the enthalpy level of the initial state can be useful in two different 

ways: firstly, the heat treatment state of an unknown delivery condition of an alloy can be estimated; 

and secondly, the determination of the enthalpy level by a reheating experiment allows us to 

determine the enthalpy changes caused by preceding heat treatments, which is very valuable in 

order to extend the DSC scanning rate range by indirect experiments, for instance.  

 

Figure 19: (A) Enthalpy change of 6005A T4 during heating to 580 °C; (B)–(E) enthalpy levels of 6005A for initial conditions 
T4 and T6, over-aged and soft annealed, respectively, covering the heating rate range 0.01 to 5 K/s [BM5]. 
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3.1.2 Achieving a complete solid solution 

Producing a complete solid solution in terms of the dissolution of the major alloying elements of wrought Al 

alloys has major importance in terms of utilising the full age-hardening potential. In addition, incomplete 

dissolution will increase the quench sensitivity of an alloy [BM10]. This is because quench-induced 

precipitation is accelerated by the higher number of available nucleation sites that are present in the form 

of undissolved secondary phase particles (of the same or a highly similar phase, which precipitates during 

cooling). More precisely, if undissolved particles remain, nucleation is not necessary and instantaneous 

growth can take place. In such cases, the hardness after ageing (the age-hardening potential) can be 

substantially reduced [BM10]. 

DSC analysis can help to identify proper solution treatment parameters. In the first instance, the solvus 

temperature can be estimated from DSC heating experiments, as discussed above. In this case, the 

solution temperature is ideally chosen to be a few tens of K above the solvus temperature. If the overheating 

above the solvus must be kept small, or if very coarse precipitates are to be dissolved, and if the 

homogeneity of the elemental distribution is also a consideration, a particular soaking duration is required 

at the solution temperature. In Ref. [152], we showed that the heat-flow development during isothermal 

soaking in a differential scanning calorimeter at the solution treatment temperature can be used to estimate 

the duration of the dissolution processes. Based on this, suitable solution treatment parameters can be 

derived. 

3.1.3 Extending the scanning rate by reheating experiments 

The determination of the enthalpy level of any initial state can be utilised in indirect DSC reheating 

experiments. The basic idea is to perform systematic variations of the initial state via defined heat 

treatments and the subsequent determination of the enthalpy level by a DSC reheating experiment [BM9, 

BM4, 124]. One prerequisite for this approach is that the alloy allows the formation of a complete solution 

at the solution treatment temperature. The complete solid solution is an equilibrium state, and its enthalpy 

level h0 can be defined as zero. A second prerequisite is that this equilibrium enthalpy state h0=0 must be 

reached again during reheating. 

Figure 20 schematically illustrates some potential applications of this basic idea. In Figure 20A, an enthalpy 

change Δhsc due to quench-induced precipitation during slow cooling is assumed. Since the reheating step 

ends in an enthalpy state h0=0, the same magnitude of enthalpy change (with an opposite algebraic sign 

compared to cooling) must be exchanged during reheating. Reheating can therefore reveal the enthalpy 

change caused by precipitation during slow cooling. Reheating experiments after variations of the “slow” 

cooling rate thus allow for the determination of precipitation enthalpy as a function of the cooling rate [BM4, 

124]. Since “slow” cooling in this case refers to the capability of the calorimeter used, reheating can be 

applied to extend the cooling rate range in both directions, i.e. both slower and faster experiments. In both 

cases, quantitative statements of the enthalpy changes are possible [BM4, BM9]. We performed slow 

cooling in a controlled air furnace with rates down to 3x10-5 K/s, corresponding to a cooling duration (540 to 

20 °C) of more than half a year [126]. On the other side of the spectrum, using the chip-sensor based 

DFSC, “slow” cooling may be as fast as several hundreds of K/s [BM9, 124]. These DFSC devices 
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commonly require scanning rates above 1,000 K/s to obtain a sufficient signal to noise ratio [127]. Thus, 

reheating in a DFSC is typically carried out at rates above 1,000 K/s [124, 153, BM9]. The reheating 

approach can be extended to a temperature-dependent determination of the precipitation enthalpy by 

interrupting the precipitation process during “slow” cooling at a certain temperature T i  (see Figure 20C) 

[BM9].  

Another form of this idea involves the systematic variation of a particular heat treatment, for instance an 

ageing treatment, prior to reheating (see Figure 20B). If cooling from solution treatment is carried out faster 

than the UCCR, the subsequent reheating step will give a total enthalpy change of zero [BM4, 124] (see 

Figure 20D). This fact can be utilised as a baseline correction for the preceding reheating experiment [BM9, 

124]. Based on this idea, the differential reheating method (DRM) was introduced in Refs. [124, 153], an 

approach that allows the application of chip-sensor-based DFSC for the analysis of the kinetics of quench-

induced precipitation in Al alloys. In particular, the specific precipitation enthalpy can be obtained as a 

function of the cooling rate, allowing us to determine the UCCR of the alloy. In Ref. [BM9], the DRM was 

developed further towards the obtainment of the specific enthalpy changes depending on the temperature. 

The latter allowed assessment of the start and end temperatures of certain precipitation reactions, which 

helps in completing the CCP diagrams for highly concentrated alloys with high UCCRs [BM9]. 

The above considerations lead to the postulation of two critical heating rates for the dissolution of a specific 

initial heat treatment state, as illustrated in Figure 21. The first of these is the lower critical heating rate 

(LCHR), and the second is the upper critical heating rate (UCHR). The LCHR is postulated to be the fastest 

 

Figure 20: Schematic development of the enthalpy level Δh for different temperature-time profiles with final reheating (RH). 
(A) Slow cooling (sc) from solution treatment to room temperature; (B) slow cooling from solution treatment to a certain 
temperature and interruption by overcritical cooling; (C) arbitrary types of aging after overcritical cooling from solution 
treatment; and (D) overcritical cooling (oc) from solution treatment. 
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heating rate at which the particular initial state can be dissolved completely during heating to a certain 

maximum temperature Tmax (which must be above the solvus temperature of the alloy). A potential further 

increase in this temperature in the solid state will reduce the LCHR. If heating is carried out to Tmax at a rate 

slower than the LCHR, a complete solid solution will be obtained during heating. The LCHR therefore has 

high technological importance. For a soft annealed state of 6005A, we found indications that the LCHR is 

on the order of 0.01 K/s, although there is no extensive experimental proof of this. The UCHR is theoretically 

defined as a fast heating rate at which diffusion is prevented completely and no dissolution takes place. 

Currently, for the soft annealed 6005A, a UCHR can only be estimated as about 10 to 20 K/s (compare 

Figure 19E with Figure 21). 

 

Figure 21: Schematic development of the enthalpy levels 
of three different heat treatment states in a medium-
strength AlMgSi alloy obtainable by reheating to a certain 
maximum temperature. Values are based on those of 
6005A in [BM5]. The shaded area signifies the heating rate 
range covered by DSC in Ref. [BM5]. 
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3.2 Quench-induced precipitation during cooling from 

solution treatment 

3.2.1 AlSi binary wrought alloys 

Figure 22A and B show direct cooling curves for alloys Al0.26Si and Al0.72Si, while Figure 22C displays 

DSC reheating curves for Al0.26Si after various extremely slow cooling rates were applied. The specific 

precipitation enthalpy values are given in Figure 24. 

From Figure 22A and B and Figure 24, it can be seen that even in lean pure binary Al-Si alloys, quench-

induced precipitation is separated into high-temperature (HTR) and low-temperature (LTR) reactions. For 

Al0.26Si, the HTR is detected only after extremely slow cooling at 3×10-5 K/s (seen as a two stage 

dissolution reaction during reheating in Figure 22C). The UCCR of Al0.72Si was found to be 1 K/s [126, 

BM4], while for Al0.26Si this is only 3×10-2 K/s [126]. 

Analysis using SEM and HR-TEM with EDS and SAED/NBD [126] showed that both reactions were caused 

by the precipitation of the same phase, i.e. the Si phase with diamond cubic crystal structure, but that the 

morphologies and dimensions were different: during HTRs, polygonal particles with a low aspect ratio grew 

(up to several tens of µm in diameter), while during LTRs, plate-like particles with a high aspect ratio were 

formed (up to several µm in length but only several hundreds of nm or less in thickness) [126, BM4].  

From Figure 22D, it can be seen that the precipitation enthalpy obtained directly from in situ cooling DSC 

and the values from indirect DSC measurements fit together very well, thus providing additional 

confirmation of the validity of these approaches. In Ref. [BM4], it is demonstrated that the specific 

 

Figure 22: Direct cooling DSC curves of (A) Al0.26Si and (B) Al0.72Si in a  range of cooling rates from 1 to 10-3 K/s; (C) DSC 
reheating curves of Al0.26Si after cooling at rates down to 3x10-5 K/s. 
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precipitation enthalpy shown in Figure 24 is directly 

proportional to the volume fraction of quench-

induced Si precipitation. The continuous lines plotted 

in Figure 24 in addition to the measured data points 

are the results of a model (for details, see [BM4, 

126]). This model allows us to accurately calculate 

the volume fraction of quench-induced Si 

precipitation as well as the fraction of Si left in the 

solid solution for various temperatures and cooling 

rates.  

Figure 23 and Figure 25 display microstructural 

images depending on the cooling rate in Al0.72Si. 

Optical microscopy after very slow cooling with 

10-4 K/s (Figure 23) reveals polygonal-shaped Si particles. If cooling is carried out ten times faster, at 

10-3 K/s, the number of quench-induced particles is substantially increased (Figure 23B), while their particle 

size is reduced. From Figure 22D, it can be seen that the volume fraction of quench-induced precipitation 

is similar for these two very slow cooling rates. In Ref. [BM4, 126] we demonstrated that these polygonal-

shaped precipitates originate from the HTRs seen in cooling DSC. At a cooling rate of 10-2 K/s, quench-

induced particles are further reduced in size. A detailed analysis of the OM images reveals that next to the 

 

Figure 23: OM images of “quench-induced” precipitation in Al0.72Si after cooling at different rates. 

 

Figure 24:  Enthalpy development by quench-induced 
precipitation. Combination of directly (blue triangles) and 
indirectly (red circles) measured results. Predictions 
obtained from model in Ref. [BM4]. 
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polygonal-shaped particles, further plate-like particles (appearance: needle or rod-shaped) with distinct 

orientations appear (see also Figure 26). It has been proven that these plate-shaped particles originate 

from the LTRs [BM4, 126]. After cooling at 1 K/s, no quench-induced precipitates can be seen in OM. Figure 

25 demonstrates that the vast majority of quench-induced precipitates form inside the grains. In high-purity 

alloys such as this one, grains are generally coarse. The OM results are consistent with the DSC results in 

Figure 22, indicating that at 0.01 K/s, the HTR has already been suppressed to a great extent. However, at 

this cooling rate, and for even faster cooling at 0.1 K/s, TEM unambiguously shows that some precipitates 

form during the quench (see Figure 27 and Figure 28). 

In Figure 26, the individual particles that form in the HTR and LTR are compared using SEM. SEM-EDS 

and TEM-EDS reveal that both the needle-/plate-shaped and polygonal particle types are nearly pure Si. 

Selected area electron diffraction (SAED) in TEM additionally reveals that both particle types have the same 

diamond cubic lattice structure. Figure 27 shows a BF-STEM image of a quench-induced Si plate-shaped 

precipitate (formed during the LTR) after cooling at 0.1 K/s. Under this cooling condition, these Si plates 

have thicknesses of about 50 nm, with an edge length of 5–20 µm. Via TEM experiments employing sample 

rotation (see Figure 28), it was confirmed that particles such as those shown in Figure 26 (middle and right) 

and Figure 27 are indeed plate-shaped. 

At first impression, it may seem odd that pure binary AlSi shows two quench-induced precipitation reactions 

in which the same phase is formed. However, it has been reported earlier that Si particles in Al can 

precipitate either as equiaxed particles (here, polygonal particles) or as hexagonal plates [154, 155].  

During cooling, competing effects occur, as the increasing supersaturation with decreasing temperature 

leads to an increasing driving force for precipitation, while the precipitation itself depletes the matrix, leading 

 

Figure 25: OM images of Barkers-etched Al0.72Si samples after two different cooling rates, revealing that the vast majority 
of quench-induced precipitation occurs inside the grains. 

 

Figure 26: SEM-SE images of quench-induced precipitates in Al0.72Si after cooling at 0.01 K/s. Left: Polygonal particle 
originating from the HTR; middle and right: needle-/plate-shaped particles from the LTR [126]. 
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to a slowed reaction. In addition, the diffusion rate is steadily reduced as cooling progresses, and the lattice 

misfit between precipitate and matrix changes due to the differing thermal contraction of Al and Si. Indeed, 

the thermal expansion coefficient of Si is much lower than that of Al, with the difference being higher than 

most other light-alloy–precipitate combinations. These effects can combine to cause the same phase to 

form in two morphologies, as also shown for Ni-based superalloys, for instance [156–159]. 

During cooling of the binary AlSi alloys, high and low-temperature precipitation compete for the same 

alloying element (i.e. Si). If cooling is carried out very slowly, precipitation will primarily result in coarse, 

polygonal-shaped particles being formed during the HTR. As the majority of those particles are precipitated 

inside the grain, homogeneous nucleation can be expected, particularly since this is promoted by the 

vacancies that are expected to be present at higher temperatures [126]. If precipitation at high temperatures 

is suppressed to a certain extent, a fraction of the solved Si will be precipitated at lower temperatures. From 

the classical theory of nucleation and growth, it is known that the morphology of precipitates is dependent 

on the formation temperature [160]. At high temperatures, the phase transition is mainly inhibited by the 

formation of new interfaces. Since polygonal-shaped particles have a lower surface-to-volume ratio, 

precipitation of these particles is preferred at high temperatures [126]. At lower temperatures, the lattice 

distortion mainly inhibits the precipitation, and this is why high aspect ratio particles preferentially precipitate 

at lower temperatures [126].  

 

Figure 27: BF-STEM images of hexagonal Si plate in Al0.72Si after cooling at 0.1 K/s, zone axis [001]Al [126]. 

 

Figure 28: BF-STEM images of a thin plate formed from cooling at 0.1 K/s (pure Si, diamond cubic), standing out from the 
Al matrix in three different rotations: (A) −40°; (B) 0° (zone axis [001]Al); and (C) 40° [126]. 
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The nucleation mechanism of the low-temperature plate particle precipitation is not yet fully resolved. Figure 

26 (middle and right image) show that plate-shaped Si particles with a length of several µm have nucleated 

on an equiaxed particle of about 200 nm diameter. It therefore appears that at a cooling rate close to the 

critical cooling rate, some of the plate-shaped particles forming in the LTR can nucleate on fine Si particles 

formed in the HTR. However, this is only possible if there is a sufficient driving force for precipitation during 

the LTR in the vicinity of the equiaxed particle, i.e. if the HTR reaction is incomplete and leaves a substantial 

supersaturation of Si in the Al-rich phase near the small equiaxed particle. This explains why this type of 

nucleation of plate-shaped particles is only seen for cooling rates close to the critical cooling rate. 

The results obtained for quench-induced precipitation of the binary Al0.72Si alloy are summarised in the 

CCP diagram shown in Figure 29. As this binary Al-Si alloy is not an age-hardening alloy, no hardness 

values are shown. Instead, the measured mass fraction of Si remaining in (supersaturated) solid solution 

after cooling is stated. 

3.2.2 6xxx AlMgSi wrought alloys 

In this work, a total of 10 different AlMgSi wrought alloys are investigated, none of which contain substantial 

amounts of Cu. The set of AlMgSi alloys includes two high-purity ternary alloys and eight commercial 

variants, which also contain further alloying additions and impurities besides Mg and Si, such as Mn, Fe 

and Cr. 

Figure 30A presents DSC cooling curves for 6005A, showing effects that are typical for AlMgSi alloys. Two 

dominating reaction regions are seen, namely the HTRs and LTRs [BM2, BM6, 131]. A comparison of the 

DSC cooling curves of the 10 AlMgSi alloys in Figure A1 in the Appendix (partly published in Refs. [BM2, 

BM6, 131]) reveals that these two reaction regions dominate during cooling of all AlMgSi alloys. However, 

as will be discussed later, several additional and superimposed reactions are also seen. 

 

Figure 29: CCP diagram of Al0.72Si. Instead of hardness values, the mass fraction of Si supersaturation is stated. 
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HTRs are the dominating heat effects during slow cooling, and are increasingly suppressed at increasing 

cooling rates. At cooling rates where the HTRs are substantially suppressed, the LTRs of the eight 

commercial alloys studied become more dominant, and the peaks shift towards higher temperatures. These 

two effects can be explained by the higher concentration of alloying elements that is left in solution prior to 

the LTR. The high-purity alloys behave differently in this respect from the commercial alloys, and one major 

reason for this is the difference in the nucleation mechanism of the LTR (shown below in more detail). At 

even higher rates, the LTRs also experience increasing suppression. For 6005A, a complete suppression 

of precipitation during cooling was achieved at about 6 K/s. From Figure 30B, it can be seen that the total 

specific precipitation enthalpy Δh measured by DSC drops to zero at the UCCR. It can also be observed 

that at higher cooling rates, the hardness after ageing reached a saturation level.  

As can be seen from the comparative plot of hardness after ageing and specific precipitation enthalpy 

during cooling for all considered AlMgSi alloys in Figure A2 in the Appendix, a correlation between 

precipitation enthalpy and hardness after ageing is shown for all AlMgSi alloys for which DSC was able to 

achieve sufficiently fast cooling. Thus, in cases where DSC is not fast enough, the hardness data after 

ageing can provide a good approximation of the UCCR. Figure 31 shows the values of the UCCR on a 

logarithmic scale for nine different AlMgSi alloys as a function of the summarised Mg+Si content. This figure 

shows that the UCCR increases substantially with increasing alloying element concentration. Figure 31 

also includes four different alloys within the chemical specification of 6082 (which is very broad), and it is 

interesting to note that their UCCRs can vary by a factor of up to 10. A strong batch influence can therefore 

be expected in terms of the quench sensitivity of Al alloys with a broad specification range for their 

composition.  

The obtained UCCRs for 6082I and 6063 correspond well with the results obtained in Ref. [23]. In [23], an 

UCCR of 1 K/s for 6063 is reported, which is the same as that found in this work for a slightly higher 

concentrated version of 6063 [BM2]. For 6082, Ref. [23] reports an UCCR of above 10 K/s. The amounts 

of Mg and Si in the 6082 variant considered in [23] is close to those of the 6082I in this work, for which we 

obtained an UCCR of ≈17 K/s. 

 

 

Figure 30: (A) Cooling DSC curves for 6005A; and (B) related specific precipitation enthalpy after cooling and hardness 
after subsequent ageing. 
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Figure 31: Upper critical cooling rates for nine different AlMgSi alloys and two binary AlSi alloys as a function of their total 
Mg+Si content. 

Cavazos and Colás obtained a CCP diagram for 6063 from Jominy-like bar-end-quench tests [25]. They 

measured the actual cooling rates achieved at different distances of the quench bar end (see the example 

in Figure 32A for a distance of 5.5 cm). The characteristic transformation temperatures were evaluated 

from the inflection points of the cooling rate curve shown in Figure 32B. Using this approach, these authors 

were able to construct a CCP diagram. The 6063 variant considered in Ref. [25] contained mass fractions 

of 0.50 % Si, 0.52 % Mg, 0.21 % Fe and 0.022 % Cu, i.e. very similar to our 6063 variant [BM2]. The CCP 

diagrams obtained in Refs. [25] and [BM2] are compared in Figure 33. Although the 6063 variant in [25] 

showed slightly faster quench-induced precipitation, it can be seen that the nose temperature is very similar. 

Considering the sequence of HTR and LTR, it can be concluded that the DSC data are much more detailed, 

and cover a substantially wider cooling rate range. The authors of Ref. [25] found the UCCR of 6063 to be 

≈10 K/s [25], while in Ref. [BM2] an UCCR of only 1 K/s was found. The higher UCCR of the 6063 variant 

analysed in Ref. [25] compared to that of Ref. [BM2] again shows that the quench sensitivity of different 

batches of alloys that are nominally the same may be substantially different.  

As can be seen from Figure 31, the two laboratory alloys Al0.6Mg0.8Si and Al0.8Mg0.6Si form an exception 

in terms of their UCCR: they have much lower values compared to commercial alloys with comparable Mg 

and Si contents. This is due to the substantially lower concentration of nucleation sites for quench-induced 

precipitation, as demonstrated below. 

For several AlMgSi alloys, DSC indicates the superposition of several microstructural reactions beneath 

the HTRs and LTRs. This is exemplified by Figure 34 for 6063, and can be also seen for instance in Figure 

A1F and G, and Figs. 40-41 in Ref. [117].  

To identify these overlapping microstructural reactions, a relatively large body of work is available, e.g. [23, 

117, 131, 161–164, BM6, BM2]. Figure 35 illustrates the authors’ own work on quench-induced precipitation 

in 6005A at different cooling rates, showing optical micrographs (A), SEM secondary electron images (B) 

and TEM bright-field images (C) after cooling from solution treatment to the ambient temperature at different 

rates. It can clearly be seen from Figure 35A and B that precipitates with lower aspect ratio (appearing 

dark) become substantially smaller as the cooling rate rises. These HTR-quench-induced precipitates are 
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β-Mg2Si phase particles, which partially precipitate at grain boundaries and mainly precipitate inside the 

grains (see Figure 35A and B). The fcc structure of β-Mg2Si has been proven by electron backscatter 

diffraction (EBSD) and X-ray diffraction (XRD) analysis [117, 131]. At a cooling rate of 0.16 K/s, hardly any 

quench-induced precipitation is seen in OM and SEM; however, at this cooling rate, a large number of rod-

like quench-induced precipitates with much higher aspect ratios is found in TEM (Figure 35C). The lengths 

of these rod- and lath-shaped secondary precipitates were observed to decrease from about 600 nm after 

cooling at 0.16 K/s to about 300 nm at a cooling rate of 1.6 K/s.  

Figure 36A shows BSE-SEM images of the microstructural development of 6005A observed at a constant 

cooling rate of 0.0016 K/s down to different temperatures (Figure 14). At 500 °C, only primary precipitates 

are visible. The first Mg2Si particles were detected at 475 °C, immediately before the intensity maximum of 

the HTR was reached, as shown in Figure 30A. A high fraction of Mg2Si precipitates was observed by SEM 

 

Figure 32: (A) Cooling resulting from placing one end of the experimental bar in water, measured at a distance of 5.5 cm 
from the bar end; (B) “instantaneous cooling rate as a function of temperature (as given in A). The points indicate the start 
(Ps) and end (Pf) of precipitation [25].” Digitized data from Ref. [25].  

 

Figure 33: CCP diagram for 6063 obtained by DSC [BM2] comparing the data points (red) of Ref. [25]. 
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at 450 °C after passing the peak of the HTRs. As 

revealed by SEM, the microstructure did not 

change significantly with a further decrease in 

temperature. It was therefore concluded that the 

Mg2Si precipitation originates from the HTRs. 

During faster cooling of 6005A at 0.16 K/s, where 

the LTR dominates (Figure 30A and Figure 40 on 

page 47), rod-/lath-shaped precipitates could be 

detected for the first time at 325 °C. At 

temperatures below 325 °C, the rod-/lath-shaped 

precipitates grew only slightly, as illustrated in the 

TEM micrographs in Figure 36B. Hence, it was 

concluded that the precipitation of rod-/lath-

shaped precipitates corresponds to the LTR. 

Figure 37 shows a TEM bright-field micrograph of 

a rod-shaped precipitate embedded in an Al 

matrix. The corresponding SAED pattern of the [001] Al zone axis is shown in the inset. Additional 

superlattice reflections initiated from the rod precipitate in the SAED pattern are visible. Rod- and lath-

shaped precipitates show similar diffraction patterns in the [001] Al zone axis. Since parts of the diffraction 

pattern initiated from the rod-/lath-shaped precipitates are located at the <100> positions of the aluminium 

matrix, these precipitates are coherent with the Al matrix along this direction. The diffraction pattern of the 

[001] zone axis of Al indicates superlattice reflections (Figure 37) that are very similar to those reported in 

the literature for the same kind of precipitates [165–170]. However, the interpretation of these results differs 

significantly between authors. While the authors of Refs. [165, 167–169] suggest a hexagonal structure 

based on the TEM diffraction pattern, the authors of Refs. [170] report a monoclinic structure determined 

from similar diffraction images. Furthermore, it has been found that both the hexagonal and the monoclinic 

crystal structure of these precipitates build upon the same Si-based network structure [170]. Due to the 

coherence of the rod- and lath-shaped precipitates observed along the <100> direction of the aluminium 

matrix, at least one lattice parameter is known (0.405 nm), which is in agreement with the reported values 

of the hexagonal structure for β’ (a = 0.705 nm, c = 0.405 nm) and B’ (a = 1.03 nm, c = 0.405 nm) [168, 

167, 166, 165]. According to [5], both types of precipitates, β’ and B’, can exist concurrently, although B’ 

occurs particularly at high Si:Mg ratios. Hence, it can be assumed that the low-temperature precipitates are 

b’ and/or B’. A recent work [171] confirms the quench-induced precipitation of the hexagonal β’ phase during 

the LTR due to a combination of cooling DSC, TEM, EDS and SAED in an Mn-rich dispersoid-containing 

model alloy with a composition of Al-0.67Si-0.84Mg-0.35Mn-0.25Fe (mass fraction in %).  

Figure 30 shows that at cooling rates faster than 0.5 K/s, the start of the LTR for 6005 is about 400 ± 10 °C, 

and the peaks of this reaction for all cooling rates faster than 0.16 K/s are located at about 320–340 °C. 

According to the solvi temperatures determined from first principles modelling in [172], this onset 

temperature is about 90 K below the solvus of the β’-phase. Hence this reaction is unlikely, due to formation 

of the β’-phase. Instead, the start temperature corresponds closely (within 10 K) to the solvi temperatures 

of the hexagonal Al2MgSi2 phase, the hexagonal Al4Mg8Si7 phase and the orthorhombic Al–Mg–Si phase 

 

Figure 34: Cooling DSC curves for 6063 in a narrow  range  of 
cooling rates at higher excess cp magnification, indicating at 
least four separate peaks below the two major reaction 
regions. 
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[172]. It has been shown that the Mg:Si ratio in the hexagonal precipitate formed at these temperatures 

[167, 173] is close to 1.15 [167], and hence the dominant reaction is thought to be the formation of this 

Al4Mg8Si7 phase, which is termed B’ (for further discussion, see [BM6]). The length of LTR B’ particles is 

on the order of several hundreds of nm, while their aspect ratio is about 10 [117]. The chemical composition 

of the rod-/lath-shaped precipitates consists of Al, Si and Mg, and sometimes Cu, as measured by TEM-

EDS [BM2]. In most cases, more Si than Mg was detected; however, the chemical composition varied 

between the individual precipitates. 

In addition to the formation of β-Mg2Si and B’ precipitates, pure Si particles were found after relatively slow 

cooling, as shown by the particle in Figure 38 for which EDS analysis revealed nearly pure Si (EDS results 

not shown here). Regarding the precipitation of pure Si in an AlMgSi alloy with excess Si relative to the 

stoichiometric composition of Mg2Si, it is reasonable to compare the DSC cooling curves of AlMgSi alloys 

with those of pure binary AlSi alloys. For the latter, it can be seen that both the HTR and the LTR occur 

within a temperature range of ≈460–300 °C at 0.01 K/s. When the same cooling rate for 6005 is compared 

in the same temperature range, only the HTR peak is seen. In terms of the overlapping reactions beneath 

the HTRs and LTRs, it can be assumed that the precipitation of Si adds a certain heat effect to the HTRs. 

Figure 39 shows detailed images of quench-induced β-Mg2Si particles. If precipitated inside a grain, square 

plate particles with a thickness of about one third of their edge length (i.e. an aspect ratio of 1/3) are 

common. This can be seen from Figure 39A and B, as the particle in Figure 39A is in a perpendicular plane 

compared to that of Figure 39B. Stepwise polishing of a metallographic sample revealed this aspect ratio 

for several particles [131]. For alloys with small grain size close to the size of potential quench-induced β-

Mg2Si precipitates, the precipitation of β-Mg2Si seems to occur only at grain boundaries [BM6]. The β-Mg2Si 

particles at grain boundaries have irregular and variable particle shapes (Figure 39C). At either location, 

the nucleation of quench-induced β-Mg2Si particles appears to occur on coarse (µm range) primary 

precipitates typically enriched in Fe, Si and Mn (see Figure 39A-C and [131, BM2, BM6]). As exemplified 

by Figure 39D, nucleation of the LTR B’-phase particles takes place on dispersoids (see also [17, 164, 171, 

BM6]). 
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Figure 35: Quench-induced precipitation in 6005A after different cooling rates [BM2]: (A) OM and (B) SEM secondary 
electron micrographs of quench-induced β-Mg2Si particles originating from the HTRs; (C) TEM images of quench-induced 
rod-shaped B’ or β’ particles. In each case, the particle dimensions are substantially reduced with increasing cooling rate. 
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Figure 36: Microstructure of 6005A alloy samples investigated at different temperatures: (A) using SEM backscattered 
electron images at a cooling rate of 0.0016 K/s; and (B) using bright-field TEM at a cooling rate of 0.16 K/s [BM2]. 
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Figure 37: Bright-field TEM micrograph of a 6005A specimen after 
cooling at 0.16 K/s [BM2]. 

 

Figure 38: BF-TEM images of a quench-induced 
hexagonal Si plate particle, precipitated in 6005A 
cooled from 540 °C 20  in at 0.167 K/s to 375 °C. 

 

Figure 39: Microstructural details of 6005A: (A)-(C) SEM secondary electron images of Mg2Si particles after very slow 
cooling (0.00083 K/s), which all seem to be nucleated on coarse primary Fe-rich particles [131, BM2]. (A), (B) Intragrannular 
precipitated Mg2Si plates in two perpendicular alignments; (C) Mg2Si precipitate on the grain boundary; (D) TEM-BF image 
of rod-shaped precipitate from LTR during cooling with 0.16 K/s to 225 °C (β’ / B’ [BM6, BM2]). Nucleation seems to take 
place on an Mn-rich dispersoid particle [BM2]. 
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Figure 40: Comparison of measured and predicted values for the specific precipitation enthalpies and hardness after 
artificial ageing as a function of cooling rate for four AlMgSi alloys. The specific precipitation enthalpy values are plotted 
for total reactions (black squares), high-temperature reactions (red triangle, tip upwards) and low-temperature reactions 
(blue triangle, tip downwards). (A) 6063; (B) 6005A; (C) 6082I; and (D) 6082V [BM6]. 

Figure 40 compares the measured and predicted values of the specific precipitation enthalpy and hardness 

after ageing for four commercial AlMgSi wrought alloys. The prediction results are drawn from the model 

derived in Ref. [BM6]. As already seen for 6005A in Figure 30B, the specific precipitation enthalpy generally 

drops to zero at a certain cooling rate. For higher cooling rates, the hardness typically reaches a saturation 

level. In general, these model predictions are accurate, and a more detailed discussion is provided in [BM6]. 

The model considers precipitation of the phases β-Mg2Si and B’-Mg5Si4Al2. It is also notable that the 

predicted values for these separate phases show close agreement with the measured enthalpies of the 

HTR and LTR. This is particularly true for the LTR-quench-induced precipitates of B’-Mg5Si4Al2 and 

industrially relevant cooling rates.  

Figure 41 shows a comparison of the predicted hardness values as a function of cooling rate for 6063 and 

two variants of 6082. This comparison is especially remarkable in terms of the technological application of 

age-hardening and the design of the applied heat treatment processes. It can be seen that the highest 

maximum hardness is achieved for the alloy with the highest alloying element concentration (6082V) after 

very rapid quenching. Thus, if the main objective is to obtain maximum hardness and strength, a highly 

concentrated alloy is required, although it is also necessary to ensure sufficiently fast cooling via the 

technologically applied cooling process. It may be difficult, if not impossible, to achieve >100 K/s as an 

average cooling rate in the relevant temperature range (≈500–200 °C) for thick sections and large 

batches/loads. In such conditions, it might be more appropriate to choose a leaner alloy. As can be seen 

from Figure 41, in a certain range of slower cooling rates, the maximum hardness is achieved with the 

leanest alloy in this comparison. Slower cooling rates may be of interest, for instance due to requirements 
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for distortion control or reduction. The results obtained in this work allow us to choose either a suitable 

process for a specific alloy or a suitable alloy for a certain fixed process. 

In Ref. [BM10], it was shown for 6082III that β-Mg2Si particles, which are not fully dissolved during 

(insufficient) solution treatment, strongly influence the mechanism of nucleation and growth of quench-

induced precipitates. Partly dissolved β-Mg2Si particles may occur for instance when a solution temperature 

below the solvus is chosen, or a solution temperature very close to the solvus temperature with short 

soaking durations. In the presence of undissolved β-Mg2Si at the end of the solution treatment, no additional 

nucleation is required with the onset of cooling, and these undissolved β-Mg2Si particles instantaneously 

start to grow. This effect considerably increases the quench sensitivity of the alloy. In this way, the critical 

cooling rate can be increased by a factor of three, and the hardness after ageing can be reduced by about 

30 % for medium cooling rates [BM10]. As an additional effect in such cases, the HTR dominates over the 

entire cooling rate range (Figure A1 H). 

Furthermore, the alloying elements Fe and Mn are of primary importance for the nucleation of quench-

induced precipitation, as these elements are typically found in either coarse primary particles, which act as 

nucleation sites for HT-Mg2Si particles, or in dispersoids, which are the preferred nucleation sites of the 

rod-shaped LT particles [17, 23, 48, 161, 171, 174]. Nevertheless, the influence of these minor element 

additions has not yet been fully quantified. One attempt to quantify the influence of dispersoid forming 

elements is presented in Figure 42, which shows a comparison of the commercially produced 6082I and a 

pure ternary Al0.6Mg0.8Si alloy. Both alloys have a highly similar content of the main alloying elements, 

Mg and Si. The major difference between them is the additional mass fraction of 0.2 % Fe and 0.5 % Mn in 

6082I (atomic fractions: 0.11 % Fe; 0.24 % Mn). Figure 42A and B show the DSC cooling curves of both 

alloys, while Figure 42C and D compare the specific precipitation enthalpy after cooling and the hardness 

after additional ageing, respectively. 

In Al0.6Mg0.8Si, the HTRs are dominant over the entire range of cooling rates, and it can be concluded 

that the equilibrium phase β-Mg2Si is primarily precipitated. Compared to the commercial variant, 

substantially reduced LTRs are seen for the pure alloy, and this is probably due to the reduced number of 

nucleation sites. A direct comparison at about 0.1 K/s shows that for the commercial 6082I, quench-induced 

precipitation is clearly dominated by the LTR, while quench-induced precipitation for Al0.6Mg0.8Si is 

dominated by the HTR. For cooling rates higher than 0.5 K/s in Al0.6Mg0.8Si, barely any reaction can be 

seen in DSC, whereas for 6082I the LTRs are still well above the DSC detection limit and the total specific 

 

Figure 41: Comparison of hardness after ageing and total precipitation enthalpy predicted by the model from Ref. [BM6] 
for alloys 6063, 6082I and 6082V. 
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precipitation enthalpy still amounts to about 5 J/g for 0.5 K/s (see Figure 42C). Although both alloys can 

achieve the same maximum hardness, this maximum is reached at substantially different cooling rates. A 

comparison of Figure 42C and D shows that the UCCRs of these two alloys differ by a factor of ≈20, which 

quantifies the influence of an addition of an atomic fraction of ≈0.35 % Fe+Mn to a medium AlMgSi alloy. 

This factor may of course may also depend in detail on the particular distribution size of the dispersoid 

particles and therefore on the homogenisation treatment [48]. It is also interesting to note from Figure 42 

that the solvus temperature of these two alloys differs. For cooling at a rate of 0.003 K/s, the onset of 

quench-induced precipitation for Al0.6Mg0.8Si is about 510 °C, while for 6082I it is about 475°C. It can be 

assumed that Si is partially bound in the eutectic primary phases and dispersoids, thus reducing the Si 

solute concentration at the end of the solution treatment and thereby the solvus temperature. This 

assumption is supported by the total specific precipitation enthalpy, for which ΔhAl0.6Mg0.8Si > Δh 6082I holds 

during very slow cooling. The abovementioned differences in the nucleation of the equilibrium β-Mg2Si 

phase (commercial alloy: coarse primary particles enriched in Fe, Mn, Si; lab alloys: unclear) suggest that 

the HTR-quench-induced precipitates nucleate more easily in commercial alloys. However, the higher 

precipitation onset temperature for Al0.6Mg0.8Si hints at the dominating influence of a higher amount of 

solved alloying elements, particularly Si, on precipitation onset in the stable phases. The opposite behaviour 

is seen for the LTR, which is obviously much more strongly influenced by nucleation promoted in the 

presence of dispersoids.  

Another interesting aspect can be seen in Figure 42D, in which the hardness after cooling and ageing for 

pure Al0.6Mg0.8Si shows a maximum at the UCCR determined by DSC, and unlike all other alloys studied 

in this work, the hardness drops with faster cooling rates. Similar results have been reported for high-purity 

AlZnMg alloys [175]. It is possible that small quench-induced precipitates forming around the UCCR 

contribute a hardening effect. 

The information revealed on the nature of quench-induced precipitates for AlMgSi alloys is summarised in 

Table 2. 

 

Figure 42: DSC cooling curves for (A) 6082 I and (B) Al0.6Mg0.8Si; (C) total specific precipitation enthalpies; and (D) 
hardness after ageing of both alloys as functions of cooling rate. 
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Table 2 Quench-induced phases in AlMgSi alloys 

 Quench-
induced 
phases 

Alloy Precipitatio
n 
temperature 
range from 
DSC 

Particle 
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(aspect ratio: 
length/thickness) 
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s 

β-Mg2Si, 
fcc 
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Figure 43: CCP diagram for 6082I [138, BM2] 

 

Figure 44: CCP diagram for Al0.6Mg0.8Si 

The CCP diagrams for 6082I and Al0.6Mg0.8Si are compared in Figure 43 and Figure 44, respectively. 

Here, we can see a considerable difference between these alloys, which is caused by the different numbers 

of nucleation sites and thus different nucleation mechanisms for quench-induced precipitates. A 

comparison with a CCP diagram for a 6082 alloy obtained from in situ electrical resistivity curves is possible 

by considering Ref. [85]. In Ref. [85], over a cooling rate range of ≈16–0.03 K/s, the precipitation start 

temperature was found to be about 375 °C, which is close to the start of the LTR determined by DSC 
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(compare Figure 43). In Ref. [85], the end-temperature of precipitation was evaluated to be about 225–

300 °C, which is comparable to the end of the LTR identified by DSC. From this, it can be concluded that 

the in situ electrical resistivity measurements were able to detect the LTR in 6082. It seems likely that the 

HTRs were not identified by this method; however, the UCCR was determined within a range of ≈16 to 
30 K/s [85], which is very similar to that identified for 6082I [BM2].  

 

3.2.3 7xxx AlZnMg(Cu) wrought alloys 

 Ten variants of the alloying system AlZnMg(Cu) are considered in this work. Due to the multiple potential 

combinations of alloying elements, the 7xxx alloying system can be considered a very complex system in 

terms of precipitation. It is often a quarternary system, as in addition to Al, Zn and Mg, Cu and other 

elements such as Si are often incorporated. Cu and Si may add additional precipitation sequences, for 

instance those of S-Al2CuMg and/or β-Mg2Si [35, 176]. Moreover, the Zn- and Mg-containing phases do 

not have a fixed composition, and isostructure variants are known for the η-Mg(Zn,Al,Cu)2 phase [177, 178]. 

For most of the 10 AlZnMg(Cu) alloys analysed here, DSC indicates the presence of three or four different 

main reaction intervals during cooling. DSC cooling curves for 7020 (an AlZnMgSi alloy) and 7150 (an 

AlZnMgCu alloy) can be seen in Figure 45 and Figure 46, respectively. Although these two alloys have 

substantially different alloy compositions, they both show at least three main reaction intervals, which are 

  

Figure 45: Cooling DSC curves for 7020. Figure 46: Cooling DSC curves for 7150. 
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HTRs (typically ≈450–350 °C), medium-

temperature-reactions (MTRs, ≈350–250 °C) and 

LTRs, (≈250–150 °C). This holds for the majority 

of the 10 AlZnMg(Cu) alloys investigated, as can 

be seen from Figure A3 in the appendix. In some 

cases, a fourth reaction was detected at an even 

lower temperature of about 150–50 °C, as shown 

in Figure 47. For the 7xxx alloys with highest 

concentration of alloying elements such as 7075, 

7049A (Figure A3 in the Appendix and Refs. [153, 

152]) and 7068 [179], cooling DSC appears to 

show only one very broad peak, which ranges from 

about 450 to 150 °C. It can be assumed that this 

very broad heat effect is caused by the sum of 

numerous reactions. 

The in situ cooling DSC experiments shown in Figure 46 cover four orders of magnitude and thereby an 

extreme dynamic DSC. The slowest cooling at 0.0003 K/s requires a cooling duration of >17 days, while 

the fastest cooling 3 K/s is completed within 2.5 min. Furthermore, DFSC was performed for this alloy, 

extending the investigated scanning rate range to some hundreds of K/s. Thus, the fastest cooling was 

achieved in times of less than 1 s. 

Similarly to the AlSi and AlMgSi alloys, the reactions are in total increasingly suppressed with increasing 

cooling rates. Thus, in most cases, the reactions at higher temperatures are first suppressed, while the 

reactions at lower temperatures first show an increase in the fraction transformed. The latter is due to the 

increased concentration of alloying elements left in solution after the suppressed HTR is complete.  

The type and nature of quench-induced precipitation in 7xxx alloys has been widely investigated [31, 35, 

104, 105, 176, 180–183, BM3, BM8]. In general, it can be stated that in presence of Cu, the S-Al2CuMg 

phase is precipitated, and in the presence of Si, the β-Mg2Si phase is precipitated during the HTRs [176, 

184, BM3, BM7]. Nucleation of these two phases appears to take place on coarse intermetallic particles. In 

almost every AlZnMg alloy, the MTRs seem to be dominated by the precipitation of isostructure variants of 

the η-Mg(Zn,Al,Cu)2 phase [BM7]. Examples of this quench-induced phase are seen in Figure 48. 

Nucleation of quench-induced η-Mg(Zn,Al,Cu)2 apparently occurs on dispersoids [31, 35, 176, 181–183, 

BM7]. In cold-rolled sheet material, dispersoids are heterogeneously aligned in lines, resulting in bands of 

quenched-induced precipitates [183]. As a result, fine precipitates originating from ageing can only be found 

heterogeneously distributed between the bands of quench-induced precipitates [182].  

In AlZnMg(Cu) alloys, quench-induced precipitates of the η-Mg(Zn,Al,Cu)2 phase can be considered the 

most detrimental precipitation in terms of quench sensitivity, since this phase forms at relatively fast cooling 

rates while its precipitates barely have a hardening effect. Quench-induced phases at even lower 

temperatures, namely thin Y-phase platelets [185, BM7, BM8] and clusters [103–105], may form during 

even faster cooling. These quench-induced precipitates are small enough to cause a significant hardening 

effect [BM8]. 

 

Figure 47: Cooling DSC curves for 7150 and 7020, showing 
hints of a precipitation reaction at very low temperatures 
(150 to 50 °C) [BM3]. 
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As outlined in several prior works [31, 35, 86, 176, 181, 186–191], nucleation of quench-induced η-

Mg(Zn,Al,Cu)2 takes place on dispersoids. At least for Al3Zr dispersoids, it has also been shown that their 

nucleation activity for quench-induced η-Mg(Zn,Al,Cu)2 is dependent on the interface relation of the 

dispersoid to the matrix [176, 181], and only incoherent Al3Zr dispersoid particles appear to be active 

nucleation sites for η-Mg(Zn,Al,Cu)2. Al3Zr dispersoids are typically coherent with the Al matrix, although 

after thermo-mechanical processing, recrystallisation can occur. This recrystallisation in the Al matrix can 

change the interface of the dispersoid towards incoherence. An example of this phenomenon is seen in 

Figure 49, which shows a TEM image of hot-rolled 7150 [176, 181]. Subgrains and recrystallised grains 

were distinguished by the lattice orientation, as revealed by SEM-EBSD (see Refs. [181, 176] for details). 

Quench-induced η-Mg(Zn,Al,Cu)2 particles are found at subgrain-boundaries and in the recrystallised grain 

shown on the left, nucleated on incoherent Al3Zr dispersoids. However, in the non-recrystallised subgrains, 

the coherent Al3Zr dispersoids do not have quench-induced precipitates attached. 

 

Figure 48: Quench-induced precipitation in 7150 during cooling at 3 K/s [BM9]. 

 

Figure 49: TEM image of an air-cooled 7150 sample (average cooling rate 1 K/s) showing a recrystallised grain on the 
left-hand side and several subgrains on the right. It can be seen that the quench-induced η-Mg(Zn,Al,Cu)2 precipitates 
preferentially nucleate at grain/subgrain boundaries and also appear inside the recrystallised grain, nucleating at Al3Zr 
dispersoids [BM7]. 
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The LTR in 7150 has been shown to relate to a previously unknown thin plate phase that is enriched in Zn 

and Cu, and it was labelled as the Y-phase [BM8]. Y-phase platelets have been confirmed to form during 

cooling by others too [185]. An example of a Y-phase platelet can be seen in the high angle annular dark 

field (HAADF)-STEM images in Figure 50. Based on the interrupted quenching method, we conclude that 

the LTR in a temperature range of about 250–150 °C is dominated by the precipitation of the Zn–Cu-rich 

thin plate Y-phase (compare Figure 48 with the DSC curve of 3 K/s in Figure 46). The Y-phase features 

strong structural similarities to the T1 phase in Al-Li alloys, with a hexagonal symmetry (a = 0.429 nm, c = 

1.385 nm). The authors of Ref. [88] assume the low-temperature precipitation to refer to the η’-phase. 

 

Figure 50: HAADF-STEM images of Y-phase platelets enriched in Zn and Cu after cooling of 7150 at 10 K/s, viewed from 
the [110]α direction, showing that the thickness varies along its length, with growth ledges indicated by arrows in (C). The 
regular pattern in the matrix on either side of the plate in (A) is an artefact caused by Moiré fringing between the lattice and 
scan frame. This plate appears to be nucleating from an attached void. Similar images in (E–G) from a second plate, but 
viewed from the [112]α direction, show variations in thickness and stacking order along the length of the precipitate [BM8]. 
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At even lower temperatures of about 150 to 50 °C (see VLT peak in the DSC curves in Figure 47), co-

clusters may precipitate during quenching, as shown in SAXS experiments involving continuous cooling of 

7449 to below 100 °C in Refs. [104, 105]. The small Y-phase platelets and clusters cause a direct hardening 

effect, which is seen in the peaks in the as-quenched hardness, yield strength and ultimate tensile strength 

for cooling rates of about one to two orders of magnitude slower than the UCCR [BM8]. Tensile testing 

indicates that this Y-phase appears to contribute up to ≈50 MPa to the as-quenched strength in the 

investigated alloy 7150 (see Figure 51, [BM8]). 

The findings on quench-induced precipitation in AlZnMg(Cu) alloys are summarised in Table 3.  

In Figure 52, the experimentally obtained values for the total specific precipitation enthalpy after cooling 

and the hardness after artificial ageing of six different AlZnMg(Cu) alloys are compared to the predictions 

of the model derived in Ref. [BM7]. A general chart of these values as a function of cooling rate for each 

7xxx Al alloy investigated is given in the appendix, in Figure A4. As can be seen from Figure 52, the model 

 

Figure 51: Ultimate tensile strength and yield strength of 7150 in the as-quenched and artificially aged conditions [BM8]. 
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predictions are found to be very accurate to a wide range of AlZnMg(Cu) alloys and the total specific 

precipitation enthalpy generally decreases with increasing cooling rate for all alloys. A high level of similarity 

to the AlMgSi alloys is found for the general kinetic behaviour. However, the specific enthalpy values, as 

well as the obtainable hardness values, are generally higher for the 7xxx alloys. This is reasonable, as the 

latter contain higher concentrations of alloying elements. As for the 6xxx alloys, the hardness after ageing 

reaches a saturation level for cooling rates above the UCCR ranging from about 3 K/s for 7020 to about 

300 K/s for highly concentrated alloys such as 7150 or 7049A. 

As discussed for AlMgSi alloys, it also holds for AlZnMgCu alloys that a lower concentrated AlZnMgCu alloy 

can achieve higher hardness values if cooling is restricted to medium cooling rates. Figure 53 compares 

7075I, 7085 and 7085lowCu. Of these three variants, 7085lowCu, has the lowest Mg content, despite its low Cu 

content. The age-hardening potential of 7085lowCu that remains after cooling at 1 K/s results in a hardness 

 

Figure 52: Measured values and model predictions for hardness after ageing and specific precipitation enthalpies of six 
AlZnMg(Cu) alloys [BM7]. Values for the total specific precipitation enthalpy were obtained by in situ cooling DSC as 
outlined above. For 7049A, chip-sensor based differential fast scanning calorimetry was applied [124, 153]. 
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of almost 150 HV1. At this cooling rate, the age-hardening potential of 7075I has already dropped to just 

100 HV1. Under these conditions, the lower concentrated alloy would achieve ≈150 % of the strength of 

the highly concentrated alloy (i.e. 7085lowCu is less quench sensitive than both 7075I and 7085). Considering 

the concentrations of alloying elements, it can be assumed that the concentration of Mg predominantly 

drives the precipitation kinetics. This fits with the finding in [BM7] that the main quench-induced precipitate 

phase that causes quench sensitivity is η-Mg(Zn,Cu,Al)2 for these types of alloys. 

In general, it is found that the AlZnMgCu series should be considered very quench sensitive. This is 

reasonable, as these alloys typically contain the highest concentration of alloying elements amongst the 

age-hardening Al alloys. However, there are indications that small additions of Ge and Ag might reduce the 

quench sensitivity of 7xxx alloys [192].  

From Figure 52 and Figure 53, it also becomes obvious that in several cases, a substantial amount of 

enthalpy change caused by quench-induced precipitates is detected. Figure 52 includes experimental 

findings from DFSC obtained on 7049A in a range of cooling rates up to some hundreds of K/s [124, 153]. 

As outlined in Section 3.1.3, DFSC allows us to obtain the specific precipitation enthalpies of highly 

concentrated alloys via a differential reheating measurement [124, 153, BM9]. This is demonstrated in 

Figure 54A, which shows raw DFSC data for the first reheating (after relatively “slow” cooling with 10 K/s) 

and a second reheating after overcritical fast cooling (100,000 K/s, baseline). During the first reheating at 

1000 K/s, endothermic dissolution reactions of phases precipitated during the preceding “slow” cooling are 

clearly seen. Figure 54B shows DFSC data for cooling rates of up to 500 K/s. Normalisation by sample 

mass and scanning rate and subsequent integration of the curves, as shown in Figure 54B, allows us to 

obtain the specific precipitation enthalpies as a function of cooling rate [BM9]. Figure 55A shows 

precipitation enthalpies for six samples of 7150 [BM9]. In Figure 55B, the averaged DFSC values from 

[BM9] and data from DSC [BM3] are plotted, and these fit together smoothly. The UCCR of 7150 was 

determined to be about 300 K/s for 7150 [BM9]. In Figure 55, the solid lines for the specific precipitation 

enthalpy Δh and for the hardness after ageing are the model predictions from [BM7]. The model predictions 

were created without knowledge of the DFSC data, as the DFSC experiments had not yet been done. Very 

good agreement between the measured and predicted values is seen, and this further confirms the high 

accuracy of the derived model for quench-induced precipitation of AlZnMg(Cu) alloys.  

 

Figure 53: Comparison of experimentally obtained specific precipitation enthalpies after cooling and hardness after 
additional ageing for three differently concentrated AlZnMgCu alloys. 
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Figure 54: (A) Raw 1000 K/s reheating curves for states previously cooled at rates of 10 K/s (first reheating) and 105 K/s 
(second reheating = baseline measurement). (B) Subtracted measurement curves, i.e. curves measured for the first 
reheating minus the curves measured for the second reheating, for various cooling rates. The baselines for integration are 
indicated by dashed lines [BM9]. 

 

 

 

Figure 55: (A) Specific precipitation enthalpy after cooling from solution annealing of alloy 7150, as a function of cooling 
rate measured by DFSC. (B) Specific precipitation enthalpy after cooling from solution annealing and Vickers hardness 
after subsequent ageing (120 °C 24 h) of alloy 7150, as a function of cooling rate. The enthalpy values obtained by DFSC 
are shown as average values and standard deviation for six samples. The solid lines are model predictions from Ref. [BM7]. 
The DSC and hardness data tested on large samples were published in Ref. [BM3]. Hardness was tested for samples at the 
millimetre scale at the same cooling rates, obtained using a quenching dilatometer [BM9]. 
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Figure 56: Results for 7150, showing (A) the total enthalpy change at a cooling rate of 3 K/s measured by DFSC and DSC; 
(B) the DSC curve at a cooling rate of 3 K/s, shown for comparison. The vertical red dashed lines indicate the precipitation 
start and end temperatures. (C) Total enthalpy change at different interruption temperatures and different cooling rates. 
The enlarged dots indicate the transition temperatures for the various precipitation reactions [BM9]. 

As demonstrated above, the DFSC-DRM is very helpful in assessing the kinetics of quench-induced 

precipitation as a function of cooling rate. However, no precipitation start and finish temperatures, which 

are crucial for the completion of a CCP diagram, are evaluable from the measurements shown above. In 

Ref. [BM9], the DRM was developed further to allow a temperature-dependent recording of the precipitation 

enthalpy values (Figure 20C). The results are summarised in Figure 56. The transition temperatures 

evaluated in Figure 56C allow completion of the CCP diagram with respect to the characteristic start and 

end temperatures of quench-induced precipitates. 

Figure 57 shows the CCP diagram for 7020, and this can be compared to Figure 58, which shows the 

complete CCP diagram for 7150. The latter covers an extreme range of seven orders of magnitude of 

analysed cooling rates. The CCP diagram in Figure 58 incorporates quantitative data from five different 

types of DSC device, as outlined in Section 2.2.2, and results from hardness testing over the entire cooling 

rate range, allowing for a profound knowledge of the kinetics quench-induced precipitation.  

For comparison, Figure 59 illustrates in situ electrical resistivity measurements and Figure 60 the obtained 

CCP diagram for alloy 7050 taken from Ref. [88]. A comparison of the evaluation in Figure 59 with the DSC 

cooling results seen in Figure 46 indicates that DSC generates much more convincing results, particularly 

in terms of reaction identification. However, highly similar results were obtained in Ref. [88] for 7050 as for 

7150, which has a similar chemical composition. Using electrical resistivity measurements, the authors of 

Ref. [88] identified three distinct reactions at high, medium and low temperatures. The temperature ranges 

were relatively similar, and complete suppression of the HTR was identified within a similar range of cooling 

rates as in the CCP diagram for 7150 in Figure 58. The in situ electrical resistivity measurements were 

obtained during nonlinear cooling, which might be an advantage in terms of comparability with technological 

applications. The cooling time range covered is relatively large, although it is still narrower than that of the 

DSC work. 
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Figure 57: Continuous cooling precipitation diagram for 
7020 [138]. 

 

Figure 58: Complete continuous cooling precipitation 
diagram for 7150, covering seven orders of magnitude of 
cooling rates/cooling duration. 

 

Figure 59: Evaluation of the characteristic transformation 
start and end temperatures applied in Ref. [88], using in situ 
measurements of the electrical resistivity. Example of an 
average cooling rate of 0.7 K/s. 

 

Figure 60: CCP diagram for 7050 obtained by in situ electrical 
resistivity measurements in Ref. [88]. Mass fractions of 
major alloying elements in %: 6.1 Zn, 2.15 Mg; 2.37 Cu. 

 

Figure 61: CCP diagram for 7075II [152]. 
 

Figure 62: CCP diagram for alloy 7075 from Ref. [60] obtained 
by in situ voltage measurements. Mass fractions of major 
alloying elements in %: 5.44 Zn; 2.55 Mg; 1.37 Cu. 
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Another set of CCP diagrams for two variants of 7075 is compared in Figure 61 and Figure 62. The diagram 

in Figure 61 was recorded by DSC and hardness testing after natural ageing [152], while the second was 

established based on in situ electrical resistivity measurements in Ref. [60]. Both variants of 7075 

considered here have comparable chemical compositions, although the variant from Ref. [152] is slightly 

more highly concentrated. For 7075, both methods obtained similar results in terms of the temperature 

ranges evaluated for the start and end of precipitation. However, the UCCRs are significantly different. 

While a combination of DSC and hardness testing after controlled linear cooling gave a rate of 300 K/s, the 

in situ electrical resistivity measurements suggested a UCCR range of ≈10 to 40 K/s [88]. This difference 

may result from a significant batch sensitivity in terms of the quench sensitivity of precipitation hardening 

Al alloys or from the abovementioned difficulties in evaluating in situ electrical resistivity measurements. 

3.2.4 2xxx AlCu(Mg) wrought alloys 

The kinetic behaviour of quench-induced precipitation in AlCu(Mg) alloys is shown in Figure 63 based on 

DSC cooling data for 2024 and 2219. The total precipitation enthalpy (Figure 63C) and the hardness after 

ageing (Figure 65D, 2024 natural ageing, 2219 artificial ageing) are also shown. As seen for the other alloy 

systems, multiple precipitation reactions occur. During slow cooling of 2219, two major reaction areas can 

be detected within the considered cooling rate range, while for 2024, three distinct reaction intervals can 

clearly be seen. For 2219, significant superposition of the two reaction peaks occurs, meaning that the 

second peak is seen only as a shoulder at ≈400 °C during slow cooling. During slow cooling of 2024, only 

two main reaction peaks are seen, a HTR and a medium temperature reaction (MTR). The HTR is 

increasingly suppressed with increasing cooling rate. At the same time, the MTR increases in intensity up 

to a cooling rate of about 0.3 K/s. If the suppression of the HTRs is almost complete, an additional LTR 

(≈250–150 °C) is seen. 2219 has only Cu as its main alloying element, but 2024 contains a considerable 

amount of Mg in addition to Cu. This obviously adds an additional reaction to the quench-induced 

precipitation.  

 

Figure 63: Comparison of two AlCu(Mg) alloys: (A) DSC cooling curves of 2024; (B) DSC cooling curves for 2219; (C) 
total specific precipitation enthalpies after cooling; and (D) hardness after additional ageing for both alloys. 
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As can be seen from the specific precipitation enthalpies in Figure 63C, the total precipitation process is 

increasingly suppressed with rising cooling rate. The specific precipitation enthalpies of both alloys are 

relatively similar. For the two AlCu(Mg) alloy variants considered here, the UCCR could not be determined 

by in situ cooling DSC. At the fast rates measured with DSC (3 and 5 K/s, respectively), relatively high 

specific precipitation enthalpies of about 7 J/g are still detected. Supplemental hardness testing after 

various cooling rates and subsequent ageing shows hardness saturation levels at cooling rates of above 

10 K/s for 2219 and 20 K/s for 2024. These rates can therefore be considered the UCCRs for these alloys 

for the purposes of technological applications. It is noteworthy that although the UCCRs for the two alloys 

are similar, the loss in hardening potential (due to quench-induced precipitates) is more severe for 2219. 

Hence, the achievement of high hardness values over the whole thickness of a thick plate is restricted to a 

reduced maximum thickness compared to 2024.  

In Ref. [193], quench-induced precipitation in an AlCuMg alloy 2618 was investigated. Cooling DSC was 

conducted over a cooling rate range of about 0.02 to 1 K/s. The DSC results for 2618 obtained in Ref. [193] 

are highly similar to those for 2024 in this work, and comparable precipitation enthalpies have been 

determined. However, since very slow cooling was not possible in the DSC device used in [193], the authors 

could not identify the HTR seen in 2024 (Figure 63).  

The authors of Ref. [193] ascribe precipitation in an AlCuMg alloy at high temperatures to the formation of 

S-Al2CuMg or S’-phase. In Ref. [103], the S-phase was also revealed by SAXS for cooling rates lower than 

0.5 K/s. As the HTR in Figure 63A is substantially suppressed at rates higher than 0.5 K/s, it can be 

concluded that the HTRs revealed by DSC refer to the formation of S-Al2CuMg. In addition, also isothermal 

experiments on a 2024 type alloys suggest the formation of the S-Al2CuMg phase [58, 194, 195] at high 

temperatures occurring on grain boundaries [58, 194] and for medium temperatures precipitation of the 

S-Al2CuMg as well as the θ-Al2Cu phase, both nucleating on dispersoids [58, 194]. The quench-induced 

formation of the θ-Al2Cu phase in AlCuMg alloys is also supported by Refs. [196, 197]. In Ref. [198], 

indications of quench-induced precipitation of the T-Al20Cu2Mn3 phase were found in a Jominy end quench 

sample of another AlCuMg alloy. Continuous cooling SAXS measurements in Ref. [103] revealed the 

precipitation of Cu-Mg co-clusters below 250 °C. This shows good agreement with the low-temperature 

DSC peak for 2618 and 2024.  

 

Figure 64: CCP diagram for 2024 [138], revised version. 
Hardness values obtained after cooling and natural ageing.  

 

Figure 65: CCP diagram for 2019 [138]. Hardness values 
obtained after cooling and artificial ageing. 

10-1 100 101 102 103 104 105 106

0

100

200

300

400

500

a 

15
64

0.
05

 K
/s

te
m

pe
ra

tu
re

 in
 °C

time in s

2024 linear cooling from solution annealing: 495 °C 30 min
mass fraction Si Fe Cu Mn Mg Cr Zn Ti

in % 0.138 0.209 4.64 0.58 1.50 0.007 0.066 0.050

hardness HV1 after
 additional: 25 °C 14 days

Dhtotal in J/g

3 
K/

s

0.
3 

K/
s

UCCR  
 20 K/s

27
149 8193109119134136147150

21149.57

1 
K/

s

0.
1 

K/
s

10-1 100 101 102 103 104 105 106

0

100

200

300

400

500

UCCR: 
 10 K/s

te
m

pe
ra

tu
re

 in
 °C

time in s

2219 linear cooling from solution annealing: 535 °C 20 min
mass fraction Si Fe Cu Mn Mg Cr Zn Ti

in % 0.041 0.089 6.41 0.301 0.0057 0.0007 0.031 0.034

hardness HV1 after
 additional: 180 °C 8 h

Dhtotal in J/g

516156
18

707991121138142140141
1816128.36.7

10
 K

/s

0.
1 

K/
s

0.
01

 K
/s

1 
K/

s



3.2 Quench-induced precipitation during cooling from solution treatment 63 

For 2219, it seems highly likely that quench-induced precipitates will be dominated by θ-Al2Cu and 

potentially θ’-precipitates. This is supported by findings from isothermal experiments in Refs. [196, 197, 

199, 200].  

The CCP diagrams for 2024 and 2219 are plotted in Figure 64 and Figure 65, respectively. As the overlap 

of the reactions is severe in 2219, no distinction of these reactions can be made.  

3.2.5 AlSiMg cast alloys 

The quench sensitivity of AlSiMg cast alloys has been investigated by a range of researchers, and ex situ 

methods have generally been used to analyse quench-induced precipitation or its detrimental effects on 

the resulting properties e.g. [45, 47, 49, 53, 56]. None of these previous reports used in situ cooling DSC 

analysis. 

In this work, three variants of AlSiMg cast alloys are assessed, namely permanent mould-cast Al7Si0.3Mg 

[201], high-pressure die-cast Al10Si0.3Mg [125] and additively manufactured (laser-beam melted, LBM) 

Al10Si0.3Mg [125]. Figure 66 compares these three cast alloy variants in terms of their DSC cooling curves 

(A, B) and the resulting precipitation enthalpies and hardness after ageing (C, D). In the same way as for 

AlMgSi wrought alloys, two main reaction intervals are observed that are strongly overlapped. A broad HTR 

stretching over more than 100 K with a peak around 450 to 510 °C dominates over the entire cooling rate 

range considered. It can also be seen that DSC detects a nearly instantaneous onset of precipitation with 

the start of cooling i.e. nearly no undercooling is required for the reaction to start. Although a detailed 

experimental analysis of the nature of quench-induced precipitates has not been performed for these cast 

alloys, it can be assumed that precipitation of Si is important [47], i.e. during relatively slow cooling, part of 

the dissolved Si will diffuse to the existing eutectic Si [47]. This explains the instantaneous start of 

precipitation with the onset of cooling, as no separate nucleation is required: Si phase formation can 

proceed via growth of the existing Si particles. The latter assumption fits perfectly with the findings of 

instantaneous growth of undissolved β-Mg2Si in AlMgSi alloys [BM10]. In addition to Si, the formation of β-

Mg2Si is also likely to occur at high temperatures during slow cooling of AlSiMg cast alloys. Ref. [47] reports 

on the nucleation of β-Mg2Si phase particles on eutectic Si particles at slower rates, and the formation of 

β-Mg2Si phase particles within the Al matrix at slightly faster cooling rates. It is likely that the formation of 

both Si and β-Mg2Si contributes to the HTRs. β’-phase particles have also been assumed to precipitate 

during cooling [47, 49]. It is likely that these semi-coherent precursor precipitates form during the LTRs, 

which have a peak at about 350 °C in the cast alloy variants. 

By comparing the two variants of Al10Si0.3Mg, it can be seen that the die-cast alloy has a higher 

concentration of Si, while the concentration of Mg is slightly higher in the LBM version, see Table 4 in the 

appendix. A further difference is that the LBM version contains almost no Mn, while the die-cast variant 

contains a mass fraction of ≈0.4 %. It is found that the LBM variant of Al10Si0.3Mg generally produces 

higher values of specific precipitation enthalpy, and that the loss in hardness potential (i.e. the quench 

sensitivity) is also higher in this alloy. Since the laser-beam-melting process involves extremely fast cooling 

rates for solidification, the eutectic like structure of the LBM material is much finer compared to that of the 

die-cast eutectic (see Figure 67). This much finer eutectic structure is considered to increase the number 
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of available nucleation sites, thus promoting quench-induced precipitation. In line with this, the peak 

temperature of the LRT is shifted to higher temperatures in the LBM alloy. 

No systematic study of the interacting influences of prior solidification rate, solution treatment and alloying 

element concentration on quench-induced precipitation is currently available for cast alloys. However, there 

are differences of several orders of magnitude in the solidification rates for the three alloys considered here. 

These solidification rates are estimated to be around 105 K/s for LBM [203, 204], 103 K/s for die casting and 

101 K/s for conventional casting [205]. Further, the solidification structure is greatly changed by prolonged 

soaking at solution temperature. For the AlSiMg cast alloys, it appears that both the alloy composition and 

the microstructure prior to quenching have an influence on the kinetics of quench-induced precipitation. 

The microstructure at the end of the solution treatment is a result of the structure after casting (or LBM) and 

the coarsening caused by the solution treatment. The latter can be seen in Figure 68, which compares the 

microstructure of the two Al10Si0.3Mg variants in the initial condition and after different soaking durations 

at solution temperature. This figure shows that the initial difference in the microstructure virtually disappears 

after six hours of soaking at 525 °C, and similar coarse microstructures are seen for both materials.  

Figure 66: Comparison of three different AlSiMg cast alloys: (A) cooling DSC curves for permanent mould-cast Al7Si0.3Mg, 
[201]; (B) cooling DSC curves for two variants of Al10Si0.3Mg – one of the variants was produced by high-pressure die-
casting, the second by laser beam melting, [202, 125]; (C) and (D) values of specific precipitation enthalpy and hardness 
after ageing for the three cast alloys. 
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Figure 67: Comparison of the initial microstructures of (A) 
as-cast and (B), (c) as-LBM Al10Si0.3Mg [202]. 

 

 

 

Figure 68: Eutectic structure of Al10Si0.3Mg produced by high-pressure die-cast and LBM, for different soaking times at 
525 °C. 



66 3 Solid-solid phase transformations in Al alloys over a wide dynamic range 

Figure 69 shows a substantial acceleration of quench-induced precipitation and the drop in hardness is 

shifted to faster cooling rates for a shorter solution treatment in the case of a much finer initial microstructure 

prior to cooling (compare Figure 68). The UCCR of the finer eutectic structure (after 20 min soaking at 

525 °C) appears to be above 1000 K/s. For this reason, the difference in the solution treatments between 

Al7Si0.3Mg and Al10Si0.3 should be kept in mind when considering Figure 70.  

Figure 70 shows that the maximum hardness achievable for the three alloys is very similar (111 to 116 

HV1), and this hardness is achieved using high cooling rates in excess of ≈100 K/s [125, 201]. This result 

perfectly fits with those of Ref. [49], in which the maximum hardness after ageing was found to occur after 

cooling at 110 K/s and above (average cooling rates between 450 and 200 °C). If cooling is performed at 

lower rates, the age-hardening potential drops significantly for the different alloys, and drops much more 

quickly for the fast solidified variant (with finer structure) and/or higher concentrated alloys. For instance, at 

a cooling rate of 2 K/s, which is a typical value for gas cooling, Al7SiMg0.3 still reaches 95 HV after ageing, 

while the hardness of the LBM variant of Al10Si0.3Mg drops to only around 60 HV1. Dimensional and shape 

distortion after quenching is very relevant for net-shaped cast products, and quenching rates are therefore 

often restricted to lower rates. In this case, a permanent mould cast (and less concentrated) alloy could 

achieve ≈150 % of the strength of the LBM alloy. This finding correlates well with the discussion of the 

AlMgSi and AlZnMgCu wrought alloys (Figure 41 and Figure 53, respectively).  

CCP diagrams for the cast alloys are given in Figure 71, Figure 72 and Figure 73. As precipitation starts 

instantaneously with the onset of cooling for all the cast alloys, these CCP diagrams show that the onset of 

precipitation is the same for any cooling rate. The start of high-temperature precipitation is therefore plotted 

as a straight line starting at the solution treatment temperature. The reactions that are most likely to be 

occurring are labelled. 

 

 

Figure 69: Comparison of hardness after cooling and 
subsequent ageing for LBM Al10Si0.3Mg.  

 

Figure 70: Comparison of specific precipitation enthalpies 
after cooling and hardness after subsequent ageing for the 
three AlSiMg cast alloys. 
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Figure 71: CCP diagram for Al7Si0.3. 

 

Figure 72: CCP diagram for high-pressure die-cast Al10Si0.3. 

 

 

Figure 73: CCP diagram of LBM Al10Si0.3. 
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4 General aspects of quench-induced 

precipitation in Al alloys 

As demonstrated in Figure 74, quench-induced precipitation in all the Al alloys investigated here generally 

falls into different temperature and time (cooling rate) intervals. For most alloys, two or three main reaction 

intervals can be identified. However, there are several hints of the superposition of multiple reactions 

beneath the main reaction intervals. In addition, a cooling rate that is fast in terms of precipitation for a 

certain lean alloy may be relatively slow in terms of precipitation for an alloy of higher concentration, and 

the same holds for the temperature ranges. For instance, the LTR for Al0.72Si (Figure 74A) occurs at a 

temperature range of about 420 to 300 °C, which is almost the same temperature range as for the MTRs 

of 7150 and 2024 (at least at certain cooling rates). 

In a comparison of DSC cooling curves for the four substantially different aluminium alloys shown in Figure 

74, it is notable that the precipitation behaviour is to a large extent similar. This is particularly true for a 

comparison of the alloys 7150 and 2024, which are substantially different in composition but which show 

highly similar dynamic behaviour of quench-induced precipitation. 

For all of the precipitation hardening Al alloys investigated, it holds that if the alloy is cooled sufficiently 

slowly, quench-induced precipitation occurs at relatively high temperatures. During the HTRs, essentially 

stable equilibrium phases of the alloying system are precipitated in relatively coarse particles with a low 

aspect ratio, and their dimensions can reach more than 10 µm. If the grain size of the alloy is considerably 

larger than this, precipitation will predominantly occur inside the grains. However, quench-induced 

precipitation also occurs on the grain boundaries. In commercial wrought alloys, nucleation of these 

 

Figure 74: Dynamic behaviour of quench-induced precipitation in four substantially different Al-based alloys. 
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equilibrium phase particles at high temperatures takes place on relatively coarse primary particles 

comprised of elements such as Fe, Mn and Si. In addition, pre-existing particles from the same phase that 

were not dissolved during the solution treatment can also act as nucleation sites. These undissolved 

particles start to grow instantly with the onset of cooling. This is obvious from Figure 75, which compares 

DSC cooling curves for aluminium alloys after incomplete dissolution with those after full dissolution. A 

comparison of Figure 75D and F is most impressive, as these show DSC cooling curves for the same alloy 

and the same cooling rate. The obvious difference in the precipitation behaviour during cooling is attributed 

to incomplete dissolution of β-Mg2Si after solution treatment at 540 °C for 20 min, while a full solution was 

achieved in Figure 78F at 560 °C. In Ref. [BM10], we showed that this incomplete dissolution increases the 

quench sensitivity and that the UCCR is increased by about a factor of three. 

 

Figure 75: (A) Quasi-binary phase diagram for Al-Mg2Si (adapted from [5]). (B), (C), (D) DSC cooling curves for three different 
alloys for which the applied solution treatment resulted in an incomplete dissolution. (E), (F) DSC cooling curves for two 
different alloys for which the applied solution treatment resulted in complete dissolution. In (D) and (F), the same alloy is 
considered, although cooling started from two different temperatures: 540 °C and 560 °C. The mass fractions of Mg and Si 
for the different alloys are stated. 
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If the reactions at higher temperatures are suppressed to a certain extent by higher cooling rates, another 

reaction (or multiple reactions) occur(s) at lower temperatures. The quench-induced MTRs and LTRs of 

precipitation hardening Al alloys may therefore initially give an increase in the fraction transformed with 

increasing cooling rates (see the enthalpy change of the LTR in Figure 40). This is also typically related to 

an increase in the reaction temperatures. The reason for this behaviour is increasing supersaturation (due 

to the increasing suppression of the HTRs). This increases the driving force for precipitation of the related 

phases (which typically competes for the same alloying element atoms, like the HTRs).  

In general, it can be stated that at lower temperatures, metastable precursor phases are precipitated. These 

particles have much larger aspect ratios compared to high-temperature particles, but are still relatively 

coarse. Their dimensions can reach several hundreds of nm, and thus contribute little to direct hardening. 

Nucleation of these quench-induced lower temperature precursor phases takes place mostly on incoherent 

dispersoids (and on grain boundaries; see for instance Figure 49). The dispersoid particle number density 

therefore substantially influences quench-induced precipitation and quench sensitivity.  

For some alloys, quench-induced precipitation at relatively high cooling rates is shown to proceed at 

relatively low temperatures. Particularly for AlZnMgCu alloys, it has been found that a thin platelet phase 

can precipitate at temperatures between 250 and 150 °C [BM7, BM8, 185]. At even lower temperatures of 

down to ≈50 °C, cluster formation has been identified [103–105]. Although the latter two particle types 

already provide a considerable direct hardening effect, since the volume fractions generated for these 

quench-induced particles are small, the total hardening effect is still relatively low. 

For pure laboratory alloys in the AlSi sytem, it was shown that one phase can contribute both to the HTR 

with low aspect ratio precipitates and also to the reactions at lower temperatures with high aspect ratio 

precipitates. It was demonstrated that additions of further alloying elements can cause an additional 

sequence of potential quench-induced precipitates. 

In general, the UCCRs of commercial precipitation-hardening Al alloys range between about 0.5 K/s (6060, 

[BM2]) and about 300 K/s for highly concentrated AlZnMgCu alloys [BM9, BM7, 124, 153]. 

The kinetics of quench-induced reactions are accelerated by an increased concentration of alloying 

elements. At medium cooling rates, which are particularly relevant for gas cooling, for instance, more highly 

concentrated alloys may lose a large amount of their age-hardening potential by quench-induced 

precipitation. Applying the same gas cooling rates to leaner alloys might still achieve sufficient 

supersaturation, allowing these alloys to exploit nearly their full age-hardening potential. Leaner alloys 

might therefore achieve higher hardness and strength after medium-slow cooling, as compared to more 

highly concentrated alloys. This aspect was demonstrated for AlMgSi and AlZnMgCu wrought and AlSiMg 

cast alloys (compare Figure 41, Figure 53 and Figure 70, respectively). Particularly for the latter, the applied 

solution treatment makes a substantial impact, since the coarsening of the eutectic, which increases with 

soaking duration, influences the density of nucleation sites. In all cases, the lower concentrated alloy after 

medium-slow cooling at approximately 1 K/s and additional ageing achieved a hardness of about 150 % of 

the highest alloy concentration considered. This aspect has particular technological relevance if the aim is 

to retain high dimensional stability of the quenched parts, or to limit their residual stresses, which is often 

associated with reduced cooling rates. The knowledge obtained of the kinetics of quench-induced 

precipitation now allows us to choose either an appropriate cooling process for a certain fixed alloy and/or 

an appropriate alloy for a certain fixed cooling process. 





73 

5 Application of the derived DSC methods to 

other alloy systems 

The methodology for heating and cooling DSC described in Section 2 has been applied to analyse a range 

of solid-solid phase transformations in other metallic alloy systems. For instance, quench-induced 

precipitation in magnesium alloys [119] and the tempering of steels have been analysed [206, 207]. 

Recently, our DSC method for the analysis of solid-solid phase transformation kinetics was successfully 

adapted for use with high-temperature alloys up to 1100 °C [118]. The in situ analysis of quench-induced 

precipitation in precipitation hardening martensitic steels [118, 125, 202], and Ni-based alloys [118] has 

successfully been demonstrated.  

The strength of a range of magnesium alloys is increased by precipitate strengthening, achieved through 

post-quench ageing [5]. The age-hardening potential of precipitation-hardening Mg alloys can be lowered 

by quench-induced precipitation. Until recently, the analysis of precipitation reactions by DSC was restricted 

to temperatures well below the solution temperature, mainly due to the low eutectic melting temperature in 

the system Mg-Al, occurring between Mg samples and Al crucibles. To solve this limitation we recently 

adapted our DSC methods by using graphite crucibles to allow the kinetic analysis of precipitation and 

dissolution reactions in Mg alloys up to solution annealing temperatures [119]. An example of DSC cooling 

curves for the WE43 Mg-Y-Re alloy from solution treatment temperature is shown in Figure 76, and these 

DSC curves show a high similarity to the DSC cooling curves for Al alloys. DSC has been shown in our 

recent work to allow the derivation of a continuous cooling precipitation diagram for Mg alloys [119]. The 

CCP diagram for the WE43 Mg-Y-RE alloy is presented in Figure 77. The UCCR of this alloys is in the 

range of 10 to 100 K/s [119]. 
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Figure 76: DSC cooling curves for age-
hardening Mg alloy WE43 [119]. 

 

Figure 77: Continuous cooling precipitation diagram of age-hardening 
Mg alloy WE43 [119]. 

In the martensitic precipitation hardening of steels such as X5CrNiCuNb16-4, strengthening is caused by 

the precipitation of fine Cu-rich particles [208–211]. In terms of cooling from solution treatment, the quench-

induced precipitation of Cu-rich phases has thus far been disregarded, since the available continuous time-

temperature transformation diagrams for precipitation hardening steels were recorded by dilatometry. The 

available continuous time-temperature-transformation diagrams therefore neglect precipitation, and only 

the martensitic transformation has been analysed in work using dilatometry [212]. Recently published work 

by the present author [118, 125] covering cooling DSC on X5CrNiCuNb16-4 clearly reveals quench-induced 

precipitation and its negative effect on the hardness after ageing (see Figure 78). In a similar way to 

aluminium alloys, precipitation occurs in two different temperature regimes and the UCCR for this steel is 

about 30 K/s. 

Ni-based alloys can also benefit from precipitation strengthening. We recently investigated the precipitation 

behaviour of Inconel 718 (a Ni-17Cr-17Fe-5Nb-3Mo alloy) during cooling from solution treatment [118]. 

Figure 79(a) shows continuous DSC cooling curves for this alloy after solution annealing at 980 °C for 

60 min, and Figure 79(b) illustrates the hardness and the specific precipitation heat, which depend upon 

the cooling rate. Linear cooling (e.g. cooling in the DSC) involves a two-stage precipitation process that is 

kinetically suppressed by an increase in the cooling rate. It can be seen from Figure 79B that there is a 

substantial direct hardening effect of quenched induced precipitates. This effect is known to occur in Ni-

based alloys in an extend allowing technological application for strengthening [213–215]. Compared to Al 

alloys, this effect is much stronger due to the substantially larger fractions of alloying elements. The UCCR 

in terms of hardness after ageing is in the range of just 0.1 K/s. 
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3.2 Quench-induced precipitation during cooling from solution treatment 75 

 

Figure 78: X5CrNiCuNb16-4 (A) Selected DSC cooling curves of X5CrNiCuNb16-4 after austenitisation at 1100 °C, 30 min. 
The DSC peaks between about 1000 °C and 600 °C indicate the quench-induced precipitation of Cu-rich particles, while the 
strong peak below about 200 °C corresponds to the martensitic transformation. (B) Hardness as a function of the cooling 
rate in the quenched and in the quenched and aged conditions, adapted from [118]. 

 

 

Figure 79: (A) Continuous DSC cooling curves of Inconel 718; (B) hardness profile and specific precipitation 
heat depending on the cooling rate [118]. 
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6 Conclusions 

6.1 In situ DSC analysis of solid-solid phase 

transformations in precipitation hardening alloys 

 Compared to the state of the art prior to the work carried out here, the dynamic range of in situ 

DSC on age-hardening alloys has been substantially extended, particularly in terms of continuous 

cooling experiments. A range of cooling rates from about 3x10-4 to 3 K/s can now be applied in a 

reliable analysis method using direct, in situ DSC experiments. Based on a typical temperature 

interval for the cooling of light metal alloys from solution treatment, this is equivalent to cooling 

durations ranging from several weeks up to a few minutes. 

 By combining direct, in situ DSC measurements with indirect DSC measurements where no direct 

measurement is possible, the accessible cooling rate range is extended to 10 orders of magnitude, 

from about 10-5 to 105 K/s. When applied to the cooling of aluminium alloys from solution annealing, 

this corresponds to cooling over several months down to cooling within several hundredths of a 

second. 

 The key features which make these in situ DSC analyses of solid-solid phase transformation 

possible are as follows: 

o Measurement and evaluation of the specific excess heat capacity; 

o Taking great care with the accuracy of the DSC zero level; and 

o Consideration of a large dynamic range of heating or cooling rates as well as the analysed 

scales of microstructural changes. 

 DSC can help a great deal in choosing appropriate heat treatment parameters for age-hardening 

alloys based on in situ experiments. This holds for the solution treatment (heating rates, solution 

temperature and soaking duration) and particularly for quenching. 

 The obtained DSC methods have also been successfully adapted and applied to the analysis of 

solid-solid phase transformations in other precipitation hardening alloy systems, including Mg 

alloys, precipitation-hardening martensitic steels and Ni-based alloys. 
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6.2 Continuous heating and solution annealing 

 DSC heating curves of precipitation hardening alloys for a specific initial condition allow us to judge

whether dissolution or precipitation reactions are predominant at certain times and temperatures.

 Interpretations of DSC heating curves for precipitation-hardening alloys are often found to be

challenging. The strong superposition of opposite endo- and exothermic reactions

(dissolution/precipitation) make exact interpretations difficult; that is, single DSC peaks, their peak

positions and peak areas are not necessarily equal to the maximum intensity of the underlying

microstructural reaction.

 Nevertheless, as a general rule, it can be derived that:

o Any diffusion-controlled reaction is increasingly suppressed with increasing heating rate.

Suppression of precipitation reactions seems to be easier than suppression of dissolution

reactions. Consequently, at sufficiently high heating rates, only dissolution reactions will

occur.

o Any diffusion-controlled reaction shifts to higher temperatures with increasing heating rate.

Increasing the heating rate by a factor of 100 typically causes shifts on the order of more

than 100 K.

 If the alloy and heating rate specific solvus temperature is exceeded, the total integral of the DSC

heating curve reveals the enthalpy level of the initial alloy state. This enthalpy level provides

information about the thermal stability of the initial condition, and is higher for more stable

conditions.

 For aluminium alloys undergoing different initial heat treatment states such as “as quenched”, T4,

T6 or T7, DSC heating curves show severe differences at temperatures below about 300 °C. Above

this temperature, the differences are typically small.

 DSC heating is able to identify appropriate temperature ranges for solution treatment, particularly

at slow heating rates, since for slower heating the alloy- and heating-rate-specific solvus

temperature can be identified. At very slow heating rates, the latter will be close to the equilibrium

solvus temperature. Additional experiments can be performed to check whether a complete

dissolution of the major alloying elements has been achieved. These additional experiments

include isothermal DSC during soaking within the previously identified temperature range.

6.3 Continuous cooling and analysis of quench-induced 

precipitation 

 During cooling, only exothermic precipitation occurs, making interpretation of DSC cooling curves

easier than for DSC heating curves. However, in most cases, several different reactions overlap,

and their deconvolution may be challenging. Multiple reactions occurring sequentially were

detected for all alloys investigated.

 The nature and kinetics of quench-induced precipitates in age-hardening Al-alloys were analysed 

for 27 different alloys, and both differences and similarities were identified between different 

alloying systems:
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o Quench-induced precipitation occurs at both, grain boundaries and predominantly inside

grains. The latter particularly holds for grain sizes above several tens of µm.

o Nucleation of quench-induced precipitation generally occurs on existing crystal defects

such as grain boundaries, primary precipitates and dispersoids.

o At high temperatures (≈500–350 °C), the stable equilibrium phases of the alloy system

precipitate as coarse particles with a low aspect ratio (aspect ratios = length/ (thickness or

diameter) is about 1 to 5), and nucleation occurs on coarse primary particles.

o At medium temperatures (≈350–200 °C) in the AlMgSi system, precipitation of MgSi

precursor phases occurs as rods with aspect ratios of about 10. In the AlZnMg(Cu) system,

precipitation of the η-Mg(Zn,Al,Cu)2 phase occurs as plates with aspect ratios of up to 10.

In both alloy systems, quench-induced precipitation at medium temperatures nucleates on

dispersoids.

o At low temperatures (≈250–150 °C) in the AlZnMg(Cu) system, thin plates enriched with

Cu and Zn were detected as quench-induced precipitation. At very low temperatures

(≈150–50 °C) in the AlZnMg(Cu) and AlMg(Cu) systems, quench-induced precipitation of

clusters was revealed.

 The major aspects influencing the quench sensitivity are:

o The concentrations of the main and dispersoid-forming alloying elements;

o The density of nucleation sites (coarse primary particles, particularly dispersoids, grain

boundaries, undissolved secondary phases, eutectic structure), i.e. the initial

microstructure initial prior to the start of cooling;

o Concentrations and nucleation sites form the major reason for the significant alloy batch

sensitivity in terms of the kinetics of quench-induced precipitation. For instance, for

different batches of 6082, the upper critical cooling rate (UCCR) might vary by up to a factor

of 10;

o Moreover, the result of the solution treatment in terms of complete or incomplete dissolution

influences the quench sensitivity; incompletely dissolved remaining particles can instantly

start to grow with the onset of cooling (with no nucleation required, and no undercooling).

This can increase the UCCR by a factor of three.

 The most highly concentrated Al alloys have a UCCR in the range of several hundreds of K/s. Lean

commercial alloys such as 6060 may have a UCCR as low as 0.5 K/s, and for pure laboratory alloys

(with a substantially reduced number of nucleation sites), this may be even lower (e.g. pure binary

Al0.26Si about 0.02 K/s).

 A systematic methodology for the analysis, evaluation and construction of continuous cooling

precipitation diagrams for precipitation hardening alloys and guidelines for reading these were

derived. This significantly advances the state of the art in the heat treatment of aluminium alloys.

 It was shown that the highest alloying element contents are able to obtain the highest hardness if

the necessary high upper critical cooling rate is reached. However, if the technological application

requires slower cooling (for instance due to thick products or to keep distortion low), a lower

concentration of alloying elements can lead to higher hardness due to quench-induced precipitation

kinetics and the related loss of age-hardening potential.
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Abstract 
The purpose of this report is to present a methodology to record Continuous Cooling 

Precipitation (CCP) diagrams over the complete range of technical interesting cooling 

rates for some aluminium wrought alloys. With the information out of CCP-diagrams, 

the quenching step of the heat-treatment process “Age Hardening” can be optimized. 

The nanosized precipitations were detected via Differential Scanning Calorimetry 

(DSC) by identifying their exothermal heat. Aluminium wrought alloy EN AW-6005A 

was age hardened in three different DSCs whereby cooling rate-range varies over 3 

orders of magnitude. With increasing cooling rate, the precipitation heat is decreasing. 

The CCP-diagram covers cooling rates form close to equilibrium conditions at 0.1 

K/min up to the critical cooling rate at 375 K/min where the precipitation reaction is 

suppressed completely. The DSC delivers a very useful method to record full range 

CCP-diagrams of aluminium alloys. Opposite to other possible methods, it also delivers 

a measure for the amount of the nanosized precipitates by the amount of released 

heat. A strategy is presented for the deconvolution of overlapping DSC-peaks. 

Keywords: Differential Scanning Calorimetry (DSC); hyperDSC; aluminium; alloy 

6005A; age hardening; continuous cooling precipitation (CCP) diagrams 

Introduction 
For the strengthening of suitable aluminium alloys a heat-treatment, which is called 

age hardening is performed. Thereby strength is increased by the mechanism of 

particle strengthening. The particles, which cause the strengthening, have a typical 

size in the nanometre-scale. Age hardening contains out of three steps: solution 

annealing, quenching and aging. During the solution annealing, the relevant alloying 

elements are dissolved in a solid solution. This state is frozen by quenching and a 

supersaturated solid solution (SSS) results. In a third step the material is aged, 

naturally (at room temperature) or artificially (temperatures usually up to 200 °C), for a 

certain time to get a controlled precipitation of strengthening particles. The precipitation 

process follows an alloy specific sequence. Maximum strength is reached, when 

precipitate size and structure hinder dislocation movement most efficiently. These 

strengthening particles are very small compared to the incoherent equilibrium-phase 

particles [1]. 
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When an age hardening aluminium alloy is solution annealed and afterwards cooled 

too slowly, a precipitation reaction occurs already during cooling. This reaction must 

be eliminated completely to reach maximum strength during the following aging. 

Therefore cooling must be done as fast as needed to suppress precipitation. On the 

other hand cooling should be done as slow as possible to avoid extensive residual 

stresses and distortions. In order to fit those opposite requirements cooling should be 

done just above the critical cooling rate, which is the slowest cooling rate where no 

precipitation reaction occurs. The influence of the cooling rate on the precipitation 

behaviour is described by Continuous Cooling Precipitation (CCP) diagrams. This 

information can be used to optimize the quenching step of the age hardening process. 

Furthermore, simulation of precipitation during the cooling step out of the age 

hardening process is impossible without CCP-diagrams. However, for aluminium alloys 

only very few CCP-diagrams exist because common procedures to record such 

diagrams for steels, like dilatometry, are not usable for aluminium alloys. One 

significant difference between steel and aluminium alloys is that during the comparable 

heat treatment of steels usually phase transformations with large volume changes take 

place. For aluminium alloys the matrix phase is constant and only alloying elements 

(which is typically only few wt.- percent) precipitate out of the matrix. Hence, the volume 

effects are much smaller at aluminium alloys. 

The precipitation reactions during cooling of solution annealed heat-treatable 

aluminium alloys are exothermic. Recently it was reported that this precipitation 

reaction can be detected by Differential Scanning Calorimetry (DSC) in a cooling rate 

range from 5 to 475 K/min. It was found that with increasing cooling rate the 

precipitation heat decreases. Consequently, the released heat has been established 

as a measure for the amount of precipitated particles [2-5]. 

Cavazos et al. [6] also used the fact that the precipitation is exothermic. They 

measured precipitation during cooling with a special (Jominy) end-quench test by 

which several additional thermocouples were placed at the middle axis of the cylindrical 

sample. This method could implement many sources of error like that this is not a 

closed system. Additionally the end-quench causes non-linear cooling. The presented 

CCP-diagram of aluminium alloy 6063 covers a cooling rate range of approximately 

2100 K/min to 35 K/min. Moreover, no direct measure for the amount of precipitates 

was reported. Li et al. [7] measured continuous cooling precipitation curves of an Al-
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Cu-Li alloy. Amongst other methods they used the change of electric resistance to 

follow precipitation during cooling. This method also delivers a large range of cooling 

rates from approximately 70 to 1000 K/min. However, no direct measure for the amount 

of precipitation was reported. 

As shown above it is possible to record CCP-diagrams with different methods in 

different ranges of cooling rates. Until today, no complete CCP-diagrams for aluminium 

alloys have been published. In order to record complete CCP-diagrams of aluminium 

alloys the DSC method seems to be most informative because it supplies a measure 

for the amount of precipitates via the amount of released heat in dependence of cooling 

rate. However, the mentioned DSC-studies cover only a small range of cooling rates. 

Nevertheless nowadays scanning calorimetry is possible in a very wide range of 

cooling rates. Very slow scanning to follow near equilibrium phase changes can be 

done, beside others, with Heat-Flow-DSCs of the CALVET-type [8]. Ultra fast scanning 

calorimetry up to 1 MK/s cooling rate is possible with thin film chip calorimeters [9, 10]. 

With the device used by Gao et al. [11] the previously existing gap in heating and 

cooling rates between ultrafast and conventional DSC is closed now. Even such 

calorimeters are available, they were not applied to aluminium samples yet because 

they have to be adjusted to the specific problem. Further the DSC technique is an 

established method for the investigation of the precipitation sequence during reheating 

of samples, which are solution annealed and typically quenched in water [12-15]. A 

review of DSC-work done on aluminium based alloys from 1994 to 2004 is given by 

Starink [16]. 

The purpose of this report is to present a method for recording full range CCP-diagrams 

for low to middle quench sensitive aluminium alloys in the range from very slow cooling 

near equilibrium (0.1 K/min) to some hundred K/min. The challenges here are relative 

high temperatures, a wide range of cooling rates and as the most difficult task the 

detection of the disappearance of the precipitation reaction near the critical cooling 

rate. To detect the alloy specific critical cooling rate the DSC reaches its limits because 

of zero released heat when the supersaturated solid solution is obtained completely. 

The challenge here is to distinguish objectively between a tiny reaction and 

instrumental noise. An additional problem is the deconvolution of overlapping reaction 

peaks. Despite the relative big samples, signal smearing is no problem, due to the 

good thermal conductivity of aluminium. Compared to the research published so far in 
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this field, the developed evaluation method is more objective. It also enables evaluation 

of the characteristic data in case of overlapping reactions. 

Materials and Methods 
The presented investigation was performed with the age hardening aluminium-

magnesium-silicon wrought alloy EN AW- 6005A. This is an often-used alloy with 

middle alloying content. Therefore, a relatively low critical cooling rate was expected. 

Cylindrical samples were turned from an extruded profile. Samples were turned 

cylinders with sample masses from 32 mg to 1550 mg with dimensions from 4 to 6.5 

mm in diameter and from 1 to 22 mm in length adapted to cooling rate and calorimeter 

used. As an inert reference material for the DSC measurements EN AW-1050, pure 

aluminium with an Al-content of over 99.5 wt.-%, was used. The reference samples 

were turned out of a cast block. The detailed amounts of alloying elements of both 

materials are shown in Table 1. 

Table 1: Alloying elements of the investigated aluminium basis-material: EN AW-6005A and EN 
AW-1050 (inert reference material) 

wt.-% Si Fe Cu Mn Mg Cr Zn Ti 

EN AW-
1050 0.09 0.32 0.002 0.004 0.001 0.001 0.01 0.004 

EN AW-
6005A 0.68 0.20 0.01 0.11 0.57 0.040 0.01 0.018 

 

The samples were solution annealed and cooled in three different types of DSC 

devices. An EN AW-1050 reference sample was placed in the reference furnace. 

Cooling rate varies from very slow cooling (0.1 K/min – equilibrium is expected) in 

discrete intervals up to critical cooling rate whereby the precipitation is completely 

suppressed. Selected samples have been artificially aged afterwards. Following 

hardness testing and metallographic investigations have been performed to confirm 

the DSC results.  

Some conditions were constant for all DSC-experiments: 

 Solution annealing temperature and time were 540 °C, 20 min, respectively 
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 Excess specific heat capacity was determined from all measurements. That 

means the difference in specific heat capacity between alloy EN AW-6005A and 

EN AW-1050. Therefore, a baseline-measurement was done for each cooling 

rate with EN AW-1050 samples in reference and sample furnaces. 

 Measurements were done at ambient pressure 

 Artificially aging was done at 25 °C for 7 min followed by 180 °C for 4 h 

In the cooling rate region above 30 K/min at least three experiments with the same 

conditions were performed. In the following the average values are shown. At slower 

cooling fewer experiments were performed because of their long duration. 

For each DSC-device, different conditions have been identified to reach optimal 

results: 

The slowest experiments were done with a Heat-Flow-DSC of CALVET- Type 

(Setaram DSC 121). The optimal samples have dimensions of about 5.7 mm in 

diameter and 21.7 mm in length, which results in a sample mass of approximately 1570 

mg. The samples were covered by two standard 300 µl aluminium crucibles with a 

mass of about 360 mg. Heating was carried out at 5 K/min. The block-temperature was 

set to 15 °C, but rises up to 30°C when the furnace reaches the maximum temperature 

of 540 °C. Cooling power of the circulating bath was not high enough to keep cooling 

jacket temperature at 15 °C but this is not important for this type of instrument. Cooling 

rate ranges from 0.05 K/min to 8 K/min. 

Cooling rates in the intermediate range from 10 K/min to 30 K/min were performed 

employing the heat flow type Mettler DSC 823. The optimal samples for these rates 

and this device have dimensions of about 5.4 mm in diameter and 1.4 mm in height, 

which results in a sample mass of approximately 92 mg. The samples were placed in 

standard aluminium crucibles (49 mg). These crucibles have a positioning pin for exact 

and equal positioning on the sensing area. The crucibles were tightly closed by a press. 

Hence, a small hole is to place in the lid in order to avoid buckling of the crucible. 

Buckling would result from air expansion caused by the large temperature-range. 

Buckling would disturb the heat flow between sample and sensor. Heating was 

performed with 30 K/min. A pure nitrogen purge was used. Cooling was realized by a 

double-stage mechanical cooler. 
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The fastest used DSC was a Perkin-Elmer Pyris 1, which is a power-compensated 

DSC. The samples were about 4 mm in diameter and 1 mm in height, which results in 

a sample mass of about 32 mg. The samples were placed on a plate of pure aluminium 

foil (5 mg) to prevent the micro furnace from element-diffusion. A double- stage 

mechanical cooler (Intracooler II) and pure nitrogen as purge gas were used. To reach 

maximum cooling rates massive metal guard-ring inserts were attached (instead of the 

star shaped guard-ring inserts) to improve heat exchange between the ovens and the 

cold block. The block-temperature is -80°C. The DSC is covered by a Glove-Box. This 

box was under slight over-pressure of dry air. Because of the dry-condition under the 

glove-box icing was reduced to a minimum. To avoid baseline drift problems sample- 

and baseline-measurements were done directly after each other. 

Radiation losses play an important role for baseline stability in all DSCs. During the 

measurement, the alloyed samples are changing their surface colour form bright to 

grey due to surface reactions. The change of surface colour is much stronger for the 

alloyed samples than for the pure aluminium reference samples. Due to this surface-

effect, the radiation behaviour is changing. Thereby the DSC-curves are bending. This 

bending can be strongly reduced by packing the samples in pure aluminium crucibles. 

At least in the heat-flow-DSCs crucibles are necessary to get a good accordance of 

sample- and baseline-measurement (Fig. 1).  
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Fig. 1: Comparison of different sample-packing in the Heat-Flow DSC of CALVET-Type (Setaram 
121); A: no packing, B: 40 mg pure Al-foil, C: 360 mg pure Al-crucible 

However, also for the power compensated DSC the curves are better reproduced with 

complete covering of the sample avoiding colour changes of the heat exchanging 
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surfaces of the sample. The influence of colour changes on the measured heat flow 

rates even for the nearly perfect three dimensional heat flow rate sensor in a Calvet 

type DSC is shown in Fig. 1. 

As mentioned above evaluation was done on the excess specific heat capacity curves. 

To get these curves the heat-flow curves of a baseline-measurement (pure Al as 

sample and reference) was subtracted from the heat-flow curve of the appropriate 

sample-measurement and the start- and end-isotherms were aligned. The resulting 

curve was divided by sample mass and cooling rate as common to obtain excess 

specific heat capacity [17]. This was found by preliminary investigations to be the best 

way to resolve the precipitation reaction in the DSC signal on cooling. 

Although it was tried to ensure optimal measurement conditions most curves were 

slightly bended. The curve bending changes continuously with changing cooling rate. 

Especially at high cooling rates, due to the tiny reactions, a highly scaled-up view of 

the DSC-curves was used for evaluation. Thereby the influence of curve bending on 

the relative evaluation error is increasing with increasing cooling rate. The commonly 

observed problems with curve bending at lower rates due to decreasing signal were 

avoided by choosing large sample masses and the appropriate calorimeter. The curve 

bending can be corrected with a polynomial curve of second-order (Fig. 2). In doing 

so, the error in integrating the peak-area was kept as small as possible. 

 

Fig. 2: Bending-correction with polynomial-function 
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information about the released specific heat, which precisely is called “specific 

precipitation heat”. This value is a measure for the amount of precipitates. With 

decreasing cooling rate the released specific precipitation heat approaches a limit: the 

equilibrium state. Under equilibrium or quasi static conditions the alloying elements are 

precipitated according to the corresponding phase diagram. This limiting specific 

precipitation heat can be used to estimate the amount of precipitates at higher rates 

as percentage of the quasi static value. Under quasi static conditions the precipitates 

are micron sized while at higher cooling rates they are mainly nanozised, see Fig. 8 

below. Therefore size effects, e.g. surface energies, have to be taken into account for 

a correct determination of the amount of precipitates, which was not the aim of this 

study.  

In some experiments at least two reactions overlap. The total precipitation heat 

measured is the sum of both released heats. For complete continuous cooling 

precipitation diagrams, a separation of the reactions is needed. Therefore, it was 

assumed that a single reaction causes a heat-peak that is shaped like a Gaussian 

distribution curve. The measured excess specific heat capacity curves cp(T),  were 

then approximated as a sum of two Gaussian peaks (Fig. 3). 

 

Fig. 3: Fit of the corrected excess specific heat capacity with two Gaussian curves 
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with the two sets of fit parameters Tpeak - peak-temperature, Δh - specific precipitation 

heat (peak-area) and w - width of the Gauss-curve. 

Start- and end-temperatures of the peaks were defined as Tpeak ± w respectively. They 

correspond to the points were the peak deviates for about 15 % of the peak height from 

the baseline. Even the so calculated start- and end-temperatures of the reaction are 

not the real reaction start- and end-temperatures, this method offers an objective 

evaluation of the characteristic temperatures also in the region of overlapping peaks. 

The amount of released heat decreases with increasing cooling rate. One aim of this 

study is the detection of the critical cooling rate at which the precipitation does not 

occur anymore. Therefore, an objective criterion is needed when no precipitation heat 

is detectable in the measured curves. The challenge is to decide when a precipitation 

peak is above the noise level. The detection limit was defined by the following criteria: 

 the reaction is detectable in at least three repeated experiments  

 the reaction is detectable also at the next slower cooling rate 

 specific precipitation heat is at least 0.1 J/g 

 peak-temperatures are in the same region as for next slower rate 

One example of a curve evaluation near the detection limit is shown in Fig. 4. For 

correct curve interpretation, the evaluation must be done from slowest to faster cooling. 

Fig. 5 gives an overview over all cooling rates and thereby information about the peak-

development. Additionally only with a general overview the curve bending can be 

corrected.  
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Fig. 4: Curve evaluation near critical cooling rate. TStart: 371 °C; TEnd: 285 °C; specific precipitation 
heat: 0.44 J/g 

Results and Discussion 
Fig. 5 shows the bending-corrected excess specific heat curves for the aluminium 

wrought alloy 6005A during cooling after solution annealing at 540 °C for 20 min. These 

curves were measured with three different types of DSC-devices. Cooling rate ranges 

from close to equilibrium conditions at 0.1 K/min to critical cooling rate, which was 

identified at 375 K/min in this case. Fig. 5 gives an overview of the peak-area and peak-
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Al–Mg2Si [1], and estimating a Mg2Si-content of 0.9 wt.-% in the investigated 
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420°C). This shows increasing precipitation suppression with increasing cooling rate. 
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precipitation peak to higher temperatures with increasing cooling rate shows that 

thermal lag is not dominating the peak shifts observed. 

 

Fig. 5: Overview of bending-corrected curves from three different types of DSC-devices in a 
cooling rate region from 0.1 to 375 K/min (0.1 to 5 K/min: Setaram 121; 10 to 30 K/min: Mettler 
823; 100 to 375 K/min: Perkin-Elmer Pyris 1 
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Fig. 6 presents the full range continuous cooling precipitation diagram of EN AW-

6005A. This diagram displays the investigated cooling curves in a graph of temperature 

as a function of time. The time axis is scaled logarithmic, causing the curved traces for 

cooling at constant rate. At 375 K/min (fat-dotted) there is no precipitation detectable 

any more hence this was identified as the critical cooling rate for the aluminium wrought 

alloy 6005A. On the cooling curves at slower cooling the start- and end-temperatures 

of the Gaussian peak-fit evaluation are inserted. In the range between 30 K/min down 

to about 1 K/min (corresponding to cooling times between approximately 750 s to 

20,000 s for the temperature range from 540 °C to 50 °C) two Gaussian peaks fit the 

measured curves reasonable well. In the range of even slower cooling two Gaussian 

curves do not fit well the measured curves. The extreme slow curves show some 

indication for more than two reactions, see Fig. 5. 

 

Fig. 6: Full range continuous cooling precipitation diagram of EN AW-6005A. The solid lines 
correspond to linear cooling in the range between 500 K/min and 0.5 K/min. 

It must be mentioned, that the CCP-diagram is only valid for the investigated chemical 
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because more peaks/reactions were not identifiable for sure. In those cases with less 

correlation between the peak fit and the measured curve, the peak fit is done like that 

the sum of both peak areas agrees well to the integrated area of the measured curve. 

At the slowest cooling rate 0.05 K/min the lower limit of the DSCs used is reached. 

Because of the very small effects, the released heat due to the precipitation reaction 

is so small per time step that it is hardly detectable. Hence, the signal to noise ratio is 

bad.  

The CCP-diagram in Fig. 6 delivers no information about the amount of released heat 

or the amount of precipitates respectively. This is shown in Fig. 7, which displays the 

released specific precipitation heat and the Vickers-hardness after artificial aging as 

function of cooling rate. The cooling rate axis is scaled decreasing logarithmic. This is 

done to allow an easy comparison with the time scale of the CCP-diagram. 

 

Fig. 7: Specific precipitation heat and Vickers-hardness (HV-1) after aging as a function of 
cooling rate. The displayed error bars shows the uncertainty, which results from evaluation. 

From the peak-area determination, an uncertainty of about 10% is estimated. 

Additional the single areas of the double peak from the fits are displayed. There is a 

strong correlation between precipitation heat and hardness. If a precipitation occurs 

during cooling it is hardly possible to strengthen the material during the following aging 
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process. At the slowest cooling the measured precipitation heat and the hardness 

approaches its saturation. This fact indicates that the equilibrium state is approached. 

Correlating the specific precipitation heat to the quasibinary phase-diagram Al-Mg2Si, 

the equilibrium precipitation heat of about 11.5 J/g belongs to the amount of 

precipitated Mg2Si which is nearly 0.9 wt.-percent for alloy 6005A. With this 

dependency the amount of precipitates can be approximated also for faster cooling. 

Because we do not know the (nano) size of the precipitates, which may affect the 

precipitation heat, we did not perform the calculation but an estimate is available from 

Fig. 7. At 10 K/min, for example, approximately 0.5 wt.-percent Mg2Si are precipitated. 

An additional confirmation of the DSC results is given by Fig. 8, which shows 

metallographic-images of samples of aluminium alloy EN AW-6005A in different 

cooling conditions. The left picture shows a sample, which was cooled with 362 K/min 

- a rate near critical cooling rate. Therefore, precipitation during cooling is suppressed 

nearly completely. Visible is the light-grey aluminium matrix, but also some primary 

precipitates, which form already during the primary shaping and which are not changed 

by the age-hardening process. Energy dispersive X-ray (EDX)-analysis showed that 

those phases mainly contain Fe, Mn and Si. Those primary precipitates can be found 

at each cooling condition. The most right picture of Fig. 8 shows a sample, which was 

cooled at 10 K/min. At this rate, the amount of precipitates during cooling is about ten 

times larger than at 362 K/min. The precipitates, which are formed during slow cooling, 

have dimensions in the µm-range. EDX-analysis showed that the phases, which are 

affected by the cooling rate, mainly contain Mg and Si. With X-ray diffraction (XRD) the 

cubic structure of Mg2Si could be detected at the slowest cooled sample.  
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Fig. 8: Metallographic images of samples of EN AW-6005A: 540°C 20 min, quenching: 
362.5 K/min; 250 K/min; 25 K/min and 10 K/min; etching: 45s with molybdenum acid (95ml 
distilled H20 + 5ml HF + H2MoO4 supersaturated) 

Form the right picture to the left picture (increasing cooling rate) the amount of visible 

precipitates is decreasing significantly. This is also a visible expression of increasing 

precipitation suppression with increasing cooling rate. 

Summary 
For the aluminium-magnesium-silicon wrought alloy EN AW-6005A, age hardening 

was performed in three different types of Differential Scanning Calorimeters (DSC) 

whereby cooling rate varies over 3 orders of magnitude. For the used DSC devices, 

optimal measurement conditions were found. Unavoidable remaining bending of the 

measured excess specific heat capacity curves was corrected. 

When an aluminium alloy is solution annealed and afterwards cooled too slowly, an 

exothermal precipitation reaction occurs. With increasing cooling rate, the precipitation 

heat is decreasing. The influence of the cooling rate on the precipitation behaviour is 

described by Continuous Cooling Precipitation (CCP) diagrams. With this information, 

the quenching step of the age hardening process can be optimized. Furthermore, 

simulation of precipitation processes during the quenching step of the age hardening 

is impossible without the material-data out of CCP- diagrams. 

The complete CCP-diagram of EN AW-6005A has been recorded (Fig. 6). The critical 

cooling rate, which is the minimum cooling rate, at which no precipitation heat is 

detectable, was determined. For the investigated alloy EN AW-6005A the critical 

cooling rate equals 375 (± 10) K/min. The definition of precipitation start- and end-
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temperatures was done by fitting the measured precipitation peaks by Gaussian peaks. 

Defined points of the Gauss-curves were used to evaluate the characteristic 

temperatures. In the cooling rate range from 375 K/min to 40K/min, only one reaction 

is detectable. At slower cooling rates there are at least two reactions detectable. In this 

region, the peak fit is done with two Gaussian peaks, which gave a good fit in the range 

between 30 K/min and about 1 K/min. The characteristic temperatures could be 

detected with an accuracy of ±10 K. The challenge of the needed decision between 

thermal noise and occurrence of a reaction-peak near the critical cooling rate has been 

overcome by well-defined decision criteria. The amount of released heat could be 

determined with an uncertainty of about 10 %. The DSC results are well confirmed by 

hardness testing and metallographic images. 

An open question is the identification of the single precipitates for overlapping peaks. 

Therefore, electron-microscopically analyses will be necessary to get information 

about the quantity of precipitates, their locations in the grain structure and their 

composition. First results indicate the presence of Mg2Si. 

With the used DSC devices, precipitation reactions are detectable in a range of cooling 

rates between 0.1 K/min and some hundred K/min. It is intended to record CCP 

diagrams for other aluminium alloys too. Therefore, higher cooling rates could be 

necessary. Scanning calorimetry is possible with cooling rates up to 1 MK/s nowadays 

[9, 10]. With the device used by Gao et al. [11] the gap in heating and cooling rates 

between ultrafast and conventional DSC is closed. Appropriate calorimeters are 

available, but they have to be adjusted to the specific problem.  
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Abstract 

The temperature- and time-dependent precipitation behaviour of Al-based 6060, 6063, 

6005A and 6082 alloys at different cooling rates after solution annealing has been 

investigated. The continuous cooling precipitation diagrams of these alloys were 

recorded by differential scanning calorimetry. The cooling rate was varied over five 

orders of magnitude (0.05 – 20,000 K/min). Cooling-rate-dependent precipitate 

formation was analysed by light microscopy, scanning and transmission electron 

microscopy. Cooling-rate-dependent hardness was tested after artificial aging. Over an 

appropriate range of cooling rates all alloys show similar precipitation behaviour. At 

least two precipitation reactions were observed in different temperature ranges. The 

high-temperature reactions correspond to the precipitation of the equilibrium phase -

Mg2Si, and the low-temperature reactions correspond to the precipitation of precursor 
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phases such as β’ and B’. The precipitation kinetics depend on the alloy composition. 

Maximum hardness values are to find as long as the materials were cooled faster than 

alloy specific critical cooling rate, which increases with increasing alloy content. 

Keywords 

Continuous cooling precipitation diagrams, aluminium-magnesium-silicon alloys, DSC, 

TEM, SEM, microstructure, precipitates 

1 Introduction 
The strength of metallic materials can often be adjusted by special heat treatments. The 

most important heat treatment used to strengthen aluminium alloys is age hardening [1], 

which involves solution annealing, quenching and aging. Thus, the quenching rate is an 

important parameter. 

Continuous cooling precipitation (CCP) diagrams describe the precipitation behaviour of 

aluminium alloys during cooling from solution annealing as a function of temperature 

and time. CCP diagrams of aluminium alloys may potentially achieve the same level of 

importance as continuous cooling transformation diagrams have for steels; however, 

only a few are known to exist. 

The precipitation sequence during the aging step of aluminium alloys has been 

frequently investigated [2-15]. These investigations often combine differential scanning 

calorimetry (DSC) experiments and intensive microstructure analyses [8, 11-15]. One 

problem is that the evaluation of the DSC data is not performed consistently in the 

literature, e.g., often the data is not normalised by sample mass and scanning rate. 

Therefore, the existing data is hard to compare.  

The generally accepted precipitation sequence of Al-Mg-Si alloys after quenching can 

be simplified as follows: supersaturated solid solution  Mg- / Si- (co-) cluster  GP-

zones  β’’  β’ / B’  β-Mg2Si [1].  
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However, the precipitation behaviour during cooling from solution annealing remains 

relatively unknown, and very few relevant reports exist [16-21]. Zajac et al. investigated 

the cooling step and reported the precipitation of Mg2Si in an fcc structure at high 

temperatures as well as in a hexagonal structure at lower temperatures [19-21]. Nothing 

about the intensity of the precipitation reactions or about the precipitated volume 

fractions as a function of composition and cooling rate is known. In any case, literature 

studies regarding the cooling rate range are insufficient. Therefore, no CCP diagrams of 

aluminium alloys, which are complete in terms of cooling rate range and structure 

information, exist. It is not known with any detail what phases precipitate at different 

temperatures and times during cooling from solution annealing and how these 

precipitates influence mechanical properties. Hence, this report proposes an approach 

to develop CCP diagrams of aluminium alloys.  

A method to record such CCP diagrams has been developed using differential scanning 

calorimetry (DSC), through which the exothermal heat of precipitation is detected [18, 

22-26], in combination with microstructural and hardness analysis. The purpose of this 

study was to compare the precipitation behaviour, microstructural and hardness 

evolution of Al-Mg-Si-based alloys with an excess of silicon with respect to the 

stoichiometric composition of the equilibrium secondary phase Mg2Si over a wide range 

of cooling rates as a function of composition. Precipitation reactions were investigated 

by DSC. Precipitates were investigated by light microscopy, scanning and transmission 

electron microscopy (SEM/ TEM) at samples with different cooling states. Cooling-rate-

dependent hardness was measured by Vickers hardness testing (HV1) after artificial 

aging. 

2 Experimental 
Five Al-Mg-Si-based wrought alloys with the chemical composition (mass fraction in %, 

obtained by optical emission spectroscopy (OES) analysis) shown in Table 1 were 
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investigated in the present work. Samples were machined from industrial extrusion 

profiles. The sample dimensions depended on the dimensions of the DSC devices 

used: from Ø 5.4 mm, length 1.4 mm to ∅ 6.2 mm, length 21.65 mm. The solution 

annealing of all alloys was performed at 540 °C for 20 min. 

All five alloys were investigated by DSC over the available cooling rate range (three 

orders of magnitude – from about 0.1 K/min to 375 K/min). The DSC signal is 

proportional to sample mass and scanning rate. To ensure an appropriate signal to 

noise ratio the sample mass should be adjusted to the scanning rate range. Therefore, 

three different types of DSC devices were used (0.1 – 8 K/min: Setaram 121 DSC; 10 – 

30 K/min: Mettler-Tolledo 823 DSC; 30 – 375 K/min: Perkin-Elmer Pyris 1 DSC). The 

results of the different devices fit well at the cooling rate of intersection. The DSC 

experiments were performed by using the procedure described in [25]. Evaluation of the 

DSC data was performed like published in [27]. For microstructure analyses and 

hardness testing the cooling rate range was widened to about five orders of magnitude 

(0.05 K/min – 20,000 K/min) by using a quenching dilatometer Bähr DIL 805 A/D. 

For microstructure analysis in particular, two types of cooling experiments were 

performed. In the first type, the samples were cooled from solution annealing with 

different linear cooling rates to room temperature. This treatment is called “variation of 

cooling rate” (Figure 1 A). In the other type of experiment, slow cooling rates of 

0.1 K/min and 10 K/min were interrupted after discrete temperature intervals of 25 K 

(Figure 1 B) followed by overcritical cooling in the DSC or dilatometer in order to 

"freeze" the precipitation state at different temperatures during continuous cooling. This 

treatment is called “variation of temperature”. The microstructures of these different 

states were investigated by light microscopy as well as scanning and transmission 

electron microscopy (SEM and TEM). 

The chemical composition of precipitates was investigated by EDX in SEM and TEM. 
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The crystal structures of the precipitates were analysed by selected-area electron 

diffraction (SAED) in TEM. Hardness tests (HV1) were carried out for samples with 

different cooling conditions. 

Samples for light microscopy and SEM analysis were prepared by standard grinding 

and polishing with water-free, ethanol-based lubricants. To identify the location of 

precipitates within the grains or at the grain boundaries, the specimens were etched for 

20 s in a solution of 4 g potassium permanganate in 100 ml distilled H2O and 1 g 

sodium hydroxide. After etching an etch-skin remained on the surface, which was 

removed by cautious polishing. 

The volume fraction of large Mg2Si precipitates showing dark contrast in light 

microscopy images was determined by computerised image analysis [28]. For statistical 

validation, six images of each cooling condition at low magnification were evaluated. 

This resulted in a relatively large evaluated area of 240,000 µm² per cooling condition. 

TEM samples were prepared by mechanical grinding and further by twin-jet thinning in 

an electrolyte (methanol to nitric acid with a ratio 3:1) at a temperature of about -30 °C 

and a voltage of 25 V. TEM investigations were performed in a Philips CM30 

microscope operated at 300 kV and equipped with EDX spectrometer. The beam size in 

the EDX microanalysis measurements was typically 10 nm. The composition value was 

averaged over at least five measurements. 

Vickers hardness test for HV1 hardness was performed at specimens after solution 

annealing, quenching and artificial aging for different alloys as shown below.  

 solution annealing: 540 °C 20 min, quenching with different rates; 

 artificial aging: 

o 6063, 6005A, 6082: 25 °C 7 min + 180 °C 4 h; 

o 6060: 25 °C 48 h + 180 °C 4 h. 
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Low alloyed Al-Mg-Si alloys show positive response on room temperature storage 

previous to artificial aging [1]. For the lowest alloyed investigated composition 6060 a 

room temperature storage of 48 h has been detected as the optimal storage duration in 

preliminary tests. For higher alloyed compositions the effect is negative. Hence, here 

the intermediate storage duration was kept short. 

3 Results 
3.1 Calorimeter and Hardness Results 

Figure 2 shows seven characteristic DSC cooling curves as a function of temperature 

for alloy 6005A. The curves are arranged in order of increasing cooling rate, starting 

with the slowest rate on top. The dotted line in each DSC curve represents the zero 

level. Deviations exceeding this level indicate exothermal reactions. Altogether, about 

200 cooling experiments with about 30 different cooling rates were performed for each 

alloy [25, 29-30]. All investigated alloys showed similar precipitation behaviour with 

high- and low-temperature precipitation reactions. There are indications for some more 

reactions, e.g. Figure 2, top curve 0.1 K/min, but these further reactions could not be 

clearly evaluated regarding start and end temperature. All five alloys have a similar 

precipitation behaviour.  

The precipitation start and end temperatures were taken from DSC curves and plotted 

in a temperature/time-diagram. The resulting CCP diagram of 6005A is shown in Figure 

3. The detected precipitation start and end temperatures are indicated by thick lines. 

Dashed lines indicate that a precipitation region was extrapolated on the basis of 

dilatometer results towards faster or slower cooling rates, which were not measureable 

by DSC. The CCP diagram provides information regarding precipitation reactions as a 

function of the cooling rate and temperature.  

Another important piece of information is the intensity of the precipitation reactions. This 

intensity can be observed from the peak areas of the DSC curves like in Figure 2 and is 
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displayed in Figure 4 for alloy 6005A, where the specific precipitation heat during 

cooling to room temperature and the hardness after aging as a function of the cooling 

rate are presented. The cooling rate axis follows a decreasing logarithmic scale for 

comparison with the time scale of the CCP diagrams. Thus, Figure 3 and Figure 4 are 

complementary. For the precipitation heat, the error bars show an estimated error of 

10 % resulting from the evaluation procedure. For the hardness values, the standard 

deviation calculated from six indentations is shown. 

After artificial aging the hardness clearly shows maximum values as long as no 

precipitation heat was observed during cooling to room temperature. Maximum 

supersaturation after quenching ensures maximum hardness after aging. Hence, a 

critical quenching rate of 375 K/min for 6005A was determined. 

The total precipitation heat can be divided into the high-temperature precipitation heat 

and the low-temperature precipitation heat. The high-temperature precipitation heat 

decreases with increasing cooling rate, whereas the low-temperature precipitation heat 

shows a maximum at about 10 K/min. 

The CCP diagrams of the other investigated alloys are shown in Figures 5 to 8. For 

alloy 6082high, the dotted line at 540 °C indicates the immediate onset of precipitation 

upon cooling. Generally, the precipitation processes of 6XXX Al-alloys during cooling 

are initiated sooner with increasing contents of the alloying elements Mg and Si. 

A comparison of the total specific precipitation heat during cooling and Vickers hardness 

HV1 after artificial aging as functions of cooling rate for all investigated alloys is shown 

in Figure 9 A and B. Whereas the total specific heat of all investigated alloys decreases 

with increasing cooling rate, the Vickers hardness after aging increases. 

The precipitation kinetics depend on the alloy composition. A lower critical cooling rate 

(LCCR) is defined for the highest cooling rate at which practically complete precipitation 
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takes place. Additionally an upper critical cooling rate (UCCR) is defined for the slowest 

cooling rate at which completion of supersaturation in solid solution is reached during 

cooling. The upper and lower critical cooling rates increased with increasing amounts of 

alloying elements Mg and Si (Figure 9). The same tendency was observed for the 

saturation level of total released heat. Generally, the precipitation heat decreases with 

increasing cooling rate due to the suppression of diffusion processes. Also, the 

saturation level of the hardness at high alloy-specific cooling rates increases with the 

increasing alloy content of Mg and Si. For alloys 6060, 6063 and 6005A, Figure 9 

clearly shows that the maximum hardness values were reached only if no precipitation 

heat could be detected. Thus, it was possible to estimate the precipitation heat for both 

compositions of 6082 by extrapolating the precipitation heat (dotted lines in Figure 9 A). 

Hence, it was also possible to estimate the UCCR of both compositions of 6082. 

The total precipitation heat was constant as long as the cooling rate was slower than the 

alloy-specific LCCR. This saturation level of specific precipitation heat values at 

relatively low rates could be detected for three alloys (6082high, 6082low and 6005A) over 

the investigated cooling rate range. Alloys 6060 and 6063 would require even slower 

cooling. 

Figure 10 shows the UCCR as a function of alloy composition for the Al-Mg-Si alloys. 

The concentration axis shows the sum of the mass fractions of Mg and Si. The 

theoretical mass fraction of Mg2Si at equilibrium and room temperature has been 

estimated from the alloy composition. These values are also given for each alloy. The 

UCCRs rose significantly with increasing alloy content. Between a Mg+Si mass fraction 

of about 0.8 % and 2.3 %, the UCCR increased by about two orders of magnitude. This 

can be explained by the higher supersaturation of the higher-alloyed materials. Even 

inside the allowed composition interval of 6082, UCCR differences of nearly one order 

of magnitude occur between low (1000 K/min) and high (8000 K/min) alloyed variants 
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(such high cooling rates are now also accessible to calorimetric investigations [31]). 

However, it must be mentioned that these results are only valid for the initial 

microstructures and solution annealing conditions.  

3.2 Microstructure Results 

The microstructural evolution of 6005A is shown in Figure 11 using micrographs 

obtained by light microscopy (A), SEM (B) and TEM (C). The cooling rates vary by more 

than three orders of magnitude between 0.05 and 100 K/min.  

At least three types of precipitates were detected: primary precipitates and two main 

types of secondary precipitates. Primary precipitates mainly consist of high melting 

elements, such as Fe, Mn, Cr and Si. They can be distinguished in SEM micrographs 

(particles which are bright in contrast in Figure 11 B) or by EDX analysis. Such primary 

precipitates were not influenced by the applied heat treatment. The primary precipitates 

found were homogeneously distributed in the microstructure and reached up to a few 

micrometres in size. 

Coarse secondary precipitates were observed as dark particles by light microscopy 

(Figure 11 A) and SEM (Figure 11 B). These dark particles precipitated inside of 

aluminium grains and at the grain boundaries of alloys 6060, -6063, -6005A and -

6082low. EBSD and XRD results for 6005A [29-30] indicate a fcc -Mg2Si crystal 

structure with lattice parameter a = 0.635 nm for these coarse secondary precipitates. 

The results of these investigations show strong indications that -Mg2Si particles 

nucleate at primary precipitates. Even for -Mg2Si particles located on grain boundaries, 

primary precipitates were observed inside the coarse -Mg2Si (Figure 12). 

Much smaller precipitates are visible in the TEM images. Such precipitates can be 

observed at cooling rates of up to 100 K/min, as shown for the 6005A alloy (Figure 11 

C). This second type of secondary precipitates includes rod- and lath-shaped phases. It 
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was found that both types of precipitates became smaller with increasing cooling rate. 

Though the size of Mg2Si precipitates after cooling at 0.05 K/min, which was up to a few 

tens of micrometres, they could be hardly detected by light microscopy and SEM after 

cooling at 10 K/min. The lengths of the rod- and lath-shaped secondary precipitates 

were also observed to decrease from about 600 nm after cooling at 10 K/min to about 

300 nm at a cooling rate of 100 K/min. 

Due to the corresponding cooling rate regions it can be assumed that the precipitation 

of coarse Mg2Si is a high-temperature reaction and the precipitation of fine rod- and 

lath-shaped precipitates is a low-temperature reaction. 

Figure 13 A shows SEM images of the microstructural development of 6005A observed 

at a constant cooling rate of 0.1 K/min for the variation of temperature experiments. At 

500 °C only primary precipitates are visible. The first Mg2Si particles were detected at 

475 °C, immediately before the intensity maximum of the high-temperature reactions 

was reached according to Figure 2. 

A high fraction of Mg2Si precipitates were observed by SEM at 450 °C after passing the 

intensity maximum of the high-temperature reactions. With a further decrease in 

temperature, the microstructure, as revealed by SEM, did not change significantly. 

During the cooling of 6005A at 10 K/min, where the low-temperature reactions release 

the maximum amount of heat (Figure 4), first rod-/lath-shaped precipitates could be 

detected at 325 °C, as observed in the TEM micrographs. This temperature 

corresponds to the low-temperature reactions that occurred at a cooling rate of 10 K/min 

(Figure 2) after passing the intensity maximum. At temperatures below 325 °C, the rod-

/lath-shaped precipitates grew only slightly, as illustrated in the TEM micrographs in 

Figure 13 B. Hence, it was concluded that the precipitation of rod-/lath-shaped 

precipitates corresponds to a low-temperature reaction. 
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Figure 14 shows a TEM bright-field micrograph of a rod-shaped precipitate embedded 

in an Al matrix. The corresponding SAED pattern of the [001] Al zone axis is shown in 

the inset. Additional superlattice reflections initiated from the rod precipitate in the SAED 

pattern are visible. Rod- and lath-shaped precipitates show similar diffraction patterns in 

the [001] Al zone axis. Because parts of the diffraction pattern initiated from the rod-

/lath-shaped precipitates are located at the <100> positions of the aluminium matrix, 

these precipitates are coherent with the Al matrix along this direction. Possible crystal 

structures will be discussed in the next section. 

The chemical composition of the rod-/lath-shaped precipitates consists of Al, Si and Mg 

and sometimes Cu, as measured by TEM EDX. In most cases, more Si than Mg was 

detected. However, the chemical composition of the elements varied between the 

individual precipitates.  

3.3 Volume fraction of Mg2Si 

The released heat of precipitation is a measure of the converted mass fraction of 

alloying element atoms: if cooling is slow and all alloying element atoms are precipitated 

out of solid solution, the precipitation heat should reach a saturation level. Hence, it 

should be possible to estimate the mass and volume fractions of precipitates from the 

specific precipitation heat measured by DSC. This applies under certain conditions, 

which are discussed in detail in [29]. The results of both methods are displayed in 

Figure 15 for the high-temperature precipitation of Mg2Si in alloy 6005A.The calculated 

values were compared with values ascertained by metallographic analysis (digital image 

analysis [29-30]). The error bars correspond to the standard deviation calculated from 

six evaluated microsections. The evolution of the volume fraction as a function of the 

cooling rate is shown in Figure 15. As shown, the results of both methods are in good 

agreement with each other. At cooling rates slower than 0.5 K/min the volume fraction 

of Mg2Si reaches a saturation level of about 1.3 %. With increasing cooling rate the 
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volume fraction of Mg2Si decreases, and at 10 K/min the volume fraction reaches only 

about 0.1 % to 0.2 %.  

4 Discussion 

4.1 Discussion of calorimeter results 

During cooling from solution annealing the precipitation behaviour is similar for all five 

investigated Al-Mg-Si alloys, which feature an excess of Si. In particular, there are at 

least two main exothermal reactions (high temperature: coarse Mg2Si; low temperature: 

rod-/lath-shaped precipitates) that appeared over similar temperature ranges. The 

temperature, at which Mg2Si precipitation is initiated, and the specific precipitation heat 

increase significantly with increasing amounts of alloying elements. This is expected 

from the quasi-binary phase diagram of Al-Mg2Si to which the investigated alloys belong 

in the first approximation. Figure 16 shows the schematic quasi-binary phase diagram of 

Al-Mg2Si (A) and the DSC curves measured for alloys with the highest (B, 6082high) and 

lowest amounts of alloying elements (C, 6060) at a cooling rate of 0.3 K/min. For both 

alloys, the estimated Mg2Si-concentration is marked by circles in the phase diagram. 

According to the phase diagram, the solvus temperature for 6060 is about 425 °C. 

6082high does not seem to be in the single-phase region at the applied solution 

annealing temperature of 540 °C. Hence, according to the DSC curve for 6082high 

shown in Figure 16 B, precipitation is initiated immediately with the onset of cooling, this 

finding indicates that solution annealing was performed slightly below or at the solvus 

temperature. For 6060, the comparable DSC cooling curve in Figure 16 C shows that 

the reaction was initiated at about 430 °C. Hence, the DSC results are in good 

agreement with the quasi-binary phase diagram of Al-Mg2Si. 

The DSC findings of this work confirm previously reported results [24], which stated that 

only the high-temperature peak was detected because of a small cooling rate range. 

Hence, the results of this work demonstrate that it is essential to follow the entire range 
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of cooling rates from conditions close to equilibrium to the complete suppression of 

precipitation, which is of technical interest, to record CCP diagrams. The technical 

interest is related to the maximum values of mechanical properties like strength or 

hardness. Maximum Vickers hardness after artificial aging was reached as long as no 

precipitation reaction could be proven at DSC measurements during cooling. This is due 

to maximum supersaturation at the beginning of the aging process as long as no 

precipitates were grown during cooling.  

According to our current understanding, no sharp separation between single reactions 

during cooling is possible. Rather, it seems that the precipitation process during cooling 

can be divided into at least two main overlapping regions: high temperature: coarse 

Mg2Si precipitates; low temperature: rod-/lath-shaped precipitates. However, there 

seem to be more precipitation reactions involved. During the formation of -Mg2Si at 

least two different nucleation sites were observed: nucleation on grain boundaries and 

nucleation inside of aluminium solid-solution grains, both of these were likely initiated on 

primary precipitates [29-30]. Probably these different nucleation sites are 

simultaneously active, competing for alloying element atoms with different nucleation 

energies and diffusion paths. Hence, the asymmetric and broad DSC peak of the high-

temperature reactions in the DSC curve for a rate of 0.1 K/min (Figure 2) may be due to 

different reactions. 

4.2 Discussion of microstructure results 

For the high-temperature reactions, the precipitation of Mg2Si was observed for all 

alloys by SEM, EDX and XRD. A detailed proof of this observation has been published 

in [29] for 6005A. Because the DSC curves of all investigated alloys are similar, we 

conclude that the metallographic findings made for 6005A also hold for the other alloys. 

Rod- or lath-shaped phases (low-temperature precipitation) were identified using 

electron diffraction in TEM. The diffraction pattern of the [001] zone axis of Al indicates 
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superlattice reflections (Figure 14), which are very similar to those found for the same 

kind of precipitates as reported in the literature [3, 6, 10, 32-33]. However, the 

interpretation of these results differs significantly between authors. While the authors of 

Ref. [2-3, 6, 32] suggest a hexagonal structure from the TEM diffraction pattern, the 

authors of Ref. [33] report a monoclinic structure determined from similar diffraction 

images. Furthermore, it is mentioned that both the hexagonal as well as the monoclinic 

crystal structure of such precipitates build upon the same Si-based structure [33]. Due 

to the coherence of the rod- and lath-shaped precipitates observed along the <100> 

direction of the aluminium matrix, at least one lattice parameter is known (0.405 nm), 

which is in agreement with the reported values of the hexagonal structure for β’ (a = 

0.705 nm, c = 0.405 nm) and B’ (a = 1.03 nm, c = 0.405 nm) [3, 6, 10, 32]. According to 

[1] both types of precipitates, β’ and B’, can exist concurrently; B’ occurs particularly at 

high Si:Mg ratios. Hence, we assume the low-temperature precipitates to be ’ and/or 

B’. 

The results of this work are in accordance with the data published by Zajac et al. [19-

21]. They performed continuous cooling experiments and TEM investigations on Al-Mg-

Si alloys. Zajac et al. distinguish between cubic and hexagonal Mg2Si during cooling 

from solution annealing for the aluminium alloys 6063, 6005 and 6082. They found that 

at temperatures between 500 °C and 400 °C Mg2Si precipitates in a cubic structure as 

square plates along the <100> directions of the aluminium matrix. This finding is 

confirmed by our work. However, in the present work, the start and end temperatures of 

the precipitation reaction as well as the volume fractions can be ascertained more 

precisely and as a function of the cooling rate, temperature and alloy composition. 

Furthermore, Zajac et al. found that at temperatures between 300 °C and 350 °C Mg2Si 

precipitates in a hexagonal structure [19-21]. This structure is semi-coherent with the 

aluminium solid solution. Such precipitates were found to occur as plates and needles. 
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Zajac et al. use the designation β’ for this phase. The semi-coherent phase with 

hexagonal structure precipitating at lower temperatures is in agreement with the results 

published in [19-21]. The temperature of the intensity maximum of the low-temperature 

reactions found in this work corresponds to the temperature range given by Zajac et al., 

at least over a certain cooling rate range. The exact intensities and characteristic 

temperatures of these low-temperature reactions can now be determined to be alloy 

specific, cooling rate and temperature dependent. 

Compared to the alloys 6060, 6063, 6005A and 6082low, the investigated alloy 6082high 

had a significantly lower grain size after solution annealing and cooling. The UCCR of 

this alloy is about one order of magnitude higher than the UCCR of the alloy 6082low. 

This result indicates that besides chemical composition the initial microstructure and 

solution annealing parameters strongly influence the CCT diagrams, as is known for 

steels as well. 

5 Summary  

The precipitation behaviour during cooling from solution annealing of five Al-Mg-Si-

based wrought alloys featuring an excess of Si was investigated over a wide range of 

cooling rates (0.05 K/min - 20,000 K/min) by means of DSC, metallographic analyses, 

SEM, TEM and hardness testing. The results were displayed in continuous cooling 

precipitation (CCP) diagrams. All investigated alloys show similar precipitation 

behaviour, which consists of the high-temperature precipitation of at least the -Mg2Si 

phase and the low-temperature precipitation of presumably β’/ B’. For all five alloys the 

precipitation reactions occurred in similar temperature ranges. The start temperature of 

-Mg2Si precipitation as well as the total specific precipitation heat increase with 

increasing amounts of alloying elements Mg and Si. The precipitation kinetics depend 

on the alloy composition as well. Both the lower and upper critical cooling rates (LCCR 

– highest cooling rate with complete precipitation / UCCR – lowest cooling rate with 
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complete supersaturation of solid solution) increase with increasing amounts of alloying 

elements Mg and Si. For example, for 6060 with the mass fractions of 0.4 % Si, 

0.44 % Mg, an upper critical cooling rate of 50 K/min was determined, and for 6082 with 

the mass fractions of 1.23 % Si, 1.05 % Mg, an upper critical cooling rate of 8000 K/min 

was determined.  Cooling-rate-dependent hardness reached maximum values as long 

as previous cooling was performed faster than the alloy specific critical cooling rate. 
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Table 1: Chemical composition of investigated alloys (mass fractions in %) obtained by optical 
emission spectroscopy (OES) analysis. 

 
Alloys Si Fe Cu Mn Mg Cr Zn Ti 
6060 0.4 0.2 0.01 0.02 0.44 0.001 0.01 0.009
6063 0.5 0.19 0.02 0.03 0.47 0.005 0.03 0.013
6005A 0.68 0.2 0.01 0.11 0.57 0.04 0.01 0.018
6082low 0.73 0.22 0.05 0.48 0.61 0.003 0.009 0.02
6082high 1.23 0.2 0.09 0.65 1.05 0.2 0.05 0.03
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Figure 1: Schematic presentation of heat treatments applied to alloys in this work. 
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Figure 2: Selected cooling curves of the investigated composition of 6005A alloy after solution 
annealing at 540 °C for 20 min; curves were obtained from three different types of DSC devices 
corresponding to different cooling rates from 0.1 to 375 K/min. 
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Figure 3: Continuous cooling precipitation diagram of the investigated composition of 6005A after 
solution annealing at 540 °C 20 min. 
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Figure 4: Specific precipitation heat after cooling to room temperature from solution annealing at 
540 °C 20 min and Vickers hardness after additional artificial aging of the investigated 
composition of 6005A as functions of cooling rate. 
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Figure 5: Continuous cooling precipitation diagram of the investigated composition of 6060 after 
solution annealing at 540 °C 20 min. 
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Figure 6: Continuous cooling precipitation diagram of the investigated composition of 6063 after 
solution annealing at 540 °C 20 min. 
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Figure 7: Continuous cooling precipitation diagram of the investigated composition of 6082low 
after solution annealing at 540 °C 20 min. 
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Figure 8: Continuous cooling precipitation diagram of the investigated composition of 6082high 
after solution annealing at 540 °C 20 min.  
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Figure 9: Specific precipitation heat after cooling following solution annealing at 540 °C 20 min (A) 
and Vickers microhardness after artificial aging (B) as functions of cooling rate for the 
investigated alloys. 
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Figure 10: Upper critical cooling rate of the investigated Al-Mg-Si alloys as a function mass 
fraction of Mg+Si. The estimated Mg2Si equilibrium mass fraction (at room temperature) is also 
given for each alloy. 
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Figure 11: (A) optical microscopy, (B) bright-field SEM and (C) bright-field TEM images of 6005A 
samples after cooling at different rates. 

 

Figure 12: Bright-field SEM images of Mg2Si precipitates (dark in contrast) found within the grains 
(A and B) and at the grain boundaries (C). In all investigated Mg2Si phases, primary precipitates, 
(bright in contrast) were found. 
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Figure 13: Microstructure of 6005A alloy samples investigated at different temperatures (A) using 
bright-field SEM at a cooling rate of 0.1 K/min and (B) using Bright-field TEM at a cooling rate of 
10K/min. 
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Figure 14: Bright-field TEM micrograph of a 6005A specimen after cooling at 10 K/min. The 
corresponding SAED pattern of [001] Al zone axis is shown in the inset.  

 

Figure 15: Volume fraction of Mg2Si plotted as a function of cooling rate determined by 
metallographic method and estimated from DSC measurements as a function of cooling rate.  
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Figure 16: Schematic quasi-binary phase diagram of Al-Mg2Si (A) [1] and DSC runs for the 6082high 

alloy (B) and 6060 alloy (C) at a cooling rate of 0.3 K/min.  
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Abstract: Two commercial 7xxx series aluminium alloys with different solute contents and 
different quench-induced precipitation behaviour have been investigated by using a specialised 
differential scanning calorimetry (DSC) technique to record exothermal heat outputs during 
continuous cooling. Together with hardness testing and microstructural analysis, this DSC 
method was used to develop the first continuous cooling precipitation (CCP) diagrams for alloys 
AA7150 and AA7020. The results show that the total precipitation heat for each alloy decreases 
with increasing cooling rate. However, the excess specific heat at a given cooling rate in alloy 
AA7150 is much higher than that in alloy AA7020. It is evident that there are at least three 
different quench-induced reactions in different temperature regimes for alloy AA7150 cooled at 

various linear cooling rates, but only equilibrium MgZn2 (-phase) and Al2CuMg (S-phase) 
particles were observed by scanning electron microscopy. There are two main precipitation 

peaks that can be found for alloy AA7020, which correspond to Mg2Si and MgZn2 (-phase). 
Furthermore, a method is developed to evaluate the quench sensitivity of an alloy based on a 
determination of the critical cooling rate. The maximum hardness values are reached at cooling 
rates that are faster or similar to the critical cooling rate. 

Keywords: Quench sensitivity; DSC; Al-Zn-Mg-Cu; Continuous cooling transformation; 
Continuous cooling precipitation diagram 

Introduction: 

High strength 7xxx alloys are conventionally hardened by means of a precipitation hardening 
treatment that includes: solution treatment, quenching and ageing [1-3]. The soluble alloying 
elements are dissolved into the Al matrix during solution treatment. After rapid quenching, a 
supersaturated solid solution is formed. In the third step, the materials are aged artificially for a 

certain time to obtain metastable ' precipitates [4-6]. Maximum strength is reached when the 
size and distribution of these precipitates are optimised to hinder the dislocations most efficiently. 
During extended ageing, the metastable precipitates will continue growing and transform to the 
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equilibrium MgZn2 (-phase). However, the equilibrium -phase can also precipitate on 
heterogeneous nucleation sites during slow cooling, resulting in a loss of solute from solution 
and a reduced strength after subsequent ageing [5, 7, 8]. 

It is therefore important to find an optimum way of quenching the 7xxx series aluminium thick 
plates from the solution treatment temperature without losing excessive solute, as different 
cooling paths will lead to a significant variation in properties. There are two main types of 
transformation diagrams that are helpful in selecting the optimum cooling paths to achieve 
desirable properties. They are based on either (i) interrupted quenching and isothermal holding 
experiments, such as time-temperature transformation (TTT) or time-temperature property (TTP) 
diagrams, or (ii) continuous cooling experiments, such as continuous cooling precipitation (CCP) 
diagrams, also known as continuous cooling transformation (CCT) diagrams. It must be 
mentioned that in particular, the isothermal TTT diagrams are not directly suitable to design a 
continuous cooling process. 

Fink and Willey pioneered attempts to describe the effects of quenching on the properties of 
aluminium alloys [9]. Using an isothermal quenching technique, they developed C-curves for the 
strength of 7075-T6 and the corrosion behaviour of 2024-T4[9]. Evancho and Staley successfully 
developed a new method called quench factor analysis, which involves an integration of cooling 
curves and TTP curves to allow the corrosion and/or mechanical property behaviour to be 
accurately determined [10]. Liu has compared C-curves for typical Al-Zn-Mg-Cu alloys 7075, 
7050 and 7085 [11]. He found that the most significant change for these three different curves is 
that the "noses" of the curves (i.e. the critical temperatures and times) shift to lower temperatures 
and longer times when progressing from alloy 7075 to 7085. This means that solute can remain 
in solution for longer times and to relatively lower temperatures in alloy 7085. Consequently, a 
slower cooling rate can be tolerated in the critical temperature range for a given drop in 
properties. However, in order to determine the critical temperature range for a C-curve, 
interrupted quenching techniques are normally employed. The specimens are quenched to 
intermediate temperatures, held for a series of times, quenched to room temperature, and then 
aged using a standard practice. A large number of experiments is required to build up a complete 
TTT diagram by this method [12]. For real-life engineering applications, a CCT-diagram is more 
appropriate since industrial heat treatments tend to involve continuous cooling rather than step 
quenching. As a result, it is more meaningful to develop a CCP-diagram and to select an 
optimum cooling path from this diagram. 

There are only very few CCP-diagrams that have been developed for aluminium alloys. Only 
recently, Kessler et al. provided a methodology to construct CCT-diagrams for alloy 7020 by 
means of a novel differential scanning calorimetry (DSC) technique [13]. Milkereit et al. 
developed this method significantly in order to record CCT-diagrams over a wide range of 
cooling rates from 0.1 K/min to 375 K/min by using three different types of DSC devices on 
alloy 6005A [14]. By recoding the exothermic heat capacity curves of the precipitation reactions 
during cooling, a full range of CCP-diagrams could be obtained. In addition, the hardness values 
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after artificial ageing were measured for the respective cooling curves. Milkereit developed 
CCP-diagrams for wrought aluminium alloys 6060, 6063, 6005A and two batches of 6082 by 
means of the same technique [15]. It was found that the critical cooling rate for 6xxx series 
alloys increases with an increasing concentration of alloying elements: 0.5 K/s for 6060, 1.5 K/s 
for 6063; 6.25 K/s for 6005A; 16.7 K/s for lean 6082; 133 K/s for concentrated 6082. 

For highly alloyed 7xxx alloys, the critical cooling rate is expected to be very high. Its value can 
hardly be estimated by traditional DSC techniques which are limited to cooling rates of about 5 
to 10 K/s. By using an indirect differential fast scanning calorimeter (DFSC) and utilising 

extremely small samples measuring 20 m × 90 m × 100 m, Zohrabyan et al. found that the 
critical cooling rate for alloy 7049A is about 300 K/s [16]. Alloy AA7150 is nearly as highly 
alloyed as alloy 7049A, except that it has a lower Zn content. It is therefore reasonable to assume 
that the critical cooling rate for alloy AA7150 alloy is of a similar order of magnitude. 

It is the purpose of this paper to construct CCP-diagrams for both alloys AA7150 and AA7020, 
based on a combination of DSC measurements, microstructure analysis and hardness testing. 
Several DSC-devices are used employing the method described by Milkereit et al. to record the 
excess specific heat curves at different cooling rates ranging from very slow cooling (~0.005 K/s) 
to as fast as possible [14]. Corresponding microstructural analysis is carried out to help interpret 
the results. In order to extend the range of controlled cooling rates, a quenching dilatometer is 
utilised to achieve cooling rates faster than 5 K/s. However no exothermal heat can be detected 
with the dilatometer. 

Alloys AA7150 and AA7020 have been chosen due to their significant difference in quench 
sensitivity. Alloy AA7150 is a typical high strength aluminium alloy with a total alloying mass 
fraction of more than 10 wt%. The high alloying content gives a great potential for age hardening 
after rapid cooling. However, this alloy is so quench sensitive that its properties vary 
significantly with changes in the quench rate. Alloy AA7020 is known as a medium strength 
alloy as it only contains mass fractions of about 4 wt% Zn and 1 wt% Mg. This alloy is also 
regarded as a Cu-free alloy since the upper limit is only 0.2 wt% Cu. Hence this alloy is expected 
to be much less quench sensitive than AA7150. It is therefore of interest in this paper to quantify 
the quench sensitivity of both alloys by constructing novel CCP-diagrams from DSC data.  

Experiments: 

Samples of alloy AA7150 were cut from the center layer of a commercially produced 80 mm 
thick plate, supplied by the Aluminium Corporation of China Ltd (Chalco). Samples of AA7020 
were cut from a 30 mm diameter extruded rod. The compositions of the studied alloys are shown 
in Table 1. 
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For the DSC measurements the procedure described by Milkereit et al. was used [14]. Therefore 
three different types of DSC devices were used. Solution treatment for alloy AA7150 was 
performed by heating up small DSC samples to 460 °C for 1 hour and then slowly heating up to 
480 °C and holding for another one hour. Solution treatment for alloy AA7020 was performed 
by heating up samples directly to 480 °C and holding isothermally for 30 min. The solution 
treatment was performed in the DSC device so that it could be immediately followed by different 
continuous cooling treatments that were programmed into the different DSC devices. Cooling 
rates beyond the limit of DSC devices are carried out using a quenching dilatometer (Bähr DIL 
805A/D). 

For each DSC device, different conditions have been identified to reach optimal results [14]. 
Because the heat flow curves, measured with a DSC, are also influenced by cooling rate and 
sample mass, excess specific heat capacities were calculated from measurements with a pure Al 
sample on the reference side and subtracting baseline measurements with pure Al reference 
samples in both DSC-micro-furnaces. This results in an excess value of the specific heat from the 
exo- or endothermic reactions in the alloyed sample. Data conditioning was performed as 
described by Milkereit et al. [14]. The excess specific heat capacity can be easily calculated from 
the measured heat flow rate by subtracting the base-line and dividing by the sample mass and 
cooling rate: 





m

C m
p

0

 

where Cp is the excess specific heat capacity, m is the measured heat flow, 0 is the reference 

base-line, m is the sample mass and  is the cooling rate. Normally the DSC runs at constant 
pressure, yielding the heat capacity at constant pressure Cp(T). The enthalpy is determined by 
integration as follows [17]: 

 

Due to the overlapping of the peaks, a method, described by Milkereit et al. [18], was used that 
defines the intersection points with the baseline as the initial peak temperatures and the final 
peak temperatures of a single reaction. A schematic of this simple evaluation is shown in Figure 
1. 
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Figure 1 Schematic of data evaluation with overlapping peaks, where Tstart is the extrapolated 
start temperature for peak A, Tstart/end is both the end temperature for peak A and the start 

temperature for peak B, and Tend is the extrapolated end temperature for peak B. 

In addition, the cooling rate range was extended by utilising the dilatometer. The samples were 
heated by an induction coil and were rapidly cooled by a controlled inert gas flow. DSC samples 
with dimensions of about 5 mm in diameter and 1 mm in height were utilised. A thermocouple 
was spot welded to the sample surface, so that a desirable cooling rate could be obtained. Tests 
showed that the maximum cooling rate for this dilatometer instrument is about 200 K/s with the 
sample size that was used in this work. Vickers hardness measurements were carried out after 
artificial ageing for 24 h at 120 °C.  

For microstructural analysis, samples were manually ground and polished with SiC paper, 
diamond paste and colloidal silica for examination with a JEOL JSM-7001F field emission gun 
scanning electron microscope (FEG-SEM), equipped with a Bruker Quantax EDS system.  

Results and Discussion: 

DSC curves and CCP-diagrams 

Figure 2 shows the bending-corrected excess specific heat curves for alloys AA7150 and 
AA7020 cooled at various linear cooling rates from 0.005 K/s to 3 K/s. The original DSC-curves 
were obtained during cooling from solution annealing in three different types of DSC devices 
corresponding to different cooling rates ranges (Setaram 121 DSC: 0.005 to 0.1 K/s; Mettler-
Toledo 823 DSC: 0.2 to 0.5 K/s; Perkin-Elmer Pyris 1 DSC: 0.5 to 3 K/s). In Figure 2(a) the 
curves are shifted and arranged in order of increasing cooling rate, starting with the slowest rate 
on top. The horizontal dashed lines represent the zero level. Deviations exceeding this level 
indicate exothermal reactions. Be aware of the different scales in the diagrams (a) and (b) in 
Figure 2. The same curves can be compared for both alloys without shifting and in the same 
scaling in diagrams (c) and (d) in Figure 2.  

It can be seen that both investigated alloys showed basically similar precipitation behaviour with 
at least three precipitation reactions. The reactions can be subdivided into high, medium and low 
temperature reactions. The intensities of these three reactions differ significantly between 
AA7150 and AA7020. 
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Figure 2 DSC cooling curves after solution annealing for alloys AA7150 and AA7020 with 
cooling rates varying from about 0.005 to 3 K/s. 

For alloy AA7150, the highest temperature reaction starts at about 450 °C. The peak-area 
decreases with increasing cooling rate, starting from about 24.7 J/g at a cooling rate of 0.005 K/s. 
At the cooling rate of 0.083 K/s, the second peak can be clearly distinguished at an intermediate 
temperature of about 350 °C. It is believed that the medium temperature peak overlaps the high 
temperature peak so that it cannot be identified easily at slower cooling rates. With increasing 
cooling rate, the high temperature peak area decreases. At a cooling rate of 3 K/s the high 
temperature peak has disappeared, so the critical cooling rate of this reaction is about 3 K/s.  
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The medium temperature reaction peak area increases first, starting from about 8 J/g at a cooling 
rate of 0.02 K/s. The peak area values of the medium temperature reaction show a plateau value 
of about 12 J/g at cooling rates between 0.083 and 0.416 K/s. The peak area values of this 
medium temperature reaction then decrease dramatically to about 3 J/g at a cooling rate of 3 K/s, 
which is the fastest cooling rate achieved in these DSC experiments. It is interesting to discover 
that there is another low temperature reaction showing up at the faster cooling rates at a lower 
temperature of about 220 °C. It can be seen that the low temperature peak areas are relatively 
small. This indicates that the transformation amount of the low temperature reaction is quite 
small when compared with the high temperature and medium temperature reactions. However, 
this low temperature peak area increases slowly with increasing cooling rate, while the medium 
temperature peak area decreases in this cooling rate range. The peak areas of the medium 
temperature reaction and low temperature reaction are similar in size at a cooling rate of around 
3 K/s.  

For alloy AA7020, two distinct peaks can be found clearly at slow cooling rates. The high 
temperature reaction starts immediately with the onset of cooling at a temperature of about 
475 °C. The peak area value decreases significantly with increasing cooling rate. It can hardly be 
distinguished from the baseline at a cooling rate of 1 K/s. The medium temperature reaction peak 
is so significant at the slower cooling rates, such as 0.0083 K/s, that it dominates the quench-
induced reactions. It occurs at a relatively low temperature of about 280 °C, compared to the 
high temperature reaction (and compared to the medium temperature reaction in alloy AA7150). 
However, here the medium temperature reaction peak and low temperature reaction peak are 
strongly overlapping each other. As a result, the low temperature reaction peak can hardly be 
separated from the medium temperature peak. This changes the shape of the overall peak at 
temperatures of about 250 °C and less. These two peaks disappear completely at cooling rates 
of  >1 K/s.  

There are some significant differences in the results between the two alloys. In the first place, the 
released enthalpy at a given cooling rate in alloy AA7150 is much higher than that in alloy 
AA7020. As a result, the Y-axis scale in Figure 2 (a) and (b) has been adjusted to enlarge the 
smaller peaks of AA7020. The difference in excess specific heat is attributed to the higher 
alloying content in alloy AA7150. Furthermore, the onset temperatures of the high temperature 
reactions in the two alloys are different. The first reaction in alloy AA7150 occurs about 30 °C 
below the solution annealing temperature (i.e. at about 450 °C). On the other hand, the first 
reaction for alloy AA7020 starts immediately upon cooling. This suggests that dissolution of the 
soluble phases might not be fully completed within a solution treatment of 30 minutes at 480 °C 
for alloy AA7020.  

A third significant difference is in relation to the overlapping of the peaks. For alloy AA7150, 
the high and medium temperature reactions strongly overlap at slower cooling rates in a 
temperature range of about 450 °C to 330 °C, so that at best only an approximate separation can 
be achieved. The low temperature reaction is well separated in alloy AA7150. For alloy AA7020, 
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however, the high temperature reaction is well separated while the medium and low temperature 
reactions are strongly overlapped in a temperature range of about 320 °C to 150 °C. For the 
evaluation of precipitation heats, no peak separation was performed in this case. For the medium 
and low temperature reactions of alloy AA7020, the precipitation heats are therefore given as a 
sum in the following discussion. At rates above 0.33 K/s, a separation of the peaks is impossible 
for these reactions by the simple separation technique used in this work. The observed 
differences in the overlapping of the occurring precipitation reactions are probably due to the 
different alloying contents and precipitation sequences during cooling, which will be discussed 
later together with the microstructural analysis results. 

These DSC curves also lead to some questions. Figure 3 shows a detailed comparison of both 
alloys at a similar cooling rate. This figure suggests that there may be a fourth reaction at 
temperatures of around 50 °C. It should be mentioned that this temperature and cooling rate 
combination raise several problems for DSC measurement and evaluation. First, cooling was 
performed down to 25 °C and this possible very low temperature reaction ranges from about 
100 °C down to about 30 °C. At the lower end of this temperature range, the actual temperature 
may not match the programmed temperature if the upper cooling rate limits of the different 
devices are reached. This loss of control might result in measurement artifacts. Due to such 
problems, it is difficult to perform correct evaluations, especially bending corrections [14]. 
Beside this, the possible very low temperature reaction has a very low intensity, amounting to a 
signal that is close to the detection limit. Due to these reasons, the very low temperature reaction 
was not evaluated any further. Further DSC investigations combined with microstructural 
analysis will be necessary to clarify this. 

 

Figure 3 Comparison of DSC cooling curves at similar cooling rates for alloys AA7150 and 
AA7020 showing four possible reactions: a high-temperature reaction (HT), a medium-

temperature reaction (MT), a low-temperature reaction (LT) and a possible very low-temperature 
reaction (VLT). 
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In general, the total amount transformed in these reactions tends to decrease with increasing 

cooling rate. The cooling rate at which HC reaches 0 is defined as the critical cooling rate 
(CCR). This value can be used to explain how sensitive the alloy is to cooling rate. In this case, 
the CCR value for alloy AA7020 is about 3 K/s. This value is consistent with the earlier results 
from Kessler [13]. By means of additional data analysis, an extrapolated CCR value for alloy 
AA7150 can be determined.  

Considering that the enthalpy change of the system is caused mainly by the loss of solute from 
solution during the cooling process, it is reasonable to assume that the excess heat is very small 
at fast cooling rates since faster cooling inhibits changes in the solute concentration. The overall 
change of the enthalpy profile is like an S-shaped curve that changes slowly at the fast cooling 
end and then increases dramatically with decreasing cooling rate (Figure 5). At very slow 
cooling rates, the shape of the curve changes slowly as the system approaches its equilibrium 
state. Such behaviour has been observed previously for 6xxx alloys by Milkereit et al.[15] 

 

Figure 5 Determination of critical cooling rates (CCR) for both alloys by mathematical curve 
fitting and extrapolation. 
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The measured enthalpy change curves for both alloys were determined by fitting the data to the 
following equation:  

        

where a is the reciprocal of the precipitation enthalpy value in the equilibrium state where the 
cooling rate v approaches zero, and b and c are model parameters. This equation is a 
mathematical approach with no physical basis, but describes the experimental results of several 
6xxx and 7xxx alloys very well. In this case, a7150=0.039; a7020=0.086 since the precipitation 
enthalpy values in the equilibrium state are 25.87 J/g and 11.68 J/g for alloys AA7150 and 
AA7020 respectively. Parameters b and c (b7150=0.051, c7150=0.814; b7020=2.268, c7020=0.841) 
have been determined by curve fitting. By applying this equation to the current measurements, 
the CCR was determined by extrapolation to be 300 K/s and 3 K/s for alloys AA7150 and 

AA7020, respectively (i.e. the cooling rate at which the precipitation heat, H, approaches zero). 
For AA7020 the CCR is at the upper end of the DSC experiments, while for AA7150 the CCR 
results from a significant extrapolation and has to be confirmed by hardness testing. 

The CCR for both alloys can also be obtained using hardness testing. Figure 4 shows the Vickers 
hardness curves for both alloys after artificial ageing at 120 °C for 24 hours. Here it is assumed 
that all the remaining solute after the cooling process contributes to hardening. Thus, the 
hardness curves increase with increasing cooling rate as rapid cooling will preserve solute in 
solution for the subsequent ageing process so that the alloy has the potential to reach its 
maximum strength after ageing. Therefore there is no further increase in hardness if samples are 
cooled faster than the critical cooling rate. This hardness plateau after the CCR can be easily 
seen in Figure 4, where the CCR appears to be 60 K/s and 3 K/s for alloys AA7150 and AA7020, 
respectively. It is evident that the CCR for AA7150 from hardness testing occurs at much lower 
quenching rates than the CCR that was obtained by DSC with extrapolation. Possible 
explanations are, (i) that the hardness value is not sufficiently sensitive to reflect small changes 
in volume fraction of precipitates or (ii) that the extrapolation causes some uncertainty. 
Nevertheless, both methods result in a CCR range of 60-300 K/s, which is a relatively small 
range on a logarithmic scale. Both methods offer a feasible way to approximate the CCR.  

Microstructural Characterisation 

Figure 6 shows typical backscattered SEM images of alloy AA7150 at different cooling rates 
ranging from 0.005 K/s to 100 K/s. The backscattered images reflect the information of electron 
beam scattering interactions with different atomic species. According to phase contrast theory, 
phases that contain more higher atomic number elements will appear brighter in backscattered 
SEM images. The left column images (at a low magnification) clearly show that the total amount 
of precipitation increases with decreasing cooling rate, while the right column shows these 
phases in more detail at a higher magnification. 
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Figure 6 Backscattered SEM images of alloy AA7150 samples cooled at different rates. The two 
columns represent two different magnifications, as indicated by the scale bars at the bottom. The 

main phases are labelled. 
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It is evident from Figure 6(a) and (c) that at extremely slow cooling rates, quench-induced phases 
exhibit both a larger volume fraction and a significantly larger size than in any other conditions. 
This, together with the fact that it is a high temperature reaction suggests that equilibrium 
precipitates are formed in these slow cooling rate conditions. Based on the difference in particle 
size/morphology and contrast, the corresponding higher magnification images in Figure 6(b) and 
(d) reveal that there are at least two different phases present (identified with arrows). With 
reference to previous phase identifications on the same alloy, it is concluded that the brighter 

precipitates are equilibrium MgZn2 (-phase) while the grey precipitates are more likely to be 
Al2CuMg (S-phase) [19]. The S-phase is difficult to be distinguished by SEM at cooling rates of 
more than 0.05 K/s. This corresponds with the fact that the high temperature reaction in the DSC 
curves can only be found in slow cooling rate conditions. Therefore it is reasonable to assume 
that the high temperature reaction for AA7150 corresponds to the Al2CuMg (S-phase). In Figure 

6(e) and (f) at a cooling rate of 1 K/s, the main phase appears to be MgZn2 (-phase), 
precipitated both within grains and on grain boundaries. The corresponding DSC curves in 
Figure 2(a) and (c) show that there are at least two peaks at the cooling rate of 1 K/s, but that the 
low temperature reaction peak is still relatively small at this stage. It is not expected that this low 
temperature phase should be observable by SEM on this scale due to their small size. Therefore 

the medium temperature reaction should correspond to the MgZn2 (-phase). At cooling rates of 
10 K/s and faster, only grain- and sub-grain boundary precipitates can observed by SEM. This is 
mainly due to grain- and sub-grain boundaries acting as preferential heterogeneous nucleation 
sites for quench-induced phases. However, at the cooling rate of 100 K/s, almost no precipitation 
can be found by SEM. This result is in agreement with the extrapolated critical cooling rate of 
about 60-300 K/s in Figure 5. There are also some coarse intermetallic phases present 
(highlighted in Figure 6(k)). They are identified as Al7Cu2Fe particles that do not dissolve during 
solution treatment, although a small amount of rounded S-phase particles that did not dissolve 
completely during the solution treatment has also been observed. The precipitation of those 
particles will not depend on cooling rate. 

According to the detected DSC curves, there are at least three different reactions that occur 
during linear cooling in a certain cooling rate range. The low temperature reaction was detected 
only at cooling rates faster than 0.05 K/s. Besides, the high temperature reaction seems to be 
suppressed completely at about 3 K/s. However, there is no clear evidence for the presence of 
low temperature precipitates at this scale of SEM. This is probably due to the small size of the 
low temperature precipitates at fast cooling rates. The most likely hypothesis is that the low 

temperature peak corresponds to homogeneously nucleated ' precipitates, although the 
possibility of other heterogeneous nucleation phenomena is not ruled out at this stage. More 
detailed microstructural analysis would be needed to clarify this. 
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Figure 7 Backscattered SEM images of alloy AA7020 DSC and dilatometer samples cooled at 
different rates. The two columns represent two different magnifications, as indicated by the scale 

bars at the bottom. The main phases are labelled. 

Figure 7 shows typical backscattered SEM images of alloy AA7020 at different cooling rates 
ranging from 0.005 K/s to 5 K/s. It shows the same basic trend as in Figure 6 that the quench-
induced precipitates decrease in size and volume fraction with increasing cooling rate. The 
precipitates at a given slow cooling rate are much smaller than those in alloy AA7150, and the 
total volume fraction is also much smaller. This observation is in support of the results that the 
excess specific heat of alloy AA7020 at a given cooling rate is much smaller than that of alloy 
AA7150. In Figure 7(a) at a cooling rate of 0.005 K/s, there are a large amount of bright 
precipitates together with some coarse dark precipitates (identified with an arrow). They are 
identified as Mg2Si by EDS and EBSD analysis [19]. They appear as dark particles due to the 
fact that Mg has a smaller atomic number than Al matrix. It is also interesting to note that the 
volume fraction of Mg2Si is much smaller than that of the bright phases. Furthermore, the 
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amount of Mg2Si significantly decreases with increasing cooling rate and the high temperature 
reaction peak in alloy AA7020 decreases dramatically with increasing cooling rate in the slower 
cooling rate range. It is therefore reasonable to assume that the high temperature reaction 
corresponds to the Mg2Si phase. In Figure 7(c) and (d), it is evident that the coarse bright 
precipitates are distributed along the grain boundaries. The EDS results show that most of these 

coarse precipitates are equilibrium MgZn2 (-phase). When approaching and exceeding the 
critical cooling rate of 3 K/s for this alloy, Figure 7 (e)-(h) show that there is no further change in 
the microstructure and that both fine and coarse particles remain. Therefore the medium 

temperature reaction is believed to correspond to MgZn2 (-phase) like in AA7150. Unlike in 
alloy AA7150, the uniformly distributed small particles are believed to be Mn- and Cr- 
containing dispersoids that do not dissolve during solution treatment and therefore exist in all 
cooling conditions. EDS analysis of the coarse white particles in Figure 7(g) shows that they are 
mainly Fe-containing intermetallics. This is due to the relatively high Fe content of 0.17 wt% in 
this batch of alloy AA7020. These particles are insoluble phases i.e. their volume fraction did not 
change with increasing cooling rate. 

 

Figure 8 Developed continuous cooling precipitation (CCP) diagrams for the investigated 
compositions of alloys AA7150 and AA7020 after solution annealing at 480 °C for 60 and 30 
min, respectively, showing linear cooling rates ranging from 300 K/s to 0.005 K/s. The dashed 

lines indicate regions where the precipitation reactions were extrapolated on the basis of 
combined evaluations of all the available DSC data, hardness curves and microstructural analysis. 

The main phases are labelled. 

The precipitation start and end temperatures were taken from the DSC curves and plotted in a 
temperature/time diagram. Both diagrams are scaled in the same way, with the time-axes being 
scaled logarithmically. The resulting CCP diagrams of alloys AA7150 and AA7020 are shown in 
Figure 8. Based on the SEM results, the most likely quench-induced phases are indicated for 
some of the reactions. The CCP diagram provides information regarding the occurring 
precipitation reactions as a function of the cooling rate and temperature. The detected 
precipitation start and end temperatures of individual precipitation processes are indicated. 
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Dashed lines indicate that a precipitation region was extrapolated towards faster or slower 
cooling rates on the basis of microstructural and hardness results for conditions that were 
measurable by DSC technique. A more detailed microstructural analysis is necessary to 
understand more thoroughly which types of precipitates are formed and where they are nucleated 
for each of the different reactions. 

Conclusions: 

Two commercial 7xxx series alloys with different solute contents and different quench 
sensitivity behaviour have been studied. The exothermal heat flow from quench-induced 
precipitation during cooling in both alloys was investigated by means of DSC measurements.  

It can be found from the evaluated DSC curves of alloy AA7150 that there are at least three 
quench-induced reactions while only two such clearly distinguishable reactions have been found 
in alloy AA7020. Due to the different alloying content, the released enthalpy at a given cooling 

rate in alloy AA7150 is much more than that in alloy AA7020. Nevertheless the overall HC 

curves for both alloys show a decreasing trend with increasing cooling rate.  

The critical cooling rates (CCR) for alloys AA7150 and AA7020 were determined by 
extrapolation of a fitted curve to be 300 K/s and 3 K/s, respectively. The CCR for both alloys can 
also be obtained using hardness testing after artificial ageing, which results in the CCR 
apparently being 60 K/s and 3 K/s for alloys AA7150 and AA7020, respectively. Here it is 
assumed that all the remaining solute after the cooling process contributes to hardening after 
ageing. Thus, the hardness curves increase with increasing cooling rate as rapid cooling will 
preserve solute in solution for the subsequent ageing process so that the alloy has the potential to 
reach its maximum strength after ageing. Therefore there is no further increase in hardness if 
samples are cooled faster than the critical cooling rate. It is evident that CCR for AA7150 from 
hardness testing occurs at much lower quenching rates than the CCR that was obtained by DSC 
with extrapolation. Possible explanations are, (i) that the hardness value is not sufficiently 
sensitive to reflect small changes in the volume fraction of precipitates or (ii) that the 
extrapolation causes some uncertainty. 

Based on corresponding microstructural analysis, only equilibrium MgZn2 and S-phase particle 
precipitation was observed in alloy AA7150 by means of scanning electron microscopy. The 

MgZn2 (-phase) particles are clearly present at cooling rates of 5-10 K/s or less, while the S-
phase appears to be present only at cooling rates of less than 1 K/s. In alloy AA7020, mainly 

Mg2Si and MgZn2 (-phase) particles were observed. Further work is required to identify the 
three precipitation reactions more precisely in both alloys. 

Continuous cooling precipitation (CCP) diagrams were developed for both alloys AA7150 and 
AA7020 to describe the influence of the cooling rate on the precipitation behaviour. 
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Abstract 

The present study introduces an experimental approach to investigate mechanical properties of well-defined non-

equilibrium states of Al-Si alloys during cooling from solution annealing. The precipitation behaviour of binary 

Al-Si alloys during the cooling process has been investigated in a wide cooling rate range (2 K/s-0.0001 K/s) 

with differential scanning calorimetry (DSC). To access the low cooling rate range close to equilibrium an indirect 

DSC measurement method is introduced. Based on the enthalpy change measured by DSC a physically-based 

model for the calculation of remaining solute Si amount as function of temperature and cooling rate is presented. 

Microstructural analyses via light optical microscopy, scanning electron microscopy, atom probe tomography 

and X-ray diffraction have been performed to evaluate the introduced model and for information on cooling rate 50 

dependent precipitate formation. It was found that quench-induced particles of different morphology are formed 

during cooling. Thermomechanical analyses on clearly distinct undercooled Al-Si states show that flow stress 

during cooling is dependent on temperature as well as cooling rate. The mechanical behaviour is therefore 

influenced by solute Si content and quench-induced precipitates. 

Keywords 

Al-Si alloys, DSC, Precipitation enthalpy, Modelling, Microstructure control, Mechanical properties testing 

1. Introduction 

Age hardening is an important heat treatment to strengthen heat treatable aluminium alloys and comprises three 

steps - solution annealing, quenching and ageing [1]. The quenching rate is an important parameter within this 

treatment. If solution temperature and cooling conditions are chosen correctly, all solute elements from which 60 

strengthening particles can be precipitated during subsequent ageing are retained in the supersaturated solution. 

Slower cooling on the other hand may induce precipitation of coarse second-phase particles. A lower amount of 

solute will thus be available for precipitation of the hardening phases, resulting in a lower strength after peak 

ageing. Excessive cooling rates should also be avoided as they cause high thermal gradients in the treated 

components, which might induce residual stresses and distortion. The quenching process can therefore be 

considered as a critical step of the age hardening process. 

Prediction of the effect of cooling conditions on residual stresses and distortion can be established by numerical 

heat treatment simulations using finite element methods (FEM, e.g. [2]). However, such simulations require 

profound knowledge about the materials’ flow characteristics in dependence on temperatures, strain rates and 

microstructures. While empirical flow stress relations that are often implemented in FEM codes give remarkably 70 

good description of measured flow curves of defined material conditions, they are in many cases unsuitable to 

describe the mechanical behaviour under process-like conditions. In particular, flow behaviour is to a great extent 

influenced by the cooling rate as microstructural changes, including microchemical composition of the matrix 
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and precipitation state, can occur during the cooling step. Hence, the usual description of flow stress with 

macroscopic state variables (strain and overall chemical composition) is unsatisfactory in certain cases [3]. 

Approaches to model flow curves with more appropriate state variables have therefore been developed in the past 

(e.g. [4–6]). While stress-strain curves of pure aluminium and alloys with very low solute content can already be 

predicted over a wide range of temperatures and strain rates [7,8], influences of additional microstructural 

elements such as solutes and second-phase particles need further investigation. 

It is known that flow stress of commercial age-hardenable aluminium alloys increase not only with decreasing 80 

temperature but also with increasing cooling rate, and in some works solid solution strengthening was considered 

to be responsible for this material behaviour (e.g. [9]). Hence, the precipitation behaviour during cooling is of 

great importance as it provides knowledge on the loss of solutes and on microstructural changes. The effect of 

single elements on solute strengthening in aluminium alloys was experimentally studied in several works (e.g. 

[10–14]). However, contribution on solid solution strengthening during the cooling process has not been subject 

to investigations so far. Furthermore, the role of quench-induced precipitates on the mechanical behaviour 

remains uncertain.  

We aim to improve existing plasticity models with respect to microstructure evolution during quenching in the 

future. Therefore, reliable experimental data of well-defined material states is needed to investigate active 

strengthening mechanisms, which have to be modelled. While strength of commercial alloys originates from a 90 

combined effect of several factors such as solid solution, grain size, aging precipitates, dispersoids or primary 

particles, binary alloys of high purity allow the isolation of several strength contributions [10]. Thus, binary alloys 

of the Al-Si system are analysed in a first step here. Al-Si is an ideal model system for the investigation of 

precipitation kinetics, since exothermic reactions are always due to precipitation of Si [15] and solubility of Al 

in the Si phase is low [16,17]. Furthermore, knowledge on influence of single alloying elements on mechanical 

properties is considered to be important in order to set up a new plasticity model for commercial aluminium 

alloys. 

The present paper introduces an approach to produce well-defined microstructural states that allow a detailed 

study of the effect of Si solutes and quench-induced Si precipitates on mechanical properties. To control the 

microstructure, i.e. the microchemical composition of the matrix and the corresponding precipitation state, 100 

differential scanning calorimetry (DSC) measurements are of great importance. It was shown in [18,19] that the 

precipitation heat (enthalpy change) is directly proportional to the volume fraction of precipitated particles, which 

allows in principle a calculation of remaining solute amount in dependence of cooling rate and temperature [20]. 

One main objective of the present work is a precise determination of formation enthalpies to provide detailed 

input for a physically-based model. Therefore, precipitation kinetics of low-Si binary Al-Si alloys during cooling 

from solution annealing are investigated in a wide cooling rate range with advanced DSC techniques (e.g. [18,21–

28]). Direct DSC cooling experiments are limited to a certain slow cooling rate due to the relation between sample 

mass, cooling rate and heat flow. At a certain rate the signal-to-noise ratio of any DSC device will become too 
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small to allow signal evaluation. However, the knowledge of near equilibrium precipitation processes is the basis 

for the setup of any model. To access the cooling rate range close to equilibrium conditions a new indirect DSC 110 

reheating technique is introduced, which allows the quantitative evaluation of the precipitation enthalpy. Based 

on the enthalpy change measured by DSC, a model for the calculation of remaining solute Si amount and 

precipitation volume fraction as functions of temperature and cooling rate is presented, adapting an improved 

model for diffusion controlled reactions [29]. The microstructures of the defined states are analysed to evaluate 

the introduced model. Thereby, remaining solute amount and quench-induced precipitates are characterised with 

various methods: light optical and scanning electron microscopy (LOM / SEM), X-ray diffraction (XRD) and 

atom probe tomography (APT). 

The mechanical behaviour of non-equilibrium microstructures is investigated by thermomechanical 

analysis (TMA) using a quenching and deformation dilatometer [9]. It is shown that the experimental methods 

can be applied for a systematic study on the correlation between microstructural states of undercooled aluminium 120 

alloys and their mechanical behaviour. With the presented experimental approach the effect of Si solutes and 

quench-induced Si precipitates on mechanical properties can be analysed in future, which is an essential 

requirement for the progression of plasticity models. 

2. Experimental 

2.1. Materials 

Two binary Al-Si alloys of high-purity grades were studied in this work. Their chemical compositions obtained 

by optical emission spectroscopy (OES) analyses are shown in Table 1.  

Table 1. Chemical compositions of investigated alloys obtained by optical emission spectroscopy (OES) analysis. 

mass 
fractions 

Si 
(ma.% / at.%) 

Mg 
(ppm) 

Fe 
(ppm) 

Cu 
(ppm) 

Mn 
(ppm) 

Cr 
(ppm) 

Zn 
(ppm) 

Ti 
(ppm) 

Al-0.26Si 0.26 / 0.25 < 1 < 5 4 < 3 < 3 - 20 

Al-0.72Si 0.72 / 0.69 < 1 < 5 < 1 < 3 < 3 14 11 

Direct chill (DC) cast ingots were made from aluminium of 99.999 % purity and high-purity alloying elements. 

The DC cast ingots were homogenised (12 hours at 500 °C) to obtain a uniform distribution of alloying element 130 

atoms and were subsequently hot-rolled to strips of 40 mm thickness. The hot-rolled strips were solution annealed 

for 24 hours at 450 °C followed by water quenching. Finally, the strips were cold-rolled to sheets of 16 mm 

thickness. Sampling for all experimental investigations was carried out perpendicular to the rolling direction. In 

the as-rolled condition both alloys had a similar grain structure with coarse, elongated grains of high aspect ratios. 

All subsequent investigations included a solution treatment, which resulted in a recrystallized structure with grain 

sizes of about 450 µm in both alloys. 
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2.2. Methods 

A very wide range of cooling rates must be examined in order to fully understand the precipitation behaviour 

during cooling from solution annealing [18,22,24,26]. Three different types of DSC devices were used: Perkin-

Elmer Pyris Diamond DSC (2 to 0.3 K/s), Setaram 121 DSC (0.1 to 0.01 K/s) and Setaram C600 DSC (0.005 to 140 

0.001 K/s). The methods employed for direct DSC cooling experiments and evaluation for the fastest and 

intermediate cooling rate ranges are described in [22]. While six measurements with identical parameters were 

performed in the Pyris Diamond DSC and at least three runs under same conditions were executed in the Setaram 

121 DSC, only one or two experiments for each cooling rate were carried out in the C600 DSC due to the 

extensive test durations. High purity aluminium (99.9995 %) was taken as reference and data evaluation was 

done on excess specific heat capacity curves [22]. In-situ solution annealing was performed at 540 °C for 20 min 

except for measurements in the C600 DSC device, which required 120 min to reach thermal equilibrium within 

the measuring system due to the relatively large heat capacity of sample and measuring block. A well-stabilised 

temperature of the system at solution annealing is needed for high quality specific heat capacity measurements. 

Note that the different solution treatment times did not result in different grain sizes. 150 

The study of slow cooling rates provides the opportunity to follow near equilibrium phase changes. This is an 

essential requirement for a physical approach to describe the solute state during cooling. With reference to 

previous work (e.g. [18,22,28]), the accessible cooling rate could be extended to very low values using the 

Setaram C600 DSC device with the following certain boundary conditions. Thus, cooling rates comprising four 

orders of magnitude could be analysed by direct cooling experiments. The Setaram C600 calorimeter is a heat 

flux DSC with a cylinder-type measuring system and is equipped with a high precision 3D Calvet sensor, which 

totally surrounds sample and reference cell. This setup provides that nearly all heat evolved is measured. 

Measurements comprising a temperature range from ambient temperature up to 600 °C can be realised. A closed 

cooling circuit was implemented using a refrigerated circulator Julabo F34-ED. Optimal results were achieved 

by using cylindrical samples with radiused edges. The samples had dimensions of 13.8 mm in diameter and 160 

60.5 mm in length, which results in a sample mass of approximately 24,000 mg. The samples as well as the 

references were covered by conventional aluminium foil (about 110 mg) to minimize radiation losses caused by 

surface reactions of the samples. 

A detailed analyses of alloys with very slow precipitation kinetics is hard to achieve with direct DSC cooling 

experiments, because an adequate statistical basis is very difficult to achieve due to extensive test durations. In 

order to determine the saturation value of enthalpy change for near equilibrium phase changes in such alloys, an 

expansion of cooling rate range to even lower rates than 0.001 K/s is necessary. This aim can hardly be established 

by any direct DSC cooling experiments with state of the art devices due to a low signal-to-noise ratio. Therefore, 

another approach based on the differential reheating method [24] was undertaken to deal with the mentioned 

difficulties. With implementation of the reheating method information on enthalpy changes caused by 170 

precipitation during cooling can be derived from DSC reheating experiments. Even though DSC heating curves 
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of aluminium alloys are often difficult to interpret in terms of quality, quantitative information can easily be 

obtained, provided the baseline is determined accurately. The reheating method takes as a basis that the total 

enthalpy change in a closed thermodynamic cycle equals zero under the premise that starting and end point are 

in equilibrium. The schematic temperature-time profile, indicating the enthalpy changes for the reheating method 

is shown in Fig. 1. For the given problem the complete solid solution at the end of the solution annealing process 

can be defined as such an equilibrium state with a precipitation enthalpy value of H0 = 0. During slow cooling 

from solution annealing exothermic precipitation reactions take place causing a negative enthalpy change ∆HSC. 

Provided that the same equilibrium state H0 as before is achieved after a reheating cycle following the cooling 

process, the sum of enthalpy changes of the cooling step ∆HSC and the reheating step ∆HRH must be zero 180 

(∆HSC + ∆HRH = 0). 

 

Fig. 1. Temperature-time profile for indirect determination of specific precipitation heat values during cooling with very slow 

rates by a DSC reheating scan. 

For a sample cooled with a specific rate, a defined sequence of exothermic and endothermic reactions is detectable 

during the reheating cycle. Equilibrium state is achieved when all reactions are completed before the annealing 

temperature Tan is reached, i.e. the temperature exceeds the solvus temperature of the applied scanning rate. If 

this is the case all precipitated particles which have been formed during previous cooling and during the reheating 

step, respectively, are resolved and a complete solid solution with an enthalpy value H0 is restored. On condition 

that equilibrium state is achieved after reheating, ∆HSC can be calculated directly from the DSC curves of the 190 

heating step. For an optimal control and evaluation of the corresponding baseline, it is recommended that sample 

temperature exceeds the corresponding solvus temperature for some 10 K. In that case, baseline bending 

correction can be performed [22]. The essential benefit of this reheating method is the possibility to study 

characteristic physical properties for cooling rates unattainable with direct DSC measurements. Another 

significant advantage is the reduced duration of experiments directly performed in DSC devices because the first 

thermal cycle comprising the cooling process can be executed simultaneously on various samples in an 

appropriate furnace. In this work, solution annealing (540 °C, 20 min) and slow cooling with nearly constant rate 

was realised in a chamber furnace Carbolite CWF 11/13 equipped with an Invensys Eurotherm nanodacTM 

recorder/controller for cascade control. Prior to heat treatment samples were sealed in quartz glass under vacuum 
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in order to prevent surface reactions and thus changes in chemical composition. In addition to near equilibrium 200 

slow cooling rates, the as quenched condition after cooling in water was analysed as a reference and control 

measurement. After the cooling process samples were stored at -82 °C to supress further potential precipitation 

reactions before they were reheated in the Setaram C600 DSC to a temperature of 570 °C. A heating rate of 

0.003 K/s was chosen for those experiments as this is an optimal rate for this DSC device and also ensures the 

observance of the mentioned requirement for this method that is the achievement of a complete solid solution 

before the end of the heating step (this applies to all cooling rates down to 0.0001 K/s investigated here). At least 

two experiments were carried out for each material condition. 

With knowledge of precipitate formation enthalpies derived from DSC measurements a model for the calculation 

of the solute Si content as a function of cooling rate and temperature was developed (presented in section 3.3). 

For evaluation of this model and for the characterisation of quench-induced precipitates, metallographic 210 

investigations were carried out. Selected cooling states were investigated by LOM with a Leica DMI5000 M and 

SEM performed in a Zeiss Supra 25 microscope operated at 10 kV. Samples were prepared by standard grinding 

and polishing methods with water-free, ethanol-based lubricants. For the final polishing step an oxide polishing 

suspension was used. From microscopic images the volume fraction of precipitated particles was determined with 

stereological methods using computational image analysis [30]. For each investigated cooling condition, fifty 

images (analysed area per condition > 9.5×106 µm2) were evaluated to ensure statistical validation. It is well 

established in literature that only the diamond cubic Si-rich phase (a = 0.542 nm) is precipitated from Al-Si 

supersaturated solid solution (e.g. [1]). As only coarse particles of equilibrium phase seem to form during cooling 

the amount of remaining solute can be calculated from metallographic results and taken for comparison with the 

solute content derived from DSC data. For direct determination of solute contents, APT measurements were 220 

carried out. A standard two-step method [31] was used to prepare needle-shaped specimens (0.3×0.3 mm2). After 

electropolishing the small rods with 10 % perchloric acid and 90 % methanol solution, 2 % perchloric acid in 

butoxyethanol was used as the second electrolyte. Prepared needle tips have been checked to only represent the 

Al-rich matrix and not Si precipitates via SEM. APT was performed on a LEAPTM 4000 X HR atom probe at a 

temperature of 30 K with a pulse fraction of 20 %, a pulse rate of 200 kHz and an evaporation rate of 0.5 % under 

ultra-high vacuum (< 10–10 mbar). Three successful runs were executed for each analysed condition. For 

reconstruction procedure and chemical analysis the software package IVAS 3.6.6TM from Imago Scientific 

Instruments Corporation (Madison, WI, USA) was used. Only regions in the analysed volume free from 

crystallographic pole and zone lines were considered for APT analysis. XRD measurements were performed with 

a Bruker D8 DISCOVER diffractometer (integral measurements on samples of mm-size) using Cu-Kα radiation 230 

in order to confirm the crystal structures of quench-induced precipitates after cooling with different rates. 

The effect of temperature and cooling conditions on flow characteristics of Al-Si was studied by TMA. The 

experiments were performed in accordance to Ref. [9] using a quenching and deformation dilatometer type 

Bähr DIL 805 A/D. At least three experiments with identical parameters were performed. True stress and 
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logarithmic strain were determined from measured force-displacement curves. Thereby, geometry changes due 

to thermal expansion were taken into account for tests at elevated temperatures. Samples were solution annealed 

(540 °C, 20 min), cooled with various rates to different temperatures and compressed immediately after reaching 

the desired temperature. A strain rate of 0.1 s-1 was chosen for these tests. As the precipitation behaviour is 

investigated dependent on cooling rate and temperature, microstructure of the samples can be taken into account 

for a discussion of the flow behaviour. 240 

3. Results and discussion 

3.1. DSC cooling experiments 

Fig. 2 shows characteristic excess specific heat capacity curves for the investigated Al-Si alloys during cooling 

after solution annealing. The curves are shifted vertically and arranged in order of increasing cooling rate. DSC 

devices used for different cooling rate ranges are displayed. Exothermic precipitation reactions are shown by 

deviations exceeding the zero level, which is given by a dashed line for each curve. Note the various scaling of 

the excess specific heat capacity axis in Fig. 2a and Fig. 2b. It can be seen that precipitation in the investigated 

alloys occurs in different cooling rate ranges. Furthermore, peak temperatures and maximum excess specific heat 

capacities differ significantly between both alloys. 

 250 

Fig. 2. DSC cooling curves of alloys Al-0.72Si (a) and Al-0.26Si (b) after solution annealing in a cooling rate range from 

0.001 K/s to 2 K/s. 

For both alloys, precipitation reactions decrease with increasing cooling rate. This can be explained by the 

suppression of diffusion processes. As only diamond cubic Si-rich phase (a = 0.542 nm) is likely to occur [1,15], 
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the occurrence of two reaction peaks for alloy Al-0.72Si within the analysed cooling rate range may seem 

surprising. For the alloy containing a lower mass fraction of Si only one reaction could be detected in the same 

cooling rate range. For the slowest investigated cooling rate, precipitation reactions in Al-0.72Si start at about 

475 °C, which is very close to the solvus temperature regarding the simple eutectic phase diagram [17] of this 

binary alloy system. A high temperature precipitation peak is dominating at this cooling condition, but is 

suppressed significantly in its intensity and shifted towards lower temperatures as the cooling rate increases. 260 

While the high temperature reaction is suppressed, another peak at lower temperatures rises to a maximum and 

shifts to higher temperatures. Such precipitation behaviour is also shown by commercial alloys of different 

alloying systems (e.g. Al-Mg-Si [18], Al-Zn-Mg(-Cu) [28]). 

Further increase in cooling rate results in a decrease of this low temperature peak area as well. Simultaneously, 

the peak of these low temperature reactions changes its shifting direction and shifts to lower temperatures as 

observed for commercial alloys before. In [18] “a lower critical cooling rate (LCCR) is defined for the highest 

cooling rate at which practically complete precipitation takes place. Additionally, an upper critical cooling rate 

(UCCR) is defined for the slowest cooling rate at which completion of supersaturation in solid solution is reached 

during cooling.” In this work, the UCCR of Al-0.72Si was found to be about 1 K/s. In Al-0.26Si only one peak 

was observed even at relatively slow cooling rates. This reaction starts approximately 50 K below the solvus 270 

temperature presented in [17]. As a consequence, it seems probable that precipitation start may be shifted to 

higher temperatures for even slower cooling. The UCCR of Al-0.26Si was found to be only about 0.02 K/s. 

For Al-0.26Si, reactions even in the faster (with respect to alloy kinetics) cooling rate range could therefore only 

be detected using relatively slow but high sensitive Calvet-type DSC devices. For cooling rates realisable with a 

common Perkin-Elmer Pyris Diamond DSC [22] no reactions were measurable. The great potential of Calvet-

type DSC devices is demonstrated when even slower cooling curves of Al-0.72Si than recorded with the Setaram 

121 DSC are investigated. While the cooling curve for 0.01 K/s already shows indications that at least two 

reaction peaks overlap in the temperature range around 400 °C, this precipitation behaviour can only be proven 

with investigation of slower cooling rates. With the extension of the cooling rate range due to high precision 

Calvet detectors the existence of a high and a low temperature reaction peak is revealed. 280 

For alloy Al-0.26Si, cooling with a slow rate of 0.01 K/s to RT reveals reactions causing an enthalpy change 

|ΔHRT| of only about 0.58 J/g. Since the enthalpy characterises the heat content of a system for adiabatic reactions, 

|ΔHRT| equals the measured specific precipitation heat (integral of excess specific heat capacity). This amount of 

enthalpy change is close to the detection limit for precipitation reactions of 0.1 J/g for the used DSC devices as 

defined in [22]. Therefore, a further decrease of cooling rate is necessary to distinguish the precipitation peak 

with certainty from the signals noise level. Only if measurements with the Setaram C600 DSC are taken into 

account the detected DSC peak can certainly be attributed to precipitation reactions. 
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3.2. DSC reheating experiments 

In order to establish the saturation level of enthalpy change for near equilibrium phase changes DSC reheating 

experiments after cooling with rates down to 0.0001 K/s (60 days cooling from solution annealing) were carried 290 

out for both alloys. Fig. 3 shows DSC reheating curves of alloy Al-0.72Si in different initial conditions. The 

precipitation and dissolution sequence during the heating cycle is heavily dependent on the preceded cooling 

condition. 

 

Fig. 3. DSC reheating curves (scan rate: 0.003 K/s) of alloy Al-0.72Si in different cooling conditions (cc). 

In general, the sequence shown in Fig. 3 comprises exothermic precipitation reactions and endothermic reactions 

at higher temperature, which can be attributed to the dissolution of particles. Exothermic precipitation reactions 

causing two overlapping DSC peaks (a1 and a2) can be observed, when a water quenched sample is reheated. For 

samples cooled at much lower rates the exothermic peaks are suppressed significantly and also shifted towards 

higher temperatures. Only one main exothermic peak (a) remains, but one has to be aware of possible peak 300 

overlapping which might occur. This main peak shifts to higher temperatures as the preceding cooling rate 

decreases. The lower the cooling rate in the previous heat treatment was chosen, the more alloying elements are 

already precipitated during the cooling step. As a consequence, supersaturation of the solid solution is reduced 

and less Si can be precipitated upon reheating. Hence, the intensity of the exothermic peak (a) decreases with a 

reduction of cooling rate. Peak (a) disappears when supersaturation after cooling becomes sufficiently small for 

re-precipitation upon heating. The criterion for the completion of precipitation during cooling should be to 

maximise the integral of dissolution during heating. In that case all alloying elements insoluble in equilibrium 

condition at room temperature have been precipitated during previous cooling. In practise this should be quite 

close to the case when peak (a) disappears completely. Therefore, from the DSC reheating results a LCCR of 

about 0.0001 K/s can be estimated for Al-0.72Si. 310 

Regardless of whether the previous cooling occurred fast or slow endothermic dissolution peaks (B1 and B2) are 

present at higher temperatures. These peaks are shifted to higher temperatures with decreasing cooling rate. This 

indicates that particles formed at low cooling rates dissolve slower than those precipitated at faster cooling 
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conditions. However, the DSC reheating curves show that all dissolution reactions are completed before 570 °C 

for all initial conditions and thus a complete solid solution is reached. As a result, the enthalpy change ∆HSC 

evoked by the cooling step can be calculated from the DSC reheating curves. 

In Fig. 4 the enthalpy change ΔH of the different conditions in Fig. 3 during reheating with a scan rate of 0.003 K/s 

is plotted. At high temperatures the equilibrium condition H0 is reached and this enthalpy level is defined to be 

zero. As no precipitation reactions take place during water quenching the enthalpy level should be equal in both 

initial and reheated condition. When the water quenched condition is reheated the enthalpy evolution indeed starts 320 

at the zero level. The precipitation reactions that occur on heating lead to a decrease of enthalpy first. At higher 

temperatures dissolution of precipitated particles causes endothermic reactions. This results in an increase of 

enthalpy until the equilibrium level is reached again. Equilibrium level is also achieved after heating of all other 

initial conditions to 570 °C. However, in these states quench-induced precipitates exist and the initial enthalpy 

state is therefore negative compared to equilibrium and also differs in dependence of the cooling rate. The initial 

value of enthalpy change therefore equals ∆HSC. 

 

Fig. 4. Change of enthalpy state during reheating (scan rate: 0.003 K/s) of Al-0.72Si in different cooling conditions (cc). 

Fig. 5 shows the enthalpy change |ΔHRT|, after cooling to RT from solution annealing as function of cooling rate. 

Plotted are both data from direct DSC cooling experiments and values derived with the reheating method for the 330 

two investigated alloys. The error of 10 % results from the uncertainty in the determination of the peak-area from 

DSC data. The data obtained from both methods are in good agreement verifying the feasibility of the reheating 

method. With DSC reheating experiments the examinable cooling rate range could be extended covering six 

orders of magnitude between 2 K/s and 0.0001 K/s. 
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Fig. 5. Enthalpy change values |ΔHRT| upon precipitation in Al-Si alloys after cooling to room temperature obtained with direct 

DSC cooling experiments or DSC reheating experiments and fitting results with the model presented in Eq. (3). 

3.3. Model for calculation of solute content and precipitated volume fraction 

For the control of the microstructure by heat treatment, i.e. the adjustment of well-defined microstructure 

conditions, a consistent physical description of the volume fraction of precipitates but also of remaining amount 340 

of solute in dependence of cooling rate and temperature is needed. To this end we adapt a physically-based model 

described in [29], which is based on models for diffusion controlled reactions in [32,33]. A prediction of the 

remaining solute concentration after the quench CAQ is given as a function of quench factor [29]: 

𝐶 𝐶  

𝐶  𝐶  

𝑘 𝑄
𝜂

1  (1)

where Cmin(T) is the minimal possible and Cmax(T) the maximal possible concentration of solutes at a certain 

temperature. Q represents the quench factor, while k1, n and ηi are model parameters. The parameter n is related 

to the type of nucleation mechanism active [33,34]. Q is defined as: 

𝑄
𝑑𝑡
𝐶

 (2)

Ct is dependent on alloy and temperature [29]. If a constant cooling rate is employed Q is proportional to 

quenching duration and due to the linear relationship between quenching duration and cooling rate β, Q is also 

linearly proportional to 1/β. 

Next we replace CAQ from Eq. (1) with the enthalpy change during cooling to room temperature |ΔHRT|. The 350 

value Cmin(T) is replaced by the saturation level of enthalpy change at room temperature |ΔHRTsat|, which is reached 

in cases where cooling is slower than the LCCR. Cmax(T) is replaced by the minimum change in enthalpy, which 

is obviously zero as far as cooling is performed overcritically fast. As β is defined to be positive in this work the 

term in curved brackets becomes a positive sign as well. Rearranging the terms gives the fitting model: 
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|∆𝐻 | ∆𝐻 ∆𝐻

𝑘
𝛽
𝜂

1  (3)

Herein, kM is a parameter comprising k1 and Ct, i.e. it is alloy dependent. Thus to apply this model, we need to 

either fit or otherwise obtain kM, n and ηi. It has been shown [33,35,36] that if nucleation is completed early on 

in the reaction n should be 1.5. This would apply for heterogeneous nucleation e.g. at dispersoids or coarse 

intermetallic phases when the number of such sites is limited [19,37]. However, those phases are not present in 

the pure binary alloys investigated in this paper, and hence, n should be 2.5, which is valid for continuous 

nucleation during the course of the reaction [19,37]. The parameter ηi is the impingement factor and its values 360 

found in literature typically range between about 1 and 2.2 when a single process occurs [19,32,33]. However, in 

the present case clearly multiple processes in a wide range of temperatures are involved, and we will here fit ηi. 

Therefore, the values shown in Table 2 were calculated with the adapted fitting function and resultant fitting 

curves are shown in Fig. 5. The fit is excellent. 

Table 2. Results from fitting measured DSC data to equation (3). 

 |ΔHRTsat| kM ηi n 

Al-0.26Si 4.1 J/g 0.002 K/s 0.315 2.5 

Al-0.72Si 11.3 J/g 0.053 K/s 0.164 2.5 

Saturation value |ΔHRTsat| should be proportional to the Si content. Due to the limited DSC data at very low 

cooling rates for Al-0.26Si, |ΔHRTsat| for this alloy was estimated from value |ΔHRTsat| = 11.3 J/g for Al-0.72Si 

using the Si content proportion of both alloys. The enthalpy change of precipitation per mole Si from the Al-rich 

matrix was experimentally studied in [15,38] and was derived to be about 54 kJ mol-1. Taking this value into 

account, theoretically |ΔHRTsat| ≈ 13.2 J/g for Al-0.72Si and |ΔHRTsat| ≈ 4.8 J/g for Al-0.26Si result, respectively. 370 

Therefore, within experimental error the theoretical values agree well with the data presented in this work. 

Accuracy of the literature values is mainly determined by the value of enthalpy change of precipitation per mole 

Si. Interfacial energies of precipitates formed may influence the results. Furthermore, small deviations can also 

be ascribed to the limited accuracy of DSC data (e.g. peak area determination) and to assumptions made in the 

adapted quench factor model. 

As the enthalpy change is in direct proportion to the mass and volume fraction of precipitated particles [18,19], 

the following equation can be applied to calculate the solute content at arbitrary temperatures Tc: 

𝑠𝑜𝑙𝑢𝑡𝑒 𝑐𝑜𝑛𝑡𝑒𝑛𝑡 𝑐 𝑐 ∙ 1
∆𝐻 𝛽

∆𝐻
𝑐  (4)

Parameter celtotal corresponds to the overall content of a specific alloying element in the material, while the soluble 

content of this element at RT is taken into account with value celsol(RT). ΔHRTsat again is the saturation level of 
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enthalpy change after cooling to room temperature. Value ΔHTc(β) represents the enthalpy change at 380 

temperature Tc to which the alloy has already been cooled with cooling rate β. ΔHTc(β) can thus be directly derived 

from integration of DSC curves taking the solution annealing temperature Tan as upper bound of integration: 

∆𝐻 𝛽 𝑐 𝛽 d𝑇 (5)

While the maximum solubility of Si in the Al-rich matrix occurs at 577 °C with about 1.65 ma.%, solubility 

decreases to about 0.05 ma.% at 250 °C [16,39] and drops far below that value with further decrease of 

temperature [40]. Soluble amount of Si at RT cSisol(RT) therefore is negligible and equation (4) simplifies to 

𝑠𝑜𝑙𝑢𝑡𝑒 𝑐𝑜𝑛𝑡𝑒𝑛𝑡 𝑐 ∙ 1
∆𝐻 𝛽

∆𝐻
 (6)

Solute mass fraction of Si reaches a maximum if the alloy is overcritically cooled to RT. No precipitation 

reactions occur (ΔHRToc = 0) in that case and the complete solid solution is retained. When saturation level 

|ΔHRTsat| is reached, all alloying elements should be precipitated leaving a negligible amount of Si in solid 

solution. 

As only the diamond cubic Si-rich phase is assumed to be precipitated from solid solution the precipitated Si 390 

mass fraction (precipitated ma.% = overall ma.% – solute ma.%) can directly be converted into volume fraction 

of Si particles considering the densities of Al and Si. The precipitated volume fraction in dependence of cooling 

rate and temperature can also be calculated with the presented model if the maximum possible precipitated 

volume fraction ΦSimax is evaluated first: 

𝑝𝑟𝑒𝑐𝑖𝑝𝑖𝑡𝑎𝑡𝑒𝑑 𝑣𝑜𝑙𝑢𝑚𝑒 𝑓𝑟𝑎𝑐𝑡𝑖𝑜𝑛 𝛷 ∙
∆𝐻 𝛽

∆𝐻
 (7)

The binary Al-Si alloy with a Si content of 0.72 ma.% was considered for the calculation exclusively. The 

computed solute mass fraction of Si (bold line) and the precipitated volume fraction of Si (thin line) after cooling 

to RT is shown in Fig. 6 in dependence of cooling rate. 
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Fig. 6. Calculated solute mass fraction of Si (bold line) and calculated precipitated volume fraction (thin line) for Al 0.72Si 

after cooling to room temperature in comparison to APT data and results from metallographic analysis. 400 

As the uncertainty of enthalpy values from DSC experiments are estimated to be up to 10 % (resulting from peak-

area determination), the calculated solute mass fraction needs to be verified. For this, five different cooling 

conditions were analysed by APT. Measured data are plotted in Fig. 6 for comparison with the calculated results. 

Standard deviations of three runs are represented by error bars. APT data after overcritical cooling with 1 K/s 

(0.6800.023 ma.%) is in good agreement with the calculated solute mass fraction. It was assumed that no 

precipitation reactions occur in the time between quenching and APT measurements as formation of precipitates 

at RT is not reported in literature. Possible natural ageing processes [41,42], which would theoretically reduce 

the Si content in solid solution, are not considered in the measured composition. Measured values after cooling 

with all rates also match the calculated data well. As presumed, solute mass fraction of Si decreases with 

decreasing cooling rate. The value determined by APT after cooling with 0.0001 K/s (0.0390.026 ma.%) 410 

matches the calculated solute mass fraction and indicates that not all Si has been precipitated in that condition.  

Fig. 6 also shows the precipitated volume fraction of Si obtained from metallographic analyses in comparison to 

computed data. For a better comparison with APT data, the mean values of solute mass fraction Si were calculated 

from these results and are also given in Fig. 6. Evaluated data from metallographic analyses is in accordance to 

the modelled data as well. The relatively large error bars for very slow cooling conditions can be explained by 

the distribution of precipitates. Slow cooling rates lead to an increasingly uneven distribution of precipitated 

particles, which results in higher scattering of analysed volume fractions in different metallographic images. Still, 

the executed experiments support the data obtained from the adapted model used for the calculation of solute 

content. 

3.4. Characterisation of quench-induced precipitates 420 

It was demonstrated that during cooling in the DSC different reaction peaks correspond to the formation of 

different types of precipitates [18,28]. Coarse (dimensions some µm) incoherent equilibrium phases are 
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precipitated at high temperatures, while (partially) coherent precursor phases (length some 100 nm) precipitate 

at lower temperatures for age-hardenable aluminium alloys. However, no precipitation sequence is known for 

binary Al-Si alloys. Nevertheless, at least two exothermic reactions during cooling were detected for alloy Al-

0.72Si (Fig. 2a). To gain additional information on the precipitated particles, metallographic studies after linear 

cooling from solution annealing to RT were performed on this alloy. LOM and SEM images for different cooling 

rates are shown in Fig. 7. 

 

Fig. 7. LOM images of Al-0.72Si after cooling with different rates (a) and SEM image after cooling with 0.01 K/s (b) from 430 

solution annealing to RT. 

DSC results indicated that a cooling rate of 1 K/s is overcritically fast for Al-0.72Si. After cooling with this rate 

no secondary precipitates were traceable with LOM and nanosized precipitates were also not detected via APT, 

which supports the calorimetric findings. However, it cannot be fully excluded that small precipitates untraceable 

with LOM form at this cooling rate as APT measurements would only reveal such particles in case of a dense 

spatial distribution. At slower cooling rates precipitates were observed, of which most are precipitated inside 

aluminium solid solution grains. Few particles on grain boundaries could be detected as well. For a cooling rate 

of 0.01 K/s at least two overlapping reaction peaks were detected by DSC (Fig. 2a). After cooling with this rate 

coarse precipitates with different morphologies were found. On the one hand rods or platelets with lengths of 

some µm and high aspect ratios have formed. Besides, irregular-shaped polygonal particles with low aspect ratios 440 

and few µm in size are precipitated during cooling with this rate. A more detailed view on both precipitate 

morphologies provides the SEM image in Fig. 7b. With a further decrease of cooling rate, the amount of 

rod-/platelet-shaped particles is reduced and polygonal precipitates gain in size. At a cooling rate of 0.0001 K/s 

very coarse polygonal particles (about 10 µm) are precipitated, while no rod-/platelet-shaped particles are visible 

anymore in LOM images. 

It is well established in the literature that all precipitates in binary Al-Si alloys are diamond cubic Si-rich phase 

[15]. Our XRD experiments after cooling with 0.001 K/s and 0.01 K/s confirmed the presence of only the fcc Al-

rich phase and the diamond cubic Si-rich phase. Interestingly, overlapping DSC peaks (a1 and a2) observed during 
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heating of the water quenched condition (Fig. 3) indicate that the formation of precipitates with different shapes 

and sizes is not restricted to the cooling process. Precipitates of various shape were also found in other work after 450 

different ageing treatments [15,43–45]. 

When the microstructural results are compared to the corresponding DSC cooling curves it can be assumed that 

the precipitation of polygonal particles takes place at high temperatures. Rod-/platelet-shaped precipitates on the 

other hand seem to be formed at lower temperatures. As the precipitation of particles with different morphologies 

seem to correspond to the reaction peaks measured by DSC a more detailed microstructural analysis was carried 

out to study the development of precipitate formation by a step quenching procedure introduced in [18]. The 

investigated samples were cooled with 0.001 K/s and 0.01 K/s to specific temperatures before they were 

overcritically cooled to maintain the precipitation state of interest. 

The microstructure development of Al-0.72Si during cooling with 0.001 K/s obtained from light microscopy is 

shown in Fig. 8a. No precipitates are visible at 490 °C, which coincides with the DSC curve for this cooling rate 460 

as no reaction was detected at this temperature. According to Fig. 2a, the intensity maximum of the high 

temperature reaction peak is reached at 440 °C. Coarse polygonal particles with low aspect ratios have already 

been formed at this temperature. With a further decrease of temperature the precipitates grow and the volume 

fraction increases. After cooling to room temperature a few rod-/platelet-shaped precipitates were detected. This 

indicates that the low temperature reaction is also present to a certain extent at this cooling rate and supports that 

these particles are formed at lower temperatures. 

During cooling with 0.01 K/s the maximum amount of heat is released by low temperature reactions. However, 

high temperature reactions are not fully suppressed when the alloy is cooled with this rate. At a temperature of 

435 °C only polygonal-shaped precipitates with much smaller dimensions compared to the slower cooling 

condition can be perceived, which correspond to high temperature reactions taking place in this temperature 470 

region (Fig. 2a). When a temperature of 395 °C is reached (low temperature reaction peak maximum) these 

particles have grown and first rods/platelets appear. With further decrease of temperature the polygonal-shaped 

particles seem to retain their form and size. This again supports the proposition that these particles form only at 

high temperatures. On the contrary, amount and size of rod-/platelet-shaped particles increases after passing the 

intensity maximum of the low temperature reactions. 
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Fig. 8. LOM images of Al-0.72Si after cooling with 0.001 K/s (a) and 0.01 K/s (b) from solution annealing to specific 

temperatures followed by overcritical cooling. 

The knowledge that precipitate morphologies are dependent on the growth temperature of particles provides an 

explanation for their varying shape [46]. With respect to classical nucleation theory, the driving force for solid-480 

phase transitions such as precipitation reactions can be ascribed to three major factors. The change in the Gibbs 

free energy ΔG when a nucleus forms can therefore be written as: 

∆𝐺 ∆𝐺 ∆𝐺 ∆𝐺  (8)

While ΔGvol is related to the energy gain due to creation of new volume, ΔGsur (surface energy) and ΔGstr (strain 

energy) represent inhibitory energies for phase transition. If nucleation is mainly arrested by creation of new 

interfaces, globular/polygonal nuclei and particles will form because of their small surface to volume fraction. 

This seems to be the case at high temperatures. Plate- or rod-shaped particles are precipitated if the strain term is 

the dominating factor. This can be explained with lower strain energy of particles with this shape. Vacancies in 

binary fcc alloys also play an important role in nucleation [44] as they increase the diffusion rate of solute atoms 

at moderate temperatures and thus increase the growth rate of solute clusters. Furthermore, vacancies may become 

part of nuclei and can reduce the barrier to precipitation. 490 
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3.5. Thermo-mechanical analyses 

Flow characteristics of Al-0.72Si during the cooling process were examined by TMA dependent on cooling 

condition and temperature. In correlation with data from DSC cooling experiments and microstructural analyses 

information on the effect of Si solutes and quench-induced Si precipitates on mechanical properties can be 

discussed. Three cooling rates (1 K/s, 0.01 K/s, 0.001 K/s), showing very different precipitation behaviour, were 

studied. Compression tests after cooling with these rates were carried out at four different temperatures (500 °C, 

400 °C, 300 °C, 30 °C). The results of these tests are given in Fig. 9. 

 

Fig. 9. Stress-strain curves of alloy Al-0.72Si from compression tests with a strain rate of 0.1 s-1 at different temperatures Tc 

after cooling with different rates from solution annealing. 500 

Identical flow curves were recorded at a temperature of Tc = 500 °C for all cooling rates. This can be explained 

with the absence of precipitation reactions in this temperature range (Fig. 2a), meaning that all Si atoms remain 

in solution for all states. At Tc = 400 °C a decrease in strength was detected with decreasing cooling rate, which 

clearly results from a loss of solute Si atoms. Even greater differences in the flow stress can be observed at a 

temperature of Tc = 300 °C as further precipitation reactions occur in this temperature region. At both 

temperatures the flow stress at the initial stage of plastic deformation and at higher strains is affected nearly 

equally. 
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A main difference between cooling rates 0.01 K/s and 0.001 K/s is the morphology of the main precipitated 

particles as was shown in Fig. 8. Interestingly, strain hardening at high temperatures does not seem to be 

influenced by the quench-induced precipitates and similar work hardening rates were observed in all conditions. 510 

Work hardening is generally weak due to extensive dynamic recovery. On the other hand, work hardening rates 

at low temperatures seem to be affected by quench-induced precipitates formed during slow cooling. At 

Tc = 30 °C overcritically cooled samples again show the highest yield strength, implying that precipitated 

particles are too coarse to contribute to strength at the initial stage of plastic deformation. The yield strength 

hence seems to be controlled by the solute Si content. However, higher strain hardening rates up to a total strain 

of about 0.03 were observed for samples containing precipitates. With further increase of strain work hardening 

rates drop below that of precipitate-free samples. Complete solid solution thus showed a more linear hardening, 

while a parabolic hardening was observed for states containing quench-induced precipitates and lower solute 

content. 

Similar observations were recently made in Al-Mn alloys containing different dispersoid densities [47,48]. A 520 

higher amount of non-shearable particles led to an increased work hardening at the initial plastic deformation, 

but the effect was opposite at higher strains. The more parabolic hardening, compared to a lower density of 

dispersoids, resulted in a crossover in the stress-strain curves similar to the results presented here. The reason for 

increased work hardening rates at the initial plastic deformation has been attributed to the generation of 

geometrically necessary dislocations (GNDs), on which Ashby [49] proposed a basic theory. It was assumed that 

the local dislocation density saturates at a certain amount of strain and volume fractions containing GNDs no 

longer contribute to further work hardening. Decreased hardening rates at higher strains therefore seems to be 

related to the storage and dynamic recovery of the GNDs during deformation at room temperature [48]. Although 

no detailed study regarding precipitate-matrix interfaces have been performed so far, most quench-induced 

particles in Al-Si should be incoherent with the matrix and hence non-shearable due to their sizes. Thus, work 530 

hardening characteristics of Al-Si with quench-induced precipitates might also be influenced by the generation 

of GNDs. A more refined discussion of this effect will require a comprehensive model that is able to consider 

work hardening, dynamic recovery, particle and solid solution strengthening concurrently, which is beyond the 

scope of the present paper. 

4. Summary 

In this work an approach to explore the effect of solutes and quench-induced precipitates on mechanical properties 

during cooling from solution annealing has been introduced on binary Al-Si alloys. Application of advanced DSC 

techniques for determination of precipitation enthalpies upon cooling from solution annealing (cooling rates 

between 2 K/s and 0.0001 K/s) allows the determination of solid solution states based on an introduced 

physically-based approach. Microstructural analyses by the use of light optical microscopy, scanning electron 540 

microscopy, atom probe and X-ray diffraction support the modelled solute states and it is found that quench-
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induced precipitates of different morphology form dependent on cooling rate. Form and size of quench-induced 

particles depend on the temperature range in which they are precipitated. Coarse irregular-shaped, polygonal 

precipitates are formed at high temperatures, while particles precipitated at lower temperatures seem to be rods 

or platelets. Thermomechanical analyses showed that the strength of binary Al-Si during the cooling process is 

significantly influenced by temperature and cooling rate as different microstructural changes occur. Quench-

induced Si precipitates appear to have no contribution to yield strength of the alloy due to their sizes. Onset of 

plastic deformation is therefore mostly controlled by the present amount of Si solutes. While work hardening 

characteristics of Al-0.72Si at elevated temperatures also seem not to be influenced by precipitated particles, 

increased strain hardening rates at the initial stage of plastic deformation are observed at low temperatures in 550 

samples with quench-induced precipitates. At higher strains work hardening rates are reduced. This results in a 

rather parabolic hardening compared to precipitate-free conditions, which show a more linear hardening. 

The presented experimental approach can be used for a detailed study on the correlation between microstructural 

states of non-equilibrium alloy conditions and their mechanical behaviour in future work. With knowledge of 

microstructural changes upon cooling appropriate heat treatment parameters can be derived to control the 

microstructure and thereby produce well-defined material conditions. Comparison of these states by means of 

thermomechanical analyses will allow the investigation of strength contribution of solute Si and strengthening 

effects of quench-induced precipitates with different morphologies. Consequently, information on active 

strengthening mechanisms can be obtained to improve plasticity models. 
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Abstract: In the present study, the dissolution and precipitation behaviour of four different 

aluminium alloys (EN AW-6005A, EN AW-6082, EN AW-6016, and EN AW-6181) in four 

different initial heat treatment conditions (T4, T6, overaged, and soft annealed) was 

investigated during heating in a wide dynamic range. Differential scanning calorimetry 

(DSC) was used to record heating curves between 20 and 600 °C. Heating rates were studied 

from 0.01 K/s to 5 K/s. We paid particular attention to control baseline stability, generating 

flat baselines and allowing accurate quantitative evaluation of the resulting DSC curves.  

As the heating rate increases, the individual dissolution and precipitation reactions shift to 

higher temperatures. The reactions during heating are significantly superimposed and 

partially run simultaneously. In addition, precipitation and dissolution reactions are 

increasingly suppressed as the heating rate increases, whereby exothermic precipitation 

reactions are suppressed earlier than endothermic dissolution reactions. Integrating the 

heating curves allowed the enthalpy levels of the different initial microstructural conditions 

to be quantified. Referring to time–temperature–austenitisation diagrams for steels, 

continuous heating dissolution diagrams for aluminium alloys were constructed to 

summarise the results in graphical form. These diagrams may support process optimisation 

in heat treatment shops. 

OPEN ACCESS



Materials 2015, 8 BM5-p.2831 

Keywords: continuous heating; differential scanning calorimetry (DSC); aluminium alloys; 

Al–Mg–Si; sheet; dissolution; precipitation; enthalpy change 

1. Introduction

Al–Mg–Si alloys can be strengthened through precipitation hardening. The process consists of

solution annealing, quenching, and ageing; thus, it contains heating, cooling, and isothermal steps, and 

thereby precipitation and dissolution reactions occur. The knowledge of the precipitation and dissolution 

behaviour of aluminium alloys is important for optimising heat treatment steps and acquiring 

information for simulation in the production chain. The necessity of investigating the heating behaviour 

of aluminium alloys shall be demonstrated with a few examples: aluminium sheet materials are coiled 

and solution annealing is performed in continuous annealing furnaces with very short solution annealing 

times (a few minutes, which allows production to be kept fast and cost-efficient). Knowledge of the 

dissolution behaviour over a wide dynamic range would help to select an appropriate heating rate, 

generate a full solution already during heating, and hence exhaust the full age-hardening potential. 

Another important field of application of dissolution is heat treatments which lead to an increase of 

plastic formability. This holds for forming processes such as tailored heat treated blanks (e.g., [1]), 

but also for joining processes such as laser-assisted clinching [2]. 

In recent years, the precipitation and dissolution behaviour during the ageing of Al–Mg–Si alloys has 

frequently been investigated through differential scanning calorimetry (DSC), occasionally in 

conjunction with microstructure analysis. One outcome of this has been that the highly complex 

precipitation sequence of Al–Mg–Si alloys is basically known (e.g., [3–5]). A simplified precipitation 

sequence from a saturated solid solution (sss) for Al–Mg–Si alloys could be described as: sss → cluster 

→ GP zones → β′′ → β′ → β (Mg2Si). Nevertheless, the exact sequence significantly depends on the 

initial microstructural condition and heat treatment respectively as well as the alloy composition 

(cf. [6–9]). It is generally accepted that an increasing heating rate shifts the reactions towards higher 

temperatures (e.g., [10]). This phenomenon is often used to evaluate kinetic parameters such as the 

activation energy for specific precipitation reactions (e.g., [11–13]). A number of different methods exist 

to evaluate such kinetic parameters [14,15]. All of these methods are based on the assumption that the 

same amount of alloying elements is transferred for varying heating rates. However, the variation of the 

heating rate in these methods has been limited to a relatively narrow dynamic range so far. The 

availability of DSC curves is limited to a typical heating rate range around 10 K/min (about 0.2 K/s). 

In technological applications, the heating rate will vary significantly depending on heating technique 

and part dimensions. Therefore, it is indispensable to investigate a multiplicity of heating rates in a wide 

dynamic range. Moreover, DSC data in previous studies are hard to compare because the evaluation of 

those curves is not consistent. Heat flow was illustrated frequently instead of excess specific heat 

capacity, which is normalised for scanning rate and sample mass and therefore more comparable. 

The purpose of this work is to investigate the sequence of the precipitation and dissolution of 

Al–Mg–Si alloys in a wide dynamic range during heating by means of highly precise in-situ DSC analysis 

to make this information available for heat treatment shops as well as for heat treatment simulation. 
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2. Materials and Methods

2.1. Analysed Aluminium Alloys and Investigated Initial Conditions 

For the experimental procedure, four wrought alloys of the alloy system Al–Mg–Si were chosen. 

EN AW-6005A and EN AW-6082 were supplied as extruded profiles, EN AW-6016 and EN AW-6181 

instead as sheets. The chemical compositions—analysed by optical emission spectrometry (OES)—are 

given in Table 1. The alloy contents comply with the standard DIN EN 573-3, except aluminium alloy 

6181, which has a slightly higher copper content. In addition, 99.9995% pure aluminium was used as 

reference material. 

Table 1. Mass fraction of alloying elements of the investigated materials in %. 

Aluminium 
Alloy 

Mass fraction in % 

Si Fe Cu Mn Mg Cr Zn Ti 

EN AW-6005A 
DIN EN 573-3 

0.67 
0.5–0.9 

0.23 
≤0.35 

0.03 
≤0.3 

0.41 
≤0.5 

0.59 
0.4–0.7 

0.01 
≤0.3 

0.02 
≤0.2 

0.02 
≤0.1 

EN AW-6082 
DIN EN 573-3 

0.73 
0.7–1.3 

0.22 
≤0.5 

0.05 
≤0.1 

0.48 
0.4–1.0 

0.61 
0.6–1.2 

0.003 
≤0.25 

0.01 
≤0.2 

0.02 
≤0.1 

EN AW-6016 
DIN EN 573-3 

1.15 
1.0–1.5 

0.24 
≤0.5 

0.07 
≤0.2 

0.07 
≤0.2 

0.40 
0.25–0.6 

0.022 
≤0.1 

0.007 
≤0.2 

0.04 
≤0.15 

EN AW-6181 
DIN EN 573-3 

0.85 
0.8–1.2 

0.33 
≤0.45 

0.18 
≤0.1 

0.06 
≤0.15 

0.77 
0.6–1.0 

0.009 
≤0.1 

0.021 
≤0.2 

0.01 
≤0.1 

The dissolution and precipitation behaviour strongly depends on the initial microstructural state or 

heat treatment state. Therefore, different heat treatment states were adjusted, naturally aged (T4), 

artificially aged (T6), overaged (OA), and soft annealed (SA). The corresponding time–temperature 

profiles are listed in Table 2. The DSC measurements of the alloys EN AW-6016 T4 and EN AW-6181 T4 

were done at the same state of 7 days ageing time, since the samples were frozen at –80 °C after natural 

ageing prior the DSC measurements. 

Table 2. Heat treatment parameters of the investigated material. 

Heat treatment Step I Step II Step III 

T4 
Solution 

annealing 540 °C 
20 min. 

Water quenching 

Natural ageing 25 °C 7 days * 

T6 Artificial ageing 180 °C 4 h 

Overaged (OA) Artificial ageing 200 °C 10 h 

Soft annealed (SA) 98 h furnace cooling - 
* EN AW-6005A: 6–8 days; EN AW-6082: 2 months.

2.2. Thermal Analysis through DSC 

The heating experiments were carried out in two different devices adapted to different heating rate 

ranges. For rates between 0.01 and 0.1 K/s a heat-flux DSC (Setaram DSC 121, SETARAM 

Instrumentation, Frankfurt am Main, Germany) and for rates between 0.3 K/s to 5 K/s a 

power-compensated DSC (PerkinElmer Pyris 1 DSC, PerkinElmer, Hamburg, Germany) was used. 
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The samples have a cylindrical geometry, with dimensions of Ø6.1 mm × 21.65 mm used for 

measurements in the Setaram DSC 121 and of Ø6.4 mm × 1.0 mm for measurements with the 

Perkin-Elmer Pyris 1 DSC. Ensuring the symmetry of the whole equipment’s arrangement during the 

measurements is the determining factor for the quality of DSC curves. Therefore, not reacting reference 

samples of pure Al with the same geometries were used. 

In order to obtain precisely evaluable DSC curves, as a first step the device-specific heat-flow 

curvature must be eliminated from the raw data. Thus, a baseline measurement is subtracted from the 

sample measurement. Not only does the symmetry within one measure have to be preserved, but also 

the symmetry of successive sample and baseline measurements. Therefore, during the sample 

measurement the alloyed sample is scanned against a not reacting reference sample, while the baseline 

measurement is made by scanning a pure Al sample against a pure Al sample. To ensure that this 

procedure is appropriate, it is necessary to have steady-state conditions at the beginning and at the end 

of the measurements. Due to thermal inertia of the devices, it is useful to start and end the measurement 

with an isothermal step (this is also required for the heat capacity calculation with the device software). 

These isothermal steps serve the equilibration of the temperature of the sample. The starting isotherm 

could be described as a low temperature isotherm, in contrast to the ending isotherm, which is a high 
temperature isotherm. In particular, the quality with which the heat-flow values are matched between 

the high temperature isotherms of the baseline and the sample is a quality characteristic of a DSC 

measurement. The values of the heat-flow differences between the sample- and the baseline 

measurement are device dependent. With heat-flux DSCs such as the Calvet-type Setaram DSC 121, 

significantly better results are generally obtained with respect to this issue. 

To avoid baseline drift problems sample measurements and baseline measurements were recorded 

back-to-back. For slow heating rates (0.01–0.1 K/s) three sample and one baseline measurement were 

arranged. In contrast, six sample and three baseline measures were made for fast heating (0.3–5 K/s) 

rates. For measurements carried out in the PerkinElmer Pyris 1 DSC, pure nitrogen was used as a purge 

gas to ensure efficient heat transfer for improved sensitivity. Device-specific, no purge gas was used in 

the Setaram DSC 121, i.e., heating was carried out in dry air. 

We aim to perform a quantitative evaluation of the DSC curves. Therefore, we have to ensure that the 

zero level of the evaluated curve (frequently called the baseline, which should not be confused with the 

baseline measurement) is absolutely straight and possesses a value that is equal to zero. This is not 

necessarily the case, even if the measurement is performed with the best possible accuracy. Several 

circumstances can lead to a remaining zero-level curvature. For example, varying positions/rotations of 

the furnace lids or slight variations of the positions of the samples inside the furnaces can cause curve-bending 

effects (see e.g., [16]). In addition, the sample might have a slightly different surface colour compared 

with the reference sample. This will lead to a different uptake of heat radiation, which influences the 

heat flow particularly in heat-flux DSCs at high temperatures (see e.g., [17]). This metrological issue is 

reduced by covering the samples with standard aluminium crucibles, as this minimises the influence of 

different heat radiation behaviours of different sample surface colours on the heat flow signal and allows 

the reception of a good accordance of the curves of the sample measurement and the baseline [17]. 

Nevertheless, slight remaining bending will remain in several cases. This must be eliminated to allow 

accurate qualitative and quantitative evaluations. Primarily, and only if the zero level is known to within 

a good approximation, one can qualitatively distinguish between endo- and exothermal reactions. 
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Moreover, quantitative evaluation, for instance of the enthalpy transformed by the integration of the 

excess specific heat capacity curves, is only appropriate if the zero-level baseline is truly zero. 

An appropriate procedure to ensure this zero-level baseline quality will be explained below. 

2.3. Specifics for Using Modified Sample Geometries during DSC Measurements 

In this work a challenge was using sheet materials of EN AW-6016 (sheet thickness t = 1.25 mm) and 

EN AW-6181 (t = 1.5 mm) for measurements in the Setaram DSC 121. To get appropriate sample 

masses, several thin sheet discs needed to be stacked to arrive at the final samples. A stacked sample 

might be a challenge due to the significantly increased surface-to-volume ratio of the sample. In 

particular, this might lead to increased baseline bending as a result of heat-radiation effects. Preliminary 

investigations with EN AW-6005A exhibited the possibility of using common bulk samples on the one 

hand and stacked thin sheet samples on the other hand. Figure 1 shows a schematic and a picture of the 

two different sample dimensions used. Characteristics of the samples are different geometries and 

masses. While a common bulk sample is covered by two standard aluminium crucibles and weighs about 

1,698 mg, the new stacked sheet sample fills only one crucible, weighs about 700 mg, and is capped 

with an aluminium lid. The reference samples were prepared in the same way to retain the symmetry of 

the measurements. 

Figure 1. Schematics for the used common (a) and new sheet (b) sample with dimensions 

and masses as well as pictures of EN AW-6005A samples with crucibles. 

The recorded heat flow curves of both sample measurements and baseline measurements as well as 

the normalised excess specific heat capacity curves can be seen in Figure 2. A constant heating rate of 

0.02 K/s up to 540 °C was used in this example. Excess specific heat capacity curves allow a comparison 

of the heating curves with respect to different heating rates and mass. The curves match very well, i.e., 
the stacked discs method has been developed successfully for DSC measurements on sheet metal. 
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2.4. Evaluation of Heat Flow Curves 

First, as expected, it is noticeable in Figure 2a that the measured heat flows of the stacked sample are 

significantly lower due to the reduction in sample mass. The difference of the high temperature isotherms 

for the common bulk specimen is approximately 0.2 mW. In contrast, the difference for the new stacked 

specimen is in the region of about 0.6 mW. Although both results are quite satisfactory it can be seen 

that the curve values after baseline-subtraction are not necessarily zero, even if the reactions seem to be 

finished in the sample. In addition, the excess specific heat capacity (Figure 2b) displays a good 

qualitative accordance for both specimens. However, it becomes apparent that the remaining curvature 

of the corresponding zero levels is different. 

This remaining zero-level curvature potentially can be eliminated by subtracting a polynomial 

(zero-level polynomial). However, for this the start and end of the measured curves should exhibit 

sections where no heat was exchanged by microstructural changes within the sample—i.e., reaction-free 

zones are required to allow the fitting of a zero-level polynomial. This requirement is not fulfilled in the 

example in Figure 2b. Nevertheless, this problem could be overcome by heating to higher 

temperatures —in particular some 10 K above the solvus temperature of the equilibrium phases—which 

would consequently lead to curve progression with significant and expanded reaction-free sections. 
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Figure 2. Comparison of different specimen types during heating of EN AW-6005A in a 

Setaram DSC 121: (a) heat-flow curves; and (b) excess specific heat capacity curves 

(normalised heating curves). 

The data evaluation procedure is shown in Figure 3 with raw data from the two DSC devices 

measuring EN AW-6181 T4. In order to indicate the comparability of both DSC types, similar heating 

rates of 0.1 K/s (Figure 3a–c) and 0.3 K/s (Figure 3d–f) were chosen. The consideration of the excess 

specific heat capacity provides significant advantages for the characterisation of the slight dissolution 

and precipitation reactions in contrast to heat flow. Evaluating the excess specific heat capacity, sample 

heat flow ( sample) and baseline heat flow ( baseline) have to be subtracted (Figure 3a,d). The remaining 

zero-level curvature was corrected by subtracting a third degree polynomial (see Figure 3b,e) after 
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normalising through sample mass (m) and scan rate (β). This method of calculating the excess specific 

heat capacity is generally applied to compare different heating rates and different sample masses [18]: 

∙ β
(1)

The zero-level polynomial is fitted to the reaction-free zones. The curve correction should be 

performed on curves in the same scale. Moreover, the correction should always start on curves with the 

largest measuring effects due to proper estimation of the curvature. However, this procedure should only 

be used if it is certain that reactions and reaction-free sections can be distinguished from each other, e.g., 

by comparing other curves of slightly different heating rates. Nevertheless, this method is a subjective 

procedure and must be handled with care. 

Another important fact during evaluation is shown in Figure 3a,b and 3d,e. Changing the heating rate 

significantly, e.g., from a constant heating rate to the isothermal soaking at high temperatures, 

unavoidably leads to heat-flow artefacts. A so-called overshoot peak can be seen depending on the DSC 

device. These artefacts must be excluded from evaluation. 

Subsequently, the resulting de-bended curve can be displayed as a function of temperature 

(Figure 3c,f). In the course of obtaining the resulting DSC heating curves, the endothermic reactions by 

definition correspond to the positive number range while the exothermic reactions correspond to the 

negative number range [18]. The differences between the start isothermal and end isothermal for the 

PerkinElmer Pyris 1 DSC (Figure 3d) have a greater magnitude than for the Setaram DSC 121 due to 

the device. Nevertheless, both evaluated excess heat capacity curves ultimately show a similar 

behaviour, indicating a good comparability of the two DSC devices used. 
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means of data from several devices using the example of EN AW-6181 T4. 

(a–c) Setaram DSC 121. (d–f) PerkinElmer Pyris 1 DSC. 
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The generation of continuous heating dissolution diagrams is based on the interpretation of the heating 

curves (excess cp as a function of temperature). Due to the overlapping of the dissolution and 

precipitation reactions, a first approach has been used to determine onset and endset temperatures. The 

onset and endset temperatures of each precipitation and dissolution reaction respectively is defined by 

the zero crossing (see Figure 4). The start temperature  of the first reaction at low temperatures as 

well as the end temperature  of the last reaction at the highest temperature could be interpreted as 
the true start/end temperatures. The temperatures of the individual peaks 	  are

simplifications, as overlapping of the reactions is not considered. The superimposed peaks without zero 
crossing are a special case of evaluating onset temperatures. These temperatures 	  are defined

by the minimum value between both peaks. The investigated heating curves as well as the onset and 

endset temperatures of the different dissolution and precipitation reactions are finally plotted in a 

temperature–time diagram. 
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Figure 4. Separation of the individual peaks and defining onset and endset temperatures by 

using the example of EN AW-6181 T4 heated with 0.1 K/s employing a Setaram DSC 121. 

The curve area integration over the whole temperature range provides another quantitative evaluation 

method for heating curves. The complete enthalpy change distinguishes the amount of existing 

precipitations in the initial condition just before the heating scan. 

3. Results and Discussion

3.1. Excess Specific Heat Capacity Curves 

In general, energy has to be supplied if chemical bonds dissociate, which refers to an endothermic 

reaction. However, exothermic reactions display energy release and indicate that new chemical bonds 

have been formed. Aluminium alloy dissolutions correspond to endothermic reactions while 

precipitations belong to exothermic reactions. Endothermic dissolutions are shown by deviations 

exceeding the zero level, which is displayed as a dashed straight line (see Figure 5). Exothermic 

precipitations are represented by deviations below the zero level. The interpretation of those 

measurements might be very difficult. This holds particularly for heating experiments on age-hardened 

aluminium alloys due to a sequence of alternating endothermic dissolution and precipitation exothermic 
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reactions. In addition, superposition of different reactions can emerge. As will be shown below, this 

involves the danger of significant misinterpretation during the quantitative interpretation of such 

DSC curves. 
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EN AW-6005A – T4, T6 and OA. (b) EN AW-6016 T4 and T6. (c) EN AW-6181 T4 and T6. 

Figure 5 shows the heating DSC curves with an exemplary rate of 0.1 K/s for the alloys 

EN AW-6005A, EN AW-6016, and EN AW-6181 comparing the different initial conditions (T4, T6, 

and OA). The curves for EN AW-6082 are very similar to EN AW-6005A. The results demonstrate the 

complexity of the alternating endothermic and exothermic reactions caused by the precipitation 

sequence [3–5]. Ohmori et al. [10,19,20] as well as Birol [21,22] examined the heating behaviour of 

Al–Mg–Si alloys through DSC and showed a similar alternation of exothermic and endothermic peaks. 

The excess specific heat capacity curves of all three alloys for the initial condition (T4) start with an 

exothermic peak aT4 caused by the remaining potential for the formation of clusters, which were not 

formed during natural ageing before. For a higher content of Mg and Si, two superimposed cluster 

reactions occur [23]. This could be the reason for the intense peak aT4 for the alloys EN AW-6016 T4 

and EN AW-6181 T4. The considerably higher content of Si in those alloys causes an accelerated 

precipitation reaction at lower temperatures in comparison to EN AW-6005A. In addition, it should be 

noted that there is no exothermic reaction aT4 for the alloy EN AW-6082 T4 due to the fact that natural 

ageing lasted about 2 months, resulting in no remaining potential for cluster formation. 

Endothermic reaction BT4 appears next and is generally interpreted as the dissolution of clusters [10] 

and, with respect to natural ageing, as the dissolution of GP zones [24]. The two-step shoulder in peak 

BT4 indicates such overlapping dissolution reactions. 

The following exothermic peaks cT4 and d are frequently interpreted as precipitation of β′′ and β′ 

phases [5,25], respectively, for the T4 condition. A special case is the exothermic peak e of the alloy 

EN AW-6016 T4. This likely corresponds to the precipitation of B′, which is established in combination 

with β′ as well as being related to a high Si:Mg ratio [25]. The Si:Mg ratio of the alloy EN AW-6016 is 

more than twice as high as the other investigated aluminium alloys. 

It is obvious that the following sequence of the peaks F, g, and H could not be clearly identified for 

every investigated alloy. The reasons are concurrent dissolution and precipitation reactions – a first hint 

of the serious problem of quantitative interpretation of such DSC curves. The peaks F, g, and H detected 
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in EN AW-6005A correspond to the dissolution of the precursor phases such as β′′, β′ and B′. The 

subsequent occurring peak e should correspond to the precipitation of the equilibrium phase β (Mg2Si). 

The final peak H corresponds to the final dissolution of all remaining phases, predominantly β (Mg2Si). 

F, g, and H heat signals overlap significantly, so that for EN AW-6181 the exothermic effect of β (Mg2Si) 

precipitation only appears as a local minimum in a larger endothermic dissolution peak. Even more 

drastic for EN AW-6016 is the fact that the separation of those three reactions is not possible at all. Thus, 

for example, peak g could not be labelled for the alloys EN AW-6016 or EN AW-6181 (Figure 5b,c). 

The T6 artificially aged conditions have a similar sequence of exothermic and endothermic reactions 

as the T4 conditions of each alloy. The specifics are non-existent peaks a and c as well as the modified 

peak B. This is due to the fact that GP zones and β′′ had been previously precipitated in the T6 condition. 

These particles are dissolved at peak BT6. The further sequence correlates with the development of the 

T4 natural aged condition. 

The slightly modified curve of the OA condition of EN AW-6005A compared with the T6 condition 

shows a less intense reaction d. β′ particles were already precipitated at overaged condition, with the 

result that the potential for forming new precipitations while heating was lower. 

It is also conceivable that precipitation transformations occur during heating, e.g., transformation of 

β′→β or transformation of pre-β′′ → β′′ might occur [25–27]. 

3.2. Dissolution and Precipitation Behaviour in a Wide Range of Heating Rates 

Figure 6 shows selected excess specific heat capacity curves of the alloys EN AW-6005A and 

EN AW-6016 for the T4 and T6 initial conditions (and OA occasionally). 
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conditions (a) T4. (b) T6 (and overaged). 
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The DSC curves are arranged in descending order of increasing heating rate. In general, the peaks 

shift to higher temperatures as the heating rate increases. For example, the peak temperature of the 

precipitation reaction cT4 of the alloy EN AW-6005A shifts about 160 K from 220 °C during heating at 

0.01 K/s up to 380 °C during heating at 5 K/s. Further, the peak areas decrease as heating rate increases 

due to the suppression of diffusion processes. The precipitation of clusters (peak a) is suppressed 

completely at higher heating rates. Similar observations has been reported in Pogatscher et al. [28]. 

Higher heating rates lead to an incomplete precipitation sequence. The dissolution and precipitation 

reactions run earlier at slower heating rates for the alloy EN AW-6016, possibly due to its higher Si 

content as well as its higher Si:Mg ratio. This holds for both T4 and T6 initial conditions. 

Characteristic heating curves for the alloy EN AW-6082 (T4, T6, OA, SA) could be observed in 

Figure 7 as well as for EN AW-6181 (T4, T6) in Figure 8. 
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Figure 8. Continuous heating curves for EN AW-6181 with (a) T4 and (b) T6 initial condition. 

Both, precipitation and dissolution are diffusion-controlled reactions and therefore it is probable that 

they are increasingly suppressed as heating rate increases. This can be observed, e.g., following the final 

dissolution peak H over the entire heating rate range. Peak H is significantly suppressed as heating rate 

increases. Nevertheless, e.g., the precipitation peaks c and d of the T4 initial state seem to increase their 

peak area as heating rate increases. However, the underlying reactions must be suppressed. The seeming 

increase of the related peak areas can only be ascribed to changes in the degree of overlapping by endo- 

and exothermic reactions. It seems possible that the kinetic shifts in temperature are different. Hence, a 

different shift in temperature of superimposed dissolution and precipitation will lead to different peak 

ratios. Another possible explanation is that the kinetics of precipitation reactions is slower compared to 

the kinetics of dissolution reactions. This is because precipitation requires long-range diffusion as 

opposed to more localised dissolution. Thereby, precipitation reactions might be suppressed more 

strongly than dissolution reactions. The latter seem to be the case for all investigated conditions here,  

as at faster heating rates endothermic dissolution reactions clearly dominate the DSC curves. 

Therefore, these overlapping and superposition issues imply that evaluation of kinetic parameters, 

e.g., for precipitation reactions based on DSC heating curves, must be handled with care. Some of the

evaluation methods for kinetic parameters, such as the Kissinger method, utilise a single peak for 

evaluation—which, based on the above results, obviously brings along the danger of misinterpretation. 

Moreover, all methods for evaluating the kinetic data from DSC heating curves are based on the 

assumption that the transformed fraction of alloying elements is constantly independent of the varying 

heating rates [14,15,29]. The basic assumption also does not hold—in particular for a variation of heating 
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rates in a wide dynamic range. This leads to the future task of developing new methods for the evaluation 

of kinetic parameters. That task might be solved by kinetic modelling. Some available models even allow 

the combination of both precipitation and dissolution to model the whole DSC heating curve from room 

temperature up to the solvus temperature (e.g., [30–34]). 

In Figure 9, selected heating curves for alloy EN AW-6005A in the SA initial condition are plotted. 

During heating after soft annealing, only dissolution reactions occur. During soft annealing, nearly all 

alloying elements will precipitate predominantly to incoherent β (Mg2Si) particles, but also to a minor 

fraction of semi-coherent β′ and/or B′ precipitates [35]. Such precipitations will dissolve during heating. 

For a heating rate of 0.05 K/s the dissolution is probably just completely finished at 580 °C—it can be 

seen in Figure 9 that the excess cp beyond the final dissolution peak just drops back to zero. At least for 

the faster heating rates investigated, the dissolution reaction is incomplete. Thus, a critical heating rate 

applied at a certain temperature for complete dissolution exists. After faster heating to this particular 

temperature, additional soaking will be needed to solve all relevant alloying elements. Alloy EN AW-6082 

was also investigated after soft annealing (see Figure 7d). 
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Figure 9. Selected heating curves of EN AW-6005A for the SA initial condition. 

3.3. Continuous Heating Dissolution Diagrams 

By entering the different start and end temperatures of the dissolution and precipitation reactions 

together with the varying heating curves in a temperature–time diagram, continuous heating dissolution 

diagrams for a wide range of heating rates could be created. Figure 10 displays the diagrams of all 

investigated Al–Mg–Si alloys for the T4 initial condition. These diagrams allow estimation of 

corresponding temperatures for dissolution or precipitation reactions during heating rates of 0.01 to 5 K/s 

and make these data available for heat treatment shops. 

It should be mentioned again that these start temperatures were qualified by zero crossing (partial 

local minimum) of the DSC curves. The very first start temperature of reaction a and reaction B as well 

as the final end temperature of reaction H are physical true. The start temperatures of all other reactions 

are influenced by the evaluation method. The continuous heating dissolution diagrams for the T6 initial 

condition can be seen in Figure 11 as well as for OA and SA alloys EN AW-6005A and EN AW-6082 

in Figure 12.  
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1 10 100 1000 10000
0

100

200

300

400

500

600 5 K/s   0.01 K/s

  

start F

start H

start g
start F

start d
start B

time in s

start precipitation
start dissolution

1 10 100 1000 10000
0

100

200

300

400

500

600

 start g

end H

start d

end H
start H

start B

time in s

tem
pe

ra
tur

e i
n °

C

tem
pe

ra
tur

e i
n °

C

tem
pe

ra
tur

e i
n °

C

tem
pe

ra
tur

e i
n °

C

1 10 100 1000 10000
0

100

200

300

400

500

600 end H
start H

start e
start d

start B

 

 

 
time in s

1 10 100 1000 10000
0

100

200

300

400

500

600

start B
start d

start F

start H end H

 

 

(d) EN AW-6181 T6(c) EN AW-6016 T6

time in s

(b) EN AW-6082 T6(a) EN AW-6005A T6

Figure 11. Continuous heating dissolution diagrams for the T6 initial condition of several 

aluminium alloys (a) EN AW-6005A. (b) EN AW-6082. (c) EN AW-6016. (d) EN AW-6181. 



Materials 2015, 8 BM5-p.2844 

1 10 100 1000 10000
0

100

200

300

400

500

600

  

 

start F

start H

start g
start F

start d
start B

time in s

start precipitation
start dissolution

5 K/s         0.01 K/s

1 10 100 1000 10000
0

100

200

300

400

500

600

 start g

end H

start d

end H

start H

start B

time in s

tem
pe

ra
tur

e i
n °

C

tem
pe

ra
tur

e i
n °

C

tem
pe

ra
tur

e i
n °

C

tem
pe

ra
tur

e i
n °

C

1 10 100 1000 10000
0

100

200

300

400

500

600
start H

start F  

 
time in s

1 10 100 1000 10000
0

100

200

300

400

500

600

start B

start F

start H

 

 

(d) EN AW-6082 soft annealed(c) EN AW-6005A soft annealed

time in s

(b) EN AW-6082 overaged(a) EN AW-6005A overaged

Figure 12. Continuous heating dissolution diagrams for (a) EN AW-6005A overaged; 

(b) EN AW-6082 overaged; (c) EN AW-6005A soft annealed; (d) EN AW-6082 soft annealed. 

One important detail of those diagrams regarding solution annealing shall be explicitly mentioned. 

Reaction H describes the final dissolution of all remaining phases in the aluminium solid solution. It is 

obvious that the temperatures “start H” and “end H” are not reached for all alloys, initial microstructures, 

and heating rates (e.g., no end H for EN AW-6082 for T4 and T6 above approx. 0.5 K/s). Here, 

dissolution has not been completed at the end of the heating step and will continue in the soaking step. 

3.4. Enthalpy Change 

The integral of the heating curves – covering the full temperature range – gives information about the 

heat consumed by the dissolution of the pre-existing initial microstructural state. The course of enthalpy 

change indicates running dissolution and precipitation reactions. The development of enthalpy change 

during heating with different heating rates is displayed in Figure 13a using the example of EN AW-6005A 

for T4. Therein the enthalpy levels at temperatures above the solvus temperature are defined as zero. 

The curves start at approximately –6 J/g (grey line) and run to 0 J/g (dotted line) due to the complete 

dissolution of all phases. The flatter course of the curves with increasing heating rates shows that more 

and more precipitation reactions are suppressed. Nevertheless, the total enthalpy change is identical. 

The value of the total enthalpy change can be helpful for assessing the initial condition. If heating is 

performed slowly enough, the initial microstructure will dissolve completely. The characteristic enthalpy 

change in such cases can be defined as the enthalpy level of the initial condition. The value is expected 

to be constant as long as all phases are dissolved completely. In this study this holds for the T4, T6, and 

OA initial conditions. For these conditions, precipitates with a relatively low stability form, such as clusters, 



Materials 2015, 8 BM5-p.2845 

GP zones, ′′ and ′. In contrast, soft annealing leads to relatively stable precipitates—predominantly 

coarse (up to some 10 µm) equilibrium β (Mg2Si) plates. Those coarse precipitates cannot dissolve in 

short heating times. Therefore, in the investigated heating rate range of 0.01 to 5 K/s the dissolution of 

these coarse secondary particles is not finished even at 600 °C (Figure 13e). 

The slower the heating the more will be dissolved and also the higher the values of enthalpy change 

will be. However, the enthalpy level of the SA initial state remains unknown. It is definitely larger than 

15 J/g, as seen in Figure 13e. 

Figure 13b–d displays the average enthalpy change of each heating rate indicated by a scatter band. 

Each heating rate has been repeated two to six times. Therefore, the error bars show the minimum and 

maximum values of all sample measurements from one heating rate. In addition, the average of the 

enthalpy changes of all investigated heating rates for any initial condition (T4, T6, and OA) is plotted as 

a straight line and an extensive scatter band indicating the standard deviation. 
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Figure 13. Enthalpy change of EN AW-6005A (a) T4, development of enthalpy change 

during heating with different heating rates. (b) T4. (c) T6. (d) Overaged. (e) Soft annealed. 

Table 3 specifies the enthalpy change of all the investigated aluminium alloys for the T4, T6, and 

OA initial states: the higher the content of the alloying elements of Mg and Si, the higher the enthalpy 

changes. Further, the enthalpy changes increase in the order T4, T6, OA due to the fact that more 

stable precipitates must be dissolved. 

In this context, it should also again be pointed out that the elimination of the curvature based on the 

heat flow curve (see Figure 3b,e) has a significant effect on the enthalpy change. Hence, it is extremely 

important to proceed very careful with the elimination of bending. 
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Table 3. Enthalpy change for the specific initial heat treatment states of the investigated 

aluminium alloys in J/g. 

Aluminium Alloy 

Enthalpy change in J/g 

Initial condition 

T4 T6 OA

EN AW-6005A 6 ± 2 10 ± 1 12 ± 1 

EN AW-6082 7 ± 3 10 ± 1 12 ± 1 

EN AW-6016 3 ± 1   7 ± 1 - 

EN AW-6181 7 ± 1 13 ± 1 - 

4. Summary

The dissolution and precipitation behaviour during heating was investigated for four Al–Mg–Si alloys

by means of the DSC technique in a wide range of heating rates between 0.01 to 5 K/s. In general, the 

analysed aluminium alloys had a similar precipitation sequence during heating. The examination of 

heating curves is complicated, as endothermic and exothermic reactions occur simultaneously and 

influence each other. The evaluation of the DSC curves for several heating rates exhibits suppressed 

reactions as well as a shift to higher temperatures as heating rate increases. Several initial conditions 

were compared and their corresponding enthalpy levels were determined. The results show a strong 

dependence on the initial condition. Continuous heating dissolution diagrams were created by displaying 

the times and temperatures of both exothermic and endothermic reactions. 
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Abstract 

This work studies the quench-induced precipitation during continuous cooling of five Al-Mg-Si alloys 

over a wide range of cooling rates of 0.05 - 2∙104 K/min using Differential Scanning Calorimetry (DSC), 

X-ray diffraction, optical- (OM), transmission electron- (TEM) and scanning electron microscopy (SEM) 

plus hardness testing. The DSC data shows that the cooling reactions are dominated by a high 

temperature reaction (typically 500 °C down to 380 °C) and a lower temperature reaction (380 °C down 

to 250 °C), and the microstructural analysis shows they are Mg2Si phase formation and B’ phase 

precipitation, respectively. A new, physically-based model is designed to model the precipitation during 

the quenching as well as the strength after cooling and after subsequent age hardening. After fitting of 

parameters, the highly efficient model allows to predict accurately the measured quench sensitivity, the 

volume fractions of quench induced precipitates, enthalpy changes in the quenched sample and hardness 

values. Thereby the model can be used to optimise alloy and/or process design by exploiting the full age 

hardening potential of the alloys choosing the appropriate alloy composition and/ or cooling process. 

Moreover, the model can be implemented in FEM tools to predict the mechanical properties of complex 

parts after cooling. 
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1 Introduction 

In recent years substantial progress has been reported in modelling of diffusion controlled phase 

transformations and the modelling of the thermodynamics of commercially important complex alloy 

systems, including first principles modelling. In this paper we will investigate how this progress can be 

used to provide a computationally efficient new model for a technically important process: quench 

sensitivity of heat treatable aluminium alloys. In heat treatable Al-based alloys precipitation hardening is 

the dominant strengthening mechanism. For most commonly used alloys such as the Al-Mg-Si (6xxx) and 

the Al-Zn-Mg-(Cu) (7xxx) alloys, age hardening response can be seriously affected by the cooling rate 

from solution annealing (e. g. [1–9]; and also toughness can be reduced due to reduced cooling rate [10]. 

To achieve optimal mechanical properties, precipitation during quenching must be fully suppressed, and 

this is achieved only if the alloy is cooled with the upper critical cooling rate or faster (e. g. [4,8,7]). 

However, fast cooling can induce residual stresses (e. g. [11–13]), and hence, in order to obtain an optimal 

balance between strength and residual stresses / distortion, cooling from solution annealing should be 

done with the upper critical cooling rate or slightly faster. Nevertheless, in some parts with varying wall 

dimensions it might be difficult to realise the same cooling rate at every location. Nowadays it is relatively 

easy to calculate the temperature developments in such parts at every location by finite element modelling 

(e. g. [12]). However, for prediction of the mechanical properties at varying cooling rates, no models that 

incorporate reliable thermodynamic and kinetic models have hitherto been published, nor have any 

models been tested using extensive experimental data. The present work addresses these issues in two 

ways: improved models and model verification through comparison with much increased and more 

detailed experimental results. 
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Differential Scanning Calorimetry (DSC) is frequently used for investigation of diffusion-controlled 

precipitation reactions (e.g. [14,3,15,8,16,17]). In recent years significant improvements were obtained in 

the in situ investigation of the precipitation processes during cooling of Al alloys from solution annealing 

through the development of high sensitivity in-situ DSC techniques [18–21]. These technically and 

metrological sound DSC methods allow to measure the enthalpy changes over the whole cooling rate 

range of technical and scientific interest: from slow cooling with phase transformation close to equilibrium 

conditions up to cooling rates near the upper critical cooling rate. In the present work, the enthalpy change 

during cooling is used as basis for the modelling. 

We will in this work derive a model for precipitation during quenching and subsequent ageing of Al-

Mg-Si alloys and combine that with a model for precipitation hardening, to provide predictions of strength 

and hardness for cooling rates that stretch over 6 decades. In the model we will incorporate very recent 

progress in first principles modelling of the phases in the Al-Mg-Si system results [22] and very recent 

models for precipitation kinetics [23,24]. The model is tested against an extensive set of experimental 

data. 

2 Experimental 

2.1 Investigated alloys 

In this work, five different 6xxx alloys covering a wide range of compositions were investigated. The 

alloys are AA6063, AA6005A, and three alloys within the composition range of AA6082, representing 

variants with low Mg and Si content (AA6082low), typical (medium) Mg and Si content (AA6082typ) and 

high Mg and Si content (AA6082high). The chemical compositions of the investigated batches are given in 

Table 1. All alloys have been cast, homogenised and subsequently extruded. They were received as 

extruded profiles, from which samples were cut for further heat treatment and investigations. We combine 

a very large amount of new and existing experimental data (about 600 DSC experiments, about 500 

hardness tests, microstructural analysis of more than 100 samples). 
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Table 1: Chemical composition of investigated alloys (mass fractions in %) obtained by optical emission 
spectroscopy (OES) analysis, with experiments performed. cDSC = cooling DSC, hDSC = heating DSC 

Alloys Si Fe Cu Mn Mg Cr Zn Ti Experiments 

AA6063 0.5 0.19 0.02 0.03 0.47 0.005 0.03 0.013 
TEM, cDSC, SEM, HV, OM, 

XRD 

AA6005A 0.68 0.2 0.01 0.11 0.57 0.04 0.01 0.018 
TEM, cDSC, SEM, HV, OM, 

XRD 

AA6082low 0.73 0.22 0.05 0.48 0.61 0.003 0.009 0.02 cDSC, SEM, HV, OM, XRD 

AA6082typ 1.01 0.19 0.03 0.44 0.68 0.04 0.02 0.01 TEM, hDSC, HV 

AA6082high 1.23 0.2 0.09 0.65 1.05 0.2 0.05 0.03 cDSC, SEM, HV, OM, XRD 

 

2.2 Heat treatment, Differential Scanning Calorimetry and Hardness Testing 

The main focus of this work is the quenching step within the age hardening heat treatment procedure. 

The basic scheme of the experimental applied heat treatments is shown Fig. 1. The solution annealing at 

540 °C for 20 min was followed by linear cooling with cooling rates varying in a wide range (0.05 K/min – 

2∙104 K/min). Differential Scanning Calorimetry (DSC), covering cooling rates from 0.1 K/min to 

375 K/min, are realised by employing three different types of DSC devices: Setaram 121 DSC 0.1-6 K/min; 

Mettler-Toledo 823 DSC 6-30 K/min; PerkinElmer Pyris 1 DSC 30-375 K/min. Samples were measured 

versus a thermodynamic inert reference sample of pure aluminium. The baseline measurements were 

performed measuring pure Al samples in both DSC-microfurnaces. For each measurement one 

corresponding baseline was measured, and excess specific heat capacity curves reflecting the enthalpy 

 

Fig. 1: Temperature-Time 
scheme of experiments. 

 

Fig. 2: Schematic evaluation of DSC 
cooling curves by sections wise integration. 
(A) DSC curve separated in high- and low-

temperature-reactions (HTR / LTR). (B) 
Related integral curves for corresponding 

temperature intervals. 
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changes due to reactions were determined (Fig. 2A). The specific precipitation enthalpy was evaluated 

by integrating the excess specific heat capacity curves and precipitation enthalpies of partially overlapping 

precipitation peaks was evaluated using the minimum heat flow as indicated in Fig. 2B (for further details 

see [18]).  

Samples for hardness testing were cooled to room temperature at constant rates of 0.05 K/min – 

2∙104 K/min, and, following a brief 7 min ageing at room temperature, they were artificial aged at 180 °C 

for 4 hours.  

To achieve very high controlled cooling rates up to 2∙104 K/min, heat treatments of additional samples 

were performed in a Baehr A/D 805 dilatometer. The complete heat treatments of hardness samples were 

performed either in DSC or dilatometer, thus ensuring a complete control of the entire temperature-time 

profile. Vickers hardness HV1 (load 1 kg) was tested with a Shimadzu HMV-2E small-force hardness 

indenter according to ISO 6507-1 applying an indentation duration of 10 s. At least six indentations per 

sample were performed. In addition, selected samples for microstructure investigation on AA6082typ were 

solution annealed and subsequently cooled using procedures approximating industrial practice: 

quenching in room-temperature-water, cooling in slightly moving air and slow air-cooling (in still air). 

Cooling rates were measured, and at 370 °C the cooling rates were about 400, 3 and 1 K/min, 

respectively. These samples were all artificially aged after cooling (i.e. a T6 treatment) and prior to 

microstructure investigation. 

2.3 Microstructure analysis 

The microstructures of an extensive number of samples from 5 alloys were investigated through optical 

light microscopy (OM), scanning electron microscopy (SEM), transmission electron microscopy (TEM) 

and X-ray diffraction (XRD). In this work we present selected, representative results, focussing on the 

nucleation mechanisms of different quench induced phases as well as on the volume fraction of coarse 

quench-induced precipitates. Selected SEM and TEM data on one of the alloys was presented previously 

[7]. 
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The alloys AA6063, AA6005A, AA6082low and AA6082high were analysed by X-ray diffraction (XRD) in 

a Siemens D5000 X-Ray Diffractometer after very slow cooling with 0.05 K/min. Cu-Kα radiation 

(wavelength 0.15406 nm), prime-aperture gap of 2 mm and a measuring duration of 3.2 to 3.7 s per angle 

step were used. The angle-step-width was selected as 0.02°.  

Samples for OM and SEM were prepared by standard grinding and polishing procedures. Ethanol 

based lubricants were used. Selected specimens were etched for 20 s in a solution of 4 g potassium 

permanganate in 100 ml distilled H2O and 1 g NaHO. After etching an etch-skin remained on the surface, 

which was removed by careful polishing. As OM a Leica DMI 500 and for SEM a Zeiss SUPRA 25 

(operated at 10 kV) were used. TEM foils were obtained by twin-jet electro-polishing (using 25 % nitric 

acid in methanol at about −30 °C and a voltage of 25 V). Samples were investigated in a Philips CM30 

and a JEOL 2000FX TEM, both operated at 300 kV. Structure analysis of selected quench induced phases 

was performed in SEM with electron backscatter diffraction (EBSD) and in TEM with selected area 

electron diffraction (SAED). For details of those analyses see [25,7]. 

The volume fraction of coarse phases formed during cooling was obtained through analysis of OM 

images using the image analysis software by “dhs-Bilddatenbank”, determining the area fractions of 

coarse phases (see e.g. [26]). For each investigated condition six OM micrographs with low magnification 

(200x) of polished samples were evaluated. This results in an evaluated area of about 240,000 µm² per 

condition. A minimum grey-scale level is adjusted to obtain areas of quench induced particles. The 

accuracy of this measurement is estimated to be about 0.1 vol%. Beside quench induced precipitates, a 

certain amount of coarse Al-Fe-Si-Mn phases are visible in the evaluated OM micrographs. Those phases 

are formed directly from the melt in a eutectic reaction, and they possess a very similar contrast compared 

to Mg2Si (compare differences between those types of precipitates in OM and SEM micrographs in Fig. 6 

in section 2.3). When cooling was performed overcritically fast, no quench-induced precipitates are 

present, and the determined volume fractions in those conditions possess a certain stable level and can 

directly be related to the fraction of coarse eutectic Al-Fe-Si-Mn precipitates. This constant level fraction 

may therefore be subtracted from the overall determined volume fractions in order to obtain the volume 

http://www.igs.uni-rostock.de/forschung/grenzflaechenanalytik/ausstattung/rem/#c324032
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fraction of Mg2Si. In line with this, the amounts of these coarse eutectic Al-Fe-Si-Mn phases are consistent 

with Scheil Model calculations of solidification. 

3 DSC cooling curves and microstructure of selected quench states 

3.1 DSC cooling curves 

Fig. 3 displays selected DSC cooling curves of A) AA6063, B) AA6005A, C) 6082 with low Mg and Si 

content (6082low) and D) and 6082 with high Mg and Si content (6082high). The slowest cooling rate is 

 

Fig. 3: Selected DSC curves during cooling after solution annealing for A) AA6063, B) AA6005A, C) AA6082low, AA6082high. 
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plotted on top. For each DSC curve the corresponding 

zero level is given by a dashed line. As expected, all 

these DSC cooling curves show only exothermic 

reactions which are all ascribed to precipitation 

reactions. In all alloys precipitation during cooling from 

solution annealing occurs in two main temperature 

ranges – a high temperature reaction (HTR, typically 

~500 down to 380 °C) and a lower temperature reaction 

(LTR, ~380 down to 250 °C). These two main reactions overlap to some degree, and these phases may 

also compete for the alloying element atoms in solution. From Fig. 3 and in particular from Fig. 4 one can 

follow the development of both main precipitation reactions areas which correspond to the specific 

precipitation enthalpy of the reactions. The evolution of the total enthalpy, of the HTR and the LTR is 

displayed in Fig. 5. The total reactions are increasingly suppressed with increasing cooling rate and at 

cooling rates above a certain critical rate no exothermic (precipitation) signal can be detected. Cooling 

then is fast enough to fully suppress all precipitation reactions. The slowest cooling rate at which 

precipitation is suppressed completely is alloy specific and named upper critical cooling rate (uCCR). This 

is the optimal cooling rate for the technological cooling process during the age hardening procedure: it 

ensures optimal mechanical properties whilst minimising quench-induced residual stresses. 

Fig. 4 shows that at cooling rates faster than 30 °K/min, the start of the LTR for AA6005 is about 

constant at 400±10 °C and this reaction peaks for all cooling rates faster than 10 °K/min at about 320-

340 °C. For this alloy, at these cooling rates, the composition of the Al-rich phase at the start of the LTR 

is Al-0.61at%Si-0.63at%Mg (see section 4 for the method of evaluation), and according to the solvi 

determined from first principle modelling in [22] this onset temperature is about 90°C below the solvus of 

the  phase. Hence this reaction cannot be due to  phase formation. Instead, the start temperature 

corresponds closely (within 10 °C) to the solvi of the hexagonal Al2MgSi2 phase, the hexagonal Al4Mg8Si7 

phase as well as the orthorhombic Al-Mg-Si phase [22]. It has been shown that the Mg:Si ratio in the 

 

Fig. 4: DSC cooling curves of AA6005A showing the peak 
developement. 
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hexagonal precipitate formed at these temperatures [27,28] is close to 1.15 [27], and hence the dominant 

reaction is thought to be the formation of this Al4Mg8Si7 phase which is termed B. (For further discussion 

see Section 6.) 

 

 

 

 

Fig. 5: Comparison of measurement and prediction for specific precipitation enthalpy and hardness after artificial ageing. The specific 
precipitation enthalpy values are plotted for total reactions (black squares), high-temperature reactions (red triangle tip up) and low-
temperature reactions (blue triangle tip down). (A) AA6063, (B) AA6005A, (C) AA6082low, (D) AA6082high. 

 

3.2 Microstructure of quenched samples 

The XRD analysis (samples cooled at 0.05 K/min) showed that the diffraction peaks were due to Mg2Si 

and the Al-rich phase (from [29]). (Spectra not presented.) This observation combined with the analysis 

in Section 3.1 shows that the precipitation during cooling of our Al-Mg-Si alloys is dominated by two 

different phases, Mg2Si at high temperatures and B’ at lower temperatures. The TEM and SEM studies 

provide further details; they reveal that Mg2Si precipitates are square monocrystalline plates inside 

aluminium grains, the thickness of the Mg2Si plates is about one third of their edge length (coarse dark 

precipitates in Fig. 6). The LTR are dominated by precipitation of the Mg2Si-precursor phase B’. For a 

detailed discussion of phase identification see Section 6.2. TEM confirms that B’ phase grows as 
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elongated rectanguloids, see Fig. 7-Fig. 9 (see also [28]). Both phases were found in every investigated 

sample in which the DSC cooling curves indicate the high- and also the lower temperature reaction 

occurred.  

Selected EM micrographs are displayed in Fig. 7. Fig. 7a) shows a TEM bright field micrograph of 

AA6005A after slow cooling with 0.1 K/min. In this cooling condition, the HTR clearly dominate the DSC 

curve (see Fig. 3 and Fig. 4). Coarse Mg2Si precipitates with dimensions of up to ~ 10 µm are observed 

(Fig. 6) and also some smaller Mg2Si plates can be observed by TEM, Fig. 7a). Besides the Mg2Si plates 

much finer B’ precipitates are present in this cooling condition. B’ precipitates formed during cooling are 

about 100 nm in thickness and up to several µm in length. A typical microstructure in a cooling condition, 

in which the LTR possess its highest intensity and dominate the DSC curve, is shown in Fig. 7d) (AA6005A 

after cooling with 8 K/min). In this sample, relatively small Mg2Si plates can be found in TEM, although 

they are hardly detectable in OM in this condition. Beside the Mg2Si plates, relatively large B’ precipitates 

with diameters of some 100 nm are detected, see also Fig. 8 a). The volume fraction of these B’ 

precipitates is higher after cooling at 8 K/min compared to 0.1 K/min. 

For the setup and selection / setting of some of the parameters in the model, nucleation of the two 

dominating quench-induced phases are very important issues. The microstructure investigation is 

 

Fig. 6: (a) OM, (b) SEM image of AA6082high after cooling with 0.5 K/min – dark Mg2Si particles on the grain boundaries possess 
similar size like grains – no obviously visible intragranular coarse Mg2Si precipitates. (c) OM image AA6082low (d) SEM image AA6063, 
both cooling 0.3 K/min – Mg2Si on grain boundaries and in particular inside the grains.  
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therefore particularly focussed on identifying nucleation sites. Fig. 6 displays OM and SEM images of 

AA6082high (A, B), AA6082low (C), and AA6063 after similar slow cooling conditions, with the grain 

structures being revealed due to the etching. The grain size of AA6063 and AA6082low is significantly 

larger than that of 6082high.  

In all micrographs in Fig. 6 coarse, quench-induced dark Mg2Si precipitates with dimensions of up to 

10 µm are visible. Besides the dark Mg2Si, the SEM images also show coarse eutectic Al-Fe-Si-Mn 

precipitates, which possess a bright contrast. Fig. 6 shows Mg2Si nucleation occurs in many cases on 

grain boundaries, and for the alloy with the smallest grain size, AA6082high, it occurs only on grain 

boundaries. In cases where the grain size is significantly larger than the dimensions of the Mg2Si particles, 

Mg2Si is located both inside the grains and on grain boundaries. The quench-induced precipitates in 

 
Fig. 7: (a) TEM bright-field micrograph of AA6005A after cooling with 0.1 K/min. Containing quench induced precipitates: Mg2Si 

plates, Si particle (polygonal shaped precipitate, upper edge), elongated rectanguloid B’ precipitates(length about 1 µm) and unidentified 
large rods (length several µm). (b) Magnification of Mg2Si particle in (a) with high brightness value, showing coarse Al-Fe-Si-Mn-Cr 
particle as nucleation site inside the Mg2Si plate. (c) SEM bright field image of same cooling condition like in (a, b) showing a Mg2Si 
particle located at a grain boundary. Grain boundaries are highlighted. Even at grain boundaries Mg2Si nucleation occurs on coarse Al-
Fe-Si-Mn particles. (d) TEM bright-field micrograph of AA6005A after cooling with 8 K/min. Also after cooling with 8 K/min the same two 
main types of quench induced exist. B’ in significantly coarser particles compared to slower cooling. 
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AA6005A are very similar to AA6063 and AA6082low, see OM and SEM in [25] and SEM and TEM in Fig. 

6. For these alloys, nucleation of Mg2Si starts primarily from coarse eutectic Al-Fe-Si-Mn phases. All Mg2Si 

particles we investigated by SEM / TEM have such coarse Al-Fe-Si-Mn particles inside. This is 

independent of the Mg2Si particle location and was found both for Mg2Si particles inside Al grains and on 

grain boundaries – see Fig. 7 b) and c). We therefore conclude such coarse eutectic Al-Fe-Si-Mn particles 

to be the dominating and driving nucleation sites for Mg2Si formation. Therefore, the amount of nucleation 

sites for Mg2Si is limited.  

 Fig. 8 and Fig. 9 show that the nucleation of B’ occurs on dispersoids. The amount of nucleation sites 

for B’ therefore also is limited. In aluminium technology terminology dispersoids are particles that form 

during (heating to) homogenisation treatment from the as cast microstructural state. They contain Mn, Si 

 

Fig. 8: TEM bright-field micrographs of (a) AA6005A after cooling with 8 K/min and (b) AA6063 after cooling with 50 K/min. In both 
cases quench induced B’ precipitates are visible, nucleated at dispersoids. 

 
Fig. 9: TEM micrographs of AA6082typ (Bright Field) of a room-temperature-water quenched (RTWQ) +T6 sample with hardness 

97 HV (a), an air cooled (AC) +T6 sample with hardness 88 HV (b) and a slowly air cooled (SAC) +T6 sample with hardness 69.2 HV. In 

the RTWQ+T6 sample dispersoids are visible as well as a fine dispersion of hardening '' precipitates, whilst the AC+T6 and SAC+T6 
samples in addition shows non-hardening precipitates that apparently nucleated on the dispersoids during the quench.  
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and Fe. Those particles formed in solid state are 

much finer compared to the Al-Fe-Si-Mn phases 

formed in eutectic reactions, which are effective 

as nucleation sites for Mg2Si. Similar to those 

eutectic Al-Fe-Si-Mn particles, the dispersoids 

are not dissolved during solution annealing and 

are therefore available as nucleation sites during 

quenching. 

Fig. 9 shows TEM bright field micrographs 

after three different cooling conditions and additional T6 ageing treatment. After water quenching and 

ageing (Fig. 9a) two types of particles are visible: globular dispersoids and fine needle-shaped hardening 

β'' precipitates, which formed during the ageing treatment. After air-cooling and slow air cooling and 

artificial ageing (Fig. 9 b and c), additionally B precipitates with length of several 100 nm are present. 

Clearly also in AA6082typ the quench-induced B precipitates nucleated on the dispersoids during cooling. 

Fig. 7-Fig. 9 suggest that in all samples in which B formation had occurred, all of the dispersoids have a 

B precipitate formed on them. Comparison of Fig. 9 a, b and c shows that as the cooling rate decreases, 

the density of the hardening β'' precipitates decreases, and there is evidence of a zone denuded of β'' 

precipitates around the B' precipitates. Heating DSC experiments showed that the heat content of the β'' 

formation effect decreased with decreasing cooling rate, confirming the reduced β'' formation. Fig. 10 

shows that in many cases a significant amount of dislocations are present around quench-induced 

precipitates. Therefore, in the strengthening model dislocation strengthening must be taken into account. 

The hardness values of the alloys in the aged condition are presented in Fig. 5. 

 

Fig. 10: TEM bright-field image of AA6005A slowly cooled with 
0.1 K/min showing presence of increased dislocation density around 
quenched induced B’ precipitates. 
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4 A model for precipitation during quenching and subsequent age hardening 

4.1 A model for quench induced precipitation 

In devising a model with general applicability we need to consider that during quenching several types 

of precipitates can form, including equilibrium phases at high temperatures and metastable phases at 

lower temperatures. Those reactions occur through a number of mechanisms, incl. precipitation on coarse 

intermetallics (phases that mostly are formed during solidification), precipitation on grain boundaries and 

precipitation in the grain, as well as, in particular for the lower temperature phases, precipitation on 

dispersoids (e. g. [7,8,25,30]). These reactions can occur consecutively or in overlapping time intervals. 

The mechanisms are potentially complicated and can lead to computationally expensive models. We will 

here derive a new model that is both effective as well as relatively simple, whilst it takes account of the 

main factors influencing kinetics. On several places in the model derivation we will use simplifications 

designed to provide a transparent model that can be applied in a computationally efficient manner.  

As a starting point of the model, first the atomic fraction of undissolved Mn and Fe containing phases 

are calculated using the procedure outlined in [24]. These phases contain Si which will thus be unavailable 

for further precipitation reactions. The concentrations of elements in the Al-rich phase after solution 

treatment (i.e. just prior to start of the quench) are denoted as xMg,st, xSi,st. 

We consider that multiple reactions occur during the quench producing groups of particles that are 

distinguished by their structure and/or locations of nucleation (e.g. on grain boundaries or in the grain or 

on the dispersoid particles). To keep the computational complexity limited and allow a transparent model 

formulation, we will take the reactions to be consecutive, e.g. the interaction between the reactions occurs 

through taking the final state achieved after preceding reaction(s) to be the starting state of the next 

reaction. In the model formulation below we will present the equations for 2 reactions, but in principle the 

scheme can be repeated to include more consecutive reactions. As shown in Section 3, precipitation in 

6xxx alloys is mainly dominated by two reactions –  (Mg2Si) phase, followed by the formation of B' 

(Mg5Si4Al2). Therefore these two reactions are incorporated in the model.  
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The total atomic fraction of quench induced precipitates, yQIP, that forms is taken using an expansion 

of the quench factor model [2] which incorporates the Starink-Zahra model [31]:  
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where Q is the quench factor [2], n is the reaction exponent, k is a rate constant, i is the impingement 

factor and yQIP (max) is the maximum amount that can form on very slow cooling rate, which is defined by 

the concentrations of dissolved Mg and Si in the Al-rich phase prior to cooling (/quenching). For multiple 

reactions there are multiple groups i.e. there is a yQIP,1, yQIP,2, etc, each with a distinct set of parameters 

k, n, i, etc. 

Following [2], Q is defined as:  
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For constant cooling rates Q is proportional to the time during the quench, which in turn is proportional 

to 1/. We can thus combine the latter two equations to: 
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(3) 

In the latter equation the rate constant k2 depends on a number of factors that drive the transformation 

rate, including density of nuclei, and diffusion rate.  

A key part of the model is a functional description of the amount of precipitate phases that form during 

the cooling as a function of the main parameters (composition and cooling rate). We will here not attempt 

to provide a full ternary solution but instead determine the main factors that cause variations in k2 and n 

in Eq. 3. To achieve this, we use the concept from the extended volume approach that for small 

yQIP/yQIP(max) the latter equation can be approximated as (see e.g. [32,23]):  

     ncQIP
n

QIPQIP tkykyy 22 max/max  
 

(4) 

where tc is the cooling time. This can be compared to the growth rate of spherical precipitates in a binary 

alloy, which is given by (see e.g. [33]): 
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where D is the diffusivity, Rp is the radius of the precipitate, cm is the concentration of the parent phase at 

the interphase of the nucleus, cp is the concentration of alloying elements in the particle, )(tc  is the 

average concentration of alloying elements in the parent phase. For the initial growth stage,  mctc )(  

can be considered to be constant, and the latter equation integrates to: 
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From the latter equation we can see that the volume of a precipitate is proportional to t3/2 and a number 

of factors as shown by: 
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As the temperature for the reactions will depend on composition (see e.g. Fig. 2), the magnitude of D 

during the reaction will be strongly alloy dependent. We can derive the composition dependency by using 

the following approach in which we combine the Arrhenius expression for the temperature dependency of 

diffusivity and the regular solution expression for the solvus to arrive at an equation providing the 

composition dependency of the reaction rate. Thus we firstly apply: 
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where ED is the activation energy for diffusion of the atomic species that is rate determining, Do is the 

diffusion preexponential factor. Secondly, we consider that formation of the quench-induced precipitates 

starts when the temperature reaches the solvus of the quench-induced precipitates. We apply a regular 

solution model expressions (see e.g, [34–37]), which provides: 
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where cMg and cSi are the solubilities of Mg and Si as given by the solvus, q is the Mg:Si ratio in the phase, 

i.e. the phase is MgqSiAlr, C is a constant and ΔHMgqSi is the enthalpy change due to the formation of the 
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MgqSiAlr phase. (The high temperature reaction is due to Mg2Si i.e. q=2 and r=0.) The latter two equations 

can be combined to provide a relation between D and the alloy composition: 

MgqSi
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(10) 

We can now combine Eqs 4, 7 and 10 to provide the functional relation between k2 and the composition 

for the case that the number of growing precipitates is independent of the Mg and Si content of the alloy 

(this is the case for a limited number of nuclei): 
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in which p equals 1/3. The latter equation is applied for the HTR. 

A further factor that influences k2 is the density of nuclei that grow. From the investigation performed 

(Section 3) it is clear that for the LTR the density of nuclei is determined by the density of dispersoids. As 

the composition of the dispersoids are -Al5FeSi and -Al15(FeMn)3Si [38–40], the Fe and Mn content of 

the alloys will influence the volume fraction of dispersoid phases. Formation of the various phases during 

solidification of 6xxx type alloys involves at least 5 phases including 3 Mn and/or Fe bearing ones; the 

solidification is complex and although many details are known [40,38] it is at present not fully understood. 

We propose to use the following simplified treatment for the k2 for the LTR: 
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A justification for the (xMn+xFe) term in the latter equation is as follows. We will consider that according 

to a Scheil type model of solidification in a binary eutectic system with hypoeutectic composition the 

amount of dispersoid-forming alloying elements dissolved in the Al-rich phase during solidification of a 

binary alloy increases approximately proportional to the gross alloying content of the alloy. Thus in such 

a simple system the volume fraction of dispersoids that form during homogenisation treatment is 

approximately proportional to the alloying content. We make the assumption that this proportionality holds 

in good approximation for the complex 6xxx alloys and that the sum of gross Fe and Mn determine the 
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relevant alloying content. Then, assuming that the alloying content does not influence the size of the 

dispersoids, the density of dispersoids is proportional to (xMn+xFe). 

Thus after determining 3 parameters (ko, yQIP (max) and i), the above treatment allows determination 

of yQIP,1 for a set of Al-Mg-Si based alloys. With yQIP,1 determined, the composition of the Al-rich phase 

can be determined from a mass balance and xMg,st, xSi,st. The composition of the matrix after reaction 1 

will be denoted as xMg,q1, xSi,q1. The amount of precipitates forming during reaction 2, yQIP,2 can be 

determined based on the state reached after the preceding reaction. The composition of the Al-rich phase 

after reaction 2 will be denoted as xMg,q2, xSi,q2. The final compositions achieved after completion of 

cooling/quenching will be denoted by xMg,q, xSi,q.  

4.2 A model for strength/hardness of alloys T6 aged after cooling 

We will use the general approximation of the superposition of strengthening mechanisms described in 

[41] 

 prcldsologby τττττM 
 

(13) 

where gb is the yield strength contribution due to grain boundaries, d is the critical resolved shear stress 

(CRSS) increment due to stored dislocations (introduced by plastic deformation), sol is the CRSS 

increment due to dissolved alloying atoms, pr is the CRSS increment due to precipitates, cl is the CRSS 

increment due to shearable clusters, o is the friction resolved shear stress and M is the Taylor factor.  

On artificial ageing β'' precipitates form [42], and we will consider that in the T6 condition the remaining 

Mg and Si in solution given by the metastable solvus of the precipitates. This metastable solvus is taken 

from first principles modelling of the monoclinic β'' (Mg5Si4Al2) in [43,22], which according to the first 

principle models is the most stable form of a range of potential closely related monoclinic β'' structures 

(which include the Mg5Si6) [43]. From [22] we take the solvus of the monoclinic β'' (Mg5Si4Al2) phase 

precipitate in the absence of interface energy effects, and from [43] we take the result that the interfacial 

energy terms reduce the enthalpy change by about 8 %. The latter result was obtained for precipitates 

with cross section of 6 x 5 nm2, which corresponds well with β'' precipitates seen in our TEM experiments 
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(Fig. 9). (The result is that the solubilities for a balanced Al-Mg-Si at ageing temperatures is about doubled 

due to the interfacial energy.)  

The concentration of the main alloying elements in the Al-rich phase after the artificial ageing treatment 

are denoted as xMg,T6 and xSi,T6 .The total amount of Si and Mg in the hardening precipitates, yhpr, is then 

given by:  

 

In the literature a number of strengthening models are available which provide the relation between 

pr and the volume fraction of precipitates, their sizes or average size and other parameters (see e.g. [42]. 

In the appendix, it is shown that the yield strength of Al-Mg-Si based alloys increases linearly with the 

amount of Mg and Si in the hardening precipitates and hence we take: 

hpragpr yK '',    (15) 

where K is a proportionality constant which is related to the energy required to move a dislocation 

through the coherent β'' (Mg5Si4Al2) phase precipitate. Hence, we are here applying a treatment for 

shearable precipitates. The linear relation between strength and amount of alloying atoms in the 

metastable precipitates is similar to strengthening due to co-clusters in which strengthening is dominated 

by the bonds between the two atoms in the cluster [24] (in this case Si and Mg). Consistent with the 

present treatment, Midling and Grong [44] also applied a linear relation between strengthening and 

volume fraction of precipitates. 

The B precipitate particles precipitated during the quench will also contribute some limited 

strengthening, and this is treated using classical Orowan strengthening [45]. This contribution is termed 

pr,qip. The superposition of the total strengthening due to these 2 types of obstacles will be taken 

according to a quadratic superposition [46–48]: 

2
,

2
,

2
qippragprpr    (16) 

Using the Hall-Petch relation with a Hall-Petch constant taken from [49], one can determine that for 

typical 6xxx alloys gb is only about 4 MPa. As the alloys contain up to about 3 vol% intermetallic particles, 

6,,6,, TSiqSigTMgqMghpr xxxxy 
 

(14) 
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some dislocations can be generated due to the misfit caused by differences in the thermal expansion 

coefficients (see e.g. Fig. 10). To address this, we add a prediction of dislocation density generated by 

this to the model, following the work by Chawla [50]. In applying this dislocation generation model, we 

take the typical temperature range over which dislocations are accumulated, ΔT, and the typical difference 

in coefficient of thermal expansion between matrix and precipitates, Δ, from an earlier analysis in [24]. 

The contribution to the strength is small, up to 6 MPa for 6xxx alloys with the higher Mn and Fe contents 

(high Mn and Fe 6xxx alloys typically contain over 0.1 at% of each element). In addition, we also add 

strengthening due to stress transfer to the intermetallic particles by applying the treatment in [51,52]. This 

contribution is also low, with typically about 1 % increase in yield strength for alloys with the higher Mn + 

Fe content. 

We will test the model to an extensive set of data comprising both proof strength and hardness data 

of a range of Al-Mg-Si alloys. We will provide predictions of Vickers hardness based on modelled yield 

strength through a conversion which is calibrated by pairs of proof strength – hardness data from 

databases on commercial alloys. The presence of substantial amounts of non-shearable dispersoid 

particles in the commercial alloys will affect the hardness through their influence on strain hardening 

[53,46,54], and hence we will adopt a two-term conversion, which is given by: 














  eff
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25.02.0  
(17) 

where fns is the volume fraction of non shearable particles, G is the shear modulus, rns is the average 

radius of non shearable particles, C-HV is the conversion parameter (see below) and eff is the effective 

strain reached in indentation hardness, here taken as 0.08. The second term is the strain hardening term 

as given in [53,46,54], which amounts to about 10 % of the hardness for our commercial 6xxx alloys. fns 

is taken from model predictions, rns is taken from TEM data, and Cs-HV is determined from pairs of proof 

strength – hardness data on commercial 6xxx alloys from databases [55,56]. 
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Table 2: Parameters in the model. 

Parameter Value Notes / Source 

   
General parameters 

b 2.84 × 10−10 m  

   

Reaction 1:  formation 

i 0.4 From fit to data 
ko 1.5 × 109 From fit to data 
n 1½ According to model for diffusion controlled reactions [23] 

ED 131 kJ/mol 
Activation energy for diffusion of Mg in Al, the main component of 
the phases; average of two works [57,58] 

ΔHMg2Si 140 kJ/mol From solvus data in [59] 

 1.99 g/cm3 [60] 

   

   
Parameter Value Notes / Source 

   
Reaction 2: B’ formation 

i 2 
From model for diffusion controlled formation of homogeneously 
distributed precipitates  

ko 1.4 × 1014 From fit to data 
n 1½ According to model for diffusion controlled reactions [23] 

ED 131 kJ/mol 
Activation energy for diffusion of Mg in Al, the main component of 
the phases; average of two works [57,58]  

   

Strength model 

o 6 MPa [24] 
M (for tensile tests 

in L direction) 2.73 For tensile tests in the longitudinal direction, see [24]  

M (all other tests) 2.6 
For all other tensile and hardness tests; obtained from self-
consistent models [61], see also [62] 

Khpr  15.5 GPa 
Determined from literature data on strength of 6xxx alloys – see 
appendix 

G 27 GPa  
kSi 800 MPa From [24] 
kMg 590 MPa From [47,63,64] 

Δ 1.7 10-5 Estimated from data in [65], see also [24] 

ΔT 400 K 
Typical temperature interval over which misfit dislocations are 
generated. 

5 Model parameters and predictions 

To apply the model, first all the model parameters need to be determined. There are 4 types of model 

parameters: i) parameters that are well known and well established (e.g. G, b), ii) parameters that are 

known to a good accuracy from a range of investigations (e.g. ED, kMg, kSi), or from models (e.g. i for the 

low temperature reaction), iii) parameters that can be determined from an analysis of literature and 
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handbook data (e.g. ΔHpr, o) and iv) parameters that are unknown and need to be determined through 

fitting. We have measured a total of over 1000 data points (hardness, enthalpy changes and  volume 

fractions for a wide range of cooling rates) and hence there are a multitude of ways in which we can 

attempt to determine the values of the fittable (type iv) parameters, of which there are 4 (i for the high 

temperature reaction, ko for both of the reactions, plus ΔHB). We will here use a set of fittable parameters 

that provide a good balance for the range over which the model is considered to be valid. All model 

parameters are presented in Table 2. 

A comparison of model predictions with measured hardness data is presented in comparisons with the 

ΔH values in Fig. 5. Generally an excellent correspondence is observed. 

The main area where deviations occur is for ΔH at slow cooling rates for the AA6082high alloy. It is 

thought that this is due to the higher density of nucleation sites for  precipitates due to the substantially 

reduced grain size and increased amount of eutectic phases for this alloy as compared to the other alloys. 

Nevertheless, the predictive capability of the model with regards to the quench sensitivity at the 

commercially important rates is not impaired, and the hardness is correctly predicted for all cooling rates 

down to about 1 K/min. 

 

 Fig. 11: Measured and predicted volume fractions. 
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It is worthwhile to briefly consider some of the main parameters and their values. For the LTR, the 

precipitates are homogeneously distributed and we can take i from the assessment in [23]. For the HTR 

the precipitates are distributed very inhomogeneously and no model assessment to determine i is 

available. The value of ΔHMg2Si is determined from solubility data in [59] whilst ΔHB, for which no data is 

available in the literature, is fitted. The magnitude of modelled ΔH in Fig. 5 depends strongly on these 2 

values, with ΔHB determining for a large extend the ΔH where an intermediate plateau is visible, such as 

in AA6005 between about 1 and 10 K/min. The general good model predictions for these plateau values 

of ΔH, as well as for the maximum values of ΔH for the alloys in which precipitation is fastest, provides 

good proof that both ΔHMg2Si and ΔHB used here are accurate. Accuracy of the values is estimated to be 

about ±10 %. 

Fig. 11 presents a comparison of measured and predicted volume fractions of β-Mg2Si for AA6063, 

AA6005A and AA6082low. The volume fraction is predicted for Mg2Si and a sum of Mg2Si and eutectic 

Al12(FeMn)3Si as it was measured by OM (see section 2.3 for details). The measured data is predicted 

well. 

6 Discussion 

6.1 Model efficiency and model accuracy 

The present model includes integrated predictions of volume fractions of quench-induced phases and 

strength, through a formulation which allows evaluation with minimal computation time: all equations are 

closed-form and no iterations or differential time evolution computations are required. The results are very 

good: enthalpy changes during cooling are generally predicted well, hardness is predicted to an accuracy 

of about 5 HV for cooling rates faster than 2 K/min and volume fractions of Mg2Si precipitates are also 

predicted well. The shape of the ΔH vs cooling rate curves are predicted very well, both for the LTR and 

the HTR as well as the sum of the two. Small shifts along the cooling rate axis are observed for some 

alloys, which are thought to be mainly due to small changes in the number of nucleation sites between 

the various alloys caused by factors beyond the capability of the present model. In particular, for the B 
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formation reaction, the density of dispersoids will determine the number of nuclei. To improve the model 

in this respect one would need to further refine prediction of the density of the dispersoids. 

The model is further consistent with all qualitative data obtained from the present microstructural 

investigation as well as investigations in other work (e.g. [7,2,66–68]). Whilst the success of the model is 

clear, it is valuable to discuss the consequences of the approximations that are introduced, and the 

limitations of the model. 

6.2 Phases formed during quenching/cooling 

The model contains 2 reactions which are taken as formation of -Mg2Si phase, followed by the 

formation of B (Mg5Si4Al2) phase. The experimental evidence in section 3 (XRD and SEM) supports the 

formation of -Mg2Si on cooling and also other investigations have revealed the formation of this phase 

at temperatures above 400 °C [7,25,66–68]. The lower temperature reaction is caused by the formation 

of semi-coherent precipitates on the dispersoids. Zajac et al. suggested that “Mg2Si precipitates as β'-

phase” [66]. During the TEM-SAED investigation in [7] we obtained SAED patterns showing a hexagonal, 

semi-coherent structure of these precipitates. In the literature a range of suggestions have been provided 

for similar SAED patterns and both β′ and B′ phases are consistent with the observed SAED patterns 

[7,27,69–72]. Compared to these previous studies we have in this work provided a new assessment that 

can distinguish between these 2 phases: we have compared the start temperatures measured by highly 

accurate fast cooling DSC with the very recently published solvi for the β′ and B′ phases obtained from 

thermodynamic modelling incorporating first-principles calculations [22]. This comparison indicates that 

start of the reaction for heating rates >30 K/min is inconsistent with the solvus of β′ and instead is 

consistent with B′ phase formation. This finding is incorporated in the model.  

The Si phase is thermodynamically stable in the present alloys (see [39]), and might be considered as 

a possible 3rd phase forming during cooling. It seems possible that a minor amount of Si phase can form 

in alloys with excess Si under certain conditions that have little commercial relevance such as very slow 

cooling (typically < 1 K/min). In such a case the excess Si in solution would be expected to precipitate as 

a Si rich phase. Indeed the TEM work (Fig. 7) has shown that at extremely low cooling rates (0.1 K/min) 
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a small fraction (less than ~5 %) of the precipitate phase is Si phase. (The XRD does not detect these 

small amounts of Si phase, and only the  and Al-rich phase are detected.) In line with this assessment, 

we can see that for selected cooling rates there is evidence in the DSC curves that more than two 

reactions are involved. This is seen in Fig. 3C) 6082low during cooling with the extremely slow rate of 0.2 

K/min. Such minor deviations from model predictions for small sections of the alloy-heat treatment space 

are inherent to the complexity of the multi-component, multiphase alloys treated at cooling rates over 

about 6 decades; and the present model is thought to provide an excellent balance of high accuracy and 

low computational costs, achieved through a judicious choice of modelling approaches. 

6.3 Model parameters: nucleation, impingement, enthalpies of formation 

The model parameters used in the model can be compared with a range of data to further elucidate 

the reactions and the thermodynamics. We will here consider the most relevant parameters. 

An analysis of diffusion-controlled precipitation reactions in conjunction with a new model for diffusion 

controlled reactions [23,73] has shown that the reaction parameter n is generally 1½, and only in cases 

where nucleation is continuous during the entire reaction the higher value of 2½ is possible. In the present 

system it is clear from the microstructure data that nucleation is heterogeneous, occurring on defects and 

particles. Thus the reaction parameter n was taken as 1½, and the excellent correspondence of the shape 

of the ∆H vs heating rate data to model predictions provides further proof that this part of the model and 

the theory on which it is based are sound.  

We consider the state of the art of modelling of heterogeneous nucleation to be too limited to be able 

to include it in the model, and as a result we have to fit the ko parameter for each reaction. The results 

show that with just one ko for each reaction, we can fit the hardness, calorimetry and volume fraction data 

for all alloys very well. This provides confidence that the treatment is sound. 

Appendix: CRSS due to age hardening precipitates 

In the present model (Section 4.2) the strengthening due to age hardening is considered to be 

proportional to the volume fraction of precipitates formed according to Eq. 15. To determine the 

proportionality constant we collated yield strength data from the literature for a range of Al-Mg-Si based 
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alloys heat treated to T6 condition using fast quenching (i.e. with all reaction during the quench being 

suppressed). The data is mainly from industry handbooks [55,56,37] (the composition is taken as the 

median composition of the composition range), supplemented by data for very low Si Al-Mg-Si-Mn-Fe 

alloys from [24]. It was confirmed that with optimised proportionality constant literature data on strength 

has an excellent linear correlation (correlation coefficient 0.99) with predictions from the model in Section 

4.2. For further confirmation we have plotted the predicted yhpr vs the measured strength of the same 

alloys in Fig. 12, which also contains data on T4 strength (i.e. with co-cluster strengthening). The good 

linear correlation confirms the present treatment. (The correlation coefficient is 0.98. It is somewhat lower 

than that for the full model, which is primarily due to some slight variations in the minor strengthening 

mechanisms between the alloys.) 

 

Fig. 12: Yield strength for range of Al-Mg-Si based alloys in T6 and T4 condition, as a function of the total amount of Mg plus Si in either 

the  phase (for the T6 condition) or the co-clusters (for the T4 condition, data from [24]). The alloys include AA6061, AA6063, AA6463, 
AA6009, AA6010, AA6066, AA6101, and Al-1Mg-0.2Si and Al-1Mg-0.2Si-0.2Cu. Also included are O temper data for AA6061 and AA6063. 

 

7 Summary 

In this work, we introduce a new physically-based model that allows to predict the quench sensitivity 

for the technologically important step of cooling from solution annealing during the age hardening 
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procedure of Al-Mg-Si alloys. The model predicts the volume fraction of precipitates formed with the 

corresponding enthalpy changes, and both yield strength and hardness in the quenched and in the 

quenched + aged condition are predicted. For its setup, the model combines the latest findings in 

modelling of diffusion controlled phase transformations and in modelling of the thermodynamics of 

technically important complex alloy systems, including first principles modelling. For the set-up and testing 

of the model, we considered an extensive set of experimental results from Differential Scanning 

Calorimetry, optical and electron microscopy as well as X-ray diffraction. All together more than 1000 data 

points are taken into account. The model considers two consecutive precipitation reactions during cooling: 

β-Mg2Si and B’. Comparing the experimental results in a very wide dynamic range of about 0.05 to 

2∙104 K/min for enthalpy change, Mg2Si volume fractions and T6 hardness the model delivers generally 

excellent fits. Application of the model will help to optimise the exploitation of the age hardening potential 

of the widely used Al-Mg-Si alloys. For instance the model allows to predict the critical cooling rate of a 

certain alloy composition – this helps to design an appropriate cooling process for the heat treatment 

shop. Or, being fixed to a certain cooling method in industrial plants, one could choose the optimal alloy 

composition. Implementing the model in FEM tools and simulating the cooling process moreover will allow 

to predict the mechanical properties of complex components at every location. 
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Abstract 

In this work the quench sensitivity of Al-Zn-Mg-Cu alloys is studied through continuous cooling at 

constant rates of a range of alloys using differential scanning calorimetry (DSC), transmission electron 

microscopy (TEM), scanning electron microscopy (SEM) and hardness testing. The DSC, TEM and SEM 

data show that the cooling reactions are dominated by a high temperature reaction (typically ~450 °C 

down to ~350 °C) due mostly to S-Al2CuMg phase formation, a medium temperature reaction (~350 °C 

down to ~250 °C) due predominantly to -Mg(Al,Cu,Zn)2 phase formation and a lower temperature 

reaction (~250 °C down to ~150 °C) due to a Zn-Cu rich thin plate phase. A new, physically-based model 

is constructed to predict rates of all reactions, enthalpy changes and resulting yield strength in the 

artificially aged condition. The model incorporates a recently derived model for diffusion-controlled 

reactions based on the extended volume fraction concept as well as recent findings from first principles 

modelling of enthalpies of the relevant phases. The model shows a near perfect correspondence with 

data on all 6 alloys studied extensively by cooling DSC and hardness testing, and allows prediction of the 

influence of the 3 major elements and 3 dispersoid forming elements on quench sensitivity. 
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Graphical abstract 

 

Highlights 

 New accurate model for continuous cooling quench sensitivity of Al-Zn-Mg-Cu alloys 

 Model considers four phases: S-Al2CuMg, β-Mg2Si, η-Mg(Al,Cu,Zn)2 & Zn-Cu plate phase 

 Successfully tested on enthalpy changes and hardness of six alloys 

 Model is verified on an extensive set of DSC, SEM, TEM and hardness experiments 

 Model predicts influence of 3 major & 3 dispersoid forming elements 

Keywords 

Al-Zn-Mg-Cu alloys, quench sensitivity, Differential Scanning Calorimetry (DSC), precipitation kinetics, 

modelling 

1 Introduction 

In processing of high strength aluminium alloys, such as the Al-Zn-Mg and Al-Li-Cu based alloys, the 

quenching is a crucial stage. This is due to the formation of precipitates during (relatively) slow quenching 

which are generally detrimental to properties such as toughness, stress corrosion cracking resistance and 

yield strength (e.g. [1]). Slow quenching decreases the amount of solute that is available in the matrix for 
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subsequent age-hardening due to the formation of coarse, non-hardening quench-induced precipitates. 

This results in a reduction of the final mechanical properties, which is crucial to the application and can 

be the main limiting factor in application of the high strength alloy. Precipitation on defects such as grain 

boundaries during quenching is in practice nearly unavoidable for all high strength aluminium alloys, and 

the quench sensitivity generally increases with increasing content of main alloying elements. Also the 

minor alloying elements Zr, Mn and Cr, which form intermetallic particles of sizes typically in the range of 

10-100 nm (generally termed ‘dispersoids’), strongly influence the quench sensitivity as those dispersoids 

may act as nucleation sites for the quench-induced phase. The latter particularly holds for incoherent 

dispersoids, whereby the dispersoids typically lose their coherence by recrystallization (e.g. [2,3]). Hence, 

also the degree of recrystallisation affects the quench sensitivity. Although there are some models 

available, which allow fitting of multi parameter approximations to fit quenching rate data of single alloys, 

no model is available in the literature that predicts composition dependency.  

The aim of this work is to derive and validate a model for quench induced precipitation and the resulting 

yield strength in age hardened condition for Al-Zn-Mg (7xxx) alloys. These 7xxx series alloys are used 

widely in the aerospace industry (e.g. [4]), which is still heavily reliant on these alloys due to their desirable 

strength-to-weight-to-cost ratios. The addition of Cu to the ternary Al-Zn-Mg system, together with small 

amounts of Cr, Mn and/or Zr, has resulted in the highest strength aluminium alloys available, with the 

yield strengths of some 7xxx alloys reaching more than 600 MPa [1]. 

In the new model we want to particularly include recent improved models for diffusion-controlled 

reactions [5,6], the advances in modelling of the thermodynamics of complex alloy systems, including first 

principles modelling of phases in the present alloys [7] and the computationally efficient schemes for 

integrating these components as recently introduced by the present authors [8]. For the validation of the 

model, we will use a range of experimental techniques covering the microstructure on a range of length 

scales, the thermodynamics of the reactions and the resulting mechanical properties. This includes 

transmission electron microscopy (TEM), high resolution TEM (HRTEM), scanning electron microscopy 
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(SEM), and high resolution fast and slow differential scanning calorimetry (DSC) covering cooling rates 

from 0.005 K/s to 5 K/s. 

 

2 Experimental 

2.1 Investigated alloys and their thermomechanical treatments 

In total 12 Al-Zn-Mg(-Cu-Si) alloys covering a wide range of compositions were investigated from which 

6 alloys were selected for extensive continuous cooling experiments. The chemical compositions of these 

alloys as well as an overview of the performed experiments are given in Table 1. (All compositions in this 

work are in at% and composition ratios are based on at%.) 

Table 1: Chemical compositions of investigated alloys (in atomic %), with experiments performed. The alloys are 
termed according to the nominal or nearest AA standard of common 7xxx alloys, C refers to a commercially produced 
alloy, m stands for composition close to medium of alloy standard.  cDSC = cooling DSC, hDSC = heating DSC 

Alloys Si Fe Zn Mg Cu Cr Mn Zr Experiments 

AA7150Cm 0.02 0.03 2.74 2.51 0.91 - 0.02 0.04 TEM, cDSC, SEM, HV, OM, EBSD 

AA7055m 0.03 0.02 3.56 2.36 0.90 - - 0.04 cDSC, OM, SEM, HV 

AA7085C 0.07 0.02 3.58 1.72 0.93 - - 0.04 cDSC, OM, SEM, HV 

AA7085lowCu 0.12 0.01 3.40 1.60 0.41 - - 0.04 cDSC, OM, SEM, HV 

AA7020 0.11 0.08 1.85 1.36 0.02 0.06 0.06 0.04 TEM, cDSC, SEM, OM, HV 

AA7049Ac 0.26 0.18 3.60 3.43 0.86 0.12 0.10 - cDSC, OM, SEM, HV 

AA7449C 0.03 0.02 3.4 2.3 0.74 - - 0.05 hDSC, TS, SEM, TEM, OM 

AA7150m 0.03 0.02 2.61 2.65 0.84 - - 0.04 hDSC, OM 

AA7150hiZn 0.03 0.02 2.87 2.19 0.84 - - 0.04 hDSC 

AA7150loCu 0.03 0.02 2.61 2.65 0.53 - - 0.04 hDSC 

AA7150hiCu 0.03 0.02 2.61 2.65 1.1 - - 0.04 hDSC, SEM, OM 

AA7150hiZnCu 0.03 0.02 2.91 2.2 1.1 - - 0.04 hDSC 

 

The AA7020 alloy is a laboratory extruded 30 mm diameter rod, whilst the AA7049Ac is a commercially 

extruded 50 mm diameter rod. The AA7150c and AA7449c alloys are commercially processed hot-rolled 

plates of 80 and 30 mm thickness, respectively. (The code c for commercial is added to distinguish them 

from laboratory-produced materials.) The other alloys are hot rolled plates produced in labs. The AA7020 
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and AA7049A extrusions have a uniform grain structure, with a grain size of ~ 10 µm; the centre of the 

commercially processed AA7150 plate is about 5 % recrystallized, the AA7449 alloy is about 20 % 

recrystallised and the lab produced plates are typically 50 % recrystallized. These differences in 

recrystallization are primarily due to subtly different homogenisation and thermomechanical processing 

[9,10]. The AA7020, AA7150C, AA7055, AA7085C, AA7085lowCu and AA7049A alloys were selected for 

detailed quenching studies using cooling DSC (cDSC) to record the enthalpy changes in situ during 

cooling at a wide range of cooling rates. The remaining 6 alloys were used for a range of additional 

experiments to verify the model parameters and the strengthening model in water-quenched and 

subsequently aged conditions. Compositions and an overview of the experiments conducted are 

presented in Table 1. The alloys were cooled using a range of cooling rates/procedures and subsequently 

aged at 120 °C for 24 h. 

2.2 Calorimetry 

In all DSC work a pure aluminium sample of mass and size comparable to the 7xxx sample is used as 

a reference material. A baseline using pure Al samples in both microfurnaces was determined immediately 

prior to or after each sample measurement. Cooling differential scanning calorimetry (cDSC), covering 

cooling rates from 0.005 K/s to 5 K/s, were performed employing three different devices: a Setaram 121 

DSC 0.005-0.1 K/s; a Mettler-Toledo 823 DSC 0.1-0.5 K/s; a PerkinElmer Pyris 1 DSC 0.5-5 K/s. The 

specific precipitation enthalpy was evaluated by integrating the excess specific heat capacity curves and 

the relative contributions due to partially overlapping precipitation peaks were estimated using the 

minimum heat flow. (For further details on cDSC procedures and samples see [11,12]). Heating DSC 

(hDSC) experiments on solution treated and water-quenched samples of the laboratory produced AA7150 

variant alloys were performed in a Shimadzu DSC-50 (cylindrical disc sample ≈ 5x1 mm; ≈ 60 mg) 

using a scanning rate of 10 K/min (≈0.17 K/s). 
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2.3 Mechanical testing 

Vickers hardness testing was performed on both as-quenched/cooled and artificially aged samples 

using a 5 kg load. Each hardness value reported is an average based on 6 indentations made on each 

sample. To achieve controlled cooling rates faster than 3 K/s a quenching dilatometer Baehr 805 was 

used. Tensile tests on the AA7449C alloy were carried out according to the ASTM standard E-8 with 

specimens tested in the L (longitudinal) direction.  

2.4 SEM and EBSD 

For SEM, samples were ground and polished with SiC paper, diamond paste and colloidal silica for 

examination in either a JEOL JSM-6400 or a JEOL JSM-7001F field emission gun scanning electron 

microscope (FEG-SEM), both equipped with an energy dispersive X-ray spectrometry (EDS) system. 

Unless otherwise noted, imaging was conducted in the backscattered electron imaging (BEI) mode. 

Electron backscatter diffraction (EBSD) was performed on selected alloys using a JEOL JSM-7001F 

or a JSM 6500F SEM each equipped with an HKL-Channel 5 EBSD detector and software package 

(Oxford, Instruments, UK). The EBSD specimens were ground and polished and subsequently electro-

polished using a solution of 33% HNO3 and 67% methanol at a temperature of –30ºC. The step size was 

1 or 2 μm. The success rate of identification of Kikuchi patterns was 80-90%. 

2.5 TEM and STEM 

TEM foils were prepared by electro-polishing with a solution of 33% nitric acid and 67% methanol, at 

a temperature of -30ºC. Conventional bright field (BF) TEM was carried out on a Tecnai T20, operating at 

200 kV. Elemental mapping was carried out by scanning transmission electron microscopy (STEM) based 

EDS imaging on a JEOL 2100F operated at 200kV.  

Atomic resolution HAADF-STEM was performed on a dual aberration corrected (STEM & TEM) FEI 

Titan3 microscope operated at 300 kV. A convergence angle of 15 mrad was employed, leading to a 

diffraction limited (Gaussian) probe diameter of ~0.12 nm. Images were collected on a Fischione HAADF 

detector.  
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3 DSC cooling curves and microstructure of selected quench states 

In this section we will present new detailed cooling DSC studies and will give an overview about the 

main quench-induced precipitation reactions. To complement the microstructure data on a range of alloys 

available in the literature [2,9,13–17], therefore also results of microstructural studies on selected samples 

in different cooling conditions are presented.  

  

Fig. 1: Selected DSC cooling curves of A) AA7055, B) 

AA7085 and C) AA7085lowCu showing cooling after solution 

annealing with different rates. 
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Fig. 1 displays selected cDSC curves of AA7085, AA7085lowCu and AA7055; cDSC for AA7020C, 

AA7150C and AA7049A are presented elsewhere [11,18]. Depending on cooling rate these cDSC curves 

show up to 3 main reactions: a high temperature reaction (HTR, typically 450 °C down to ~350 °C), a 

medium temperature reaction (MTR, ~350 °C down to 250 °C) and a lower temperature reaction (LTR, 

~250 °C down to ~150 °C). These reactions partially overlap, with the degree of overlap depending on  

alloy composition and cooling rate. 

To supplement microstructure data available in the literature we performed TEM and SEM on alloy / 

cooling rate combinations that have hitherto not been reported on, in combination with interrupted quench 

experiments. The latter experiments, illustrated in Fig. 2, allowed us to identify the phases formed in the 

reactions seen in the cDSC curves. To determine which phase precipitates in each reaction, we cooled 

samples at rates for which the reaction of interest is dominating and clearly detectable (Fig. 2A) down to a 

temperature just below the temperature corresponding to the maximum heat flow with overcritical fast 

quenching rate (Fig. 2B). The cooling rate and 

temperature were chosen individually for each 

alloy. For cooling rates in which one reaction 

clearly dominates additional samples were 

investigated after cooling with a constant rate to 

room temperature.  

To identify the reaction(s) involved in the HTR 

we performed TEM and SEM work. Fig. 3 shows 

the SEM images of an AA7150 sample cooled at 

0.03 K/s to RT. TEM-SAED and EDS revealed 

that the large particles with irregular shapes and 

dimensions up to several tens of micrometres are 

S-Al2CuMg precipitates. Step quench 

experiments confirmed that S-

 

Fig. 2: Scheme of step-quench experiments. A) Selected DSC 

curves of relevant cooling rates of AA7150c. Exemplary cooling rates 

and temperatures at which the precipitation state was frozen (by 

overcritical quenching) are highlighted. B) Schematic temperature-

time profile of the step quench experiments. 
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Al2CuMgprecipitates form during the HTR. In SEM studies, the S-Al2CuMg phase is also seen to have 

nucleated on Al7Cu2Fe intermetallic phases (see Fig. 3). Thus the present TEM and SEM work shows the 

formation of S-Al2CuMg phase is responsible for the HTR in the Cu containing alloy AA7150C and 

previous work has shown that S-Al2CuMgphase formation also occurs in this high temperature range for 

a range of other Cu containing 7xxx alloys [19,20]. 

 

 

Fig. 3: SEM BEI image of an AA7150 sample cooled with 0.03 K/s to RT. Very coarse S-Al2CuMg particles are visible (undefined shapes, 

dimensions up to some tens of µm). The S-Al2CuMg precipitates appear to have nucleated at Al7Cu2Fe particles. Besides these two 

precipitation species, additional much finer η-Mg(Zn,Al,Cu)2 precipitates are visible. 

 

AA7020 contains no Cu and hence no S-Al2CuMg phase forms in these samples. In this alloy, which 

contains about 0.1 at% Si, some limited formation of Mg2Si is detected at very slow cooling rates – see 

Fig. 4. At 0.005 K/s about 0.3 vol% β-Mg2Si is observed, which corresponds well with expected amounts 

at the completion of the reaction [8]. The temperature range and cooling rate range of the HTR in the 

AA7020 alloy correspond well with the model for Al-Mg-Si alloys developed recently [8]. Thus in alloys 

which contain Cu, Mg and Si two phases may contribute to the HTR: S-Al2CuMgand β-Mg2Si 
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Fig. 5 shows two images from step-quench experiments on AA7150. The image in Fig. 5A) was recorded 

on a sample cooled at 3 K/s to 320 °C. According to the cDSC results (Fig. 2) in this state only precipitates 

of the MTR should be present as the HTR is suppressed at this high cooling rate. TEM SAED and EDS 

analysis revealed Mg(Zn,Al,Cu)2 precipitates nucleated on Al3Zr dispersoids and this finding is in line 

with published TEM and SEM work on several Al-Zn-Mg-Cu alloys [2,11,16,21–23].  

The sample of Fig. 5B) was cooled at 3 K/s to 200 °C. cDSC data (Fig. 2A) shows that in this state also 

precipitates belonging to the LTR should be present, and Fig. 5B) reveals that besides dot-like Al3Zr 

dispersoids another phase in the form of thin plates is present. 

 

Fig. 4: Backscattered SEM image of alloy AA7020 sample cooled at 0.005 K/s and corresponding EDS analysis results for large particles 

with different image contrast showing that they correspond to -phase (Mg(Zn,Al)2) and β-phase (Mg2Si). 
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 Fig. 5: TEM images (bright field) of AA7150 step quenched at a cooling rate of 3 K/s in A) to 320 °C and in B) to 200 °C. In A) two types 

of precipitates can be seen in a recrystallized grain. The irregular shaped precipitates with dimensions of typically 50-500 nm are 

Mg(Zn,Al,Cu)2 and appear to have all nucleated on a spherical Al3Zr particle (typical diameter 20-50 nm). In B) which was cooled further 

down to 200 °C, additionally thin plate like precipitates corresponding to the LTR can be found. Al3Zr dispersoids are also present appearing 

as small dots. 

 

Fig. 6: TEM image of an air-cooled AA7150 sample (average cooling rate 1 K/s) showing a recrystallized grain on the left side and some 

subgrains on the right. It can be seen, that the quenched-induced η-Mg(Zn,Al,Cu)2 precipitates preferentially nucleate at grain/subgrain 

boundaries and also appear inside the recystallised grain nucleating at Al3Zr dispersoids. 
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At a medium cooling rate (air cool, average cooling rate 1 K/s) the MTR dominates and the quench-

induced phases in the AA7150 alloy precipitate preferentially within the recrystallised grains (as illustrated 

in Fig. 6). During cooling/quenching the Mg(Zn,Al,Cu)2 precipitates nucleate preferentially on defects 

such as dislocations, grain boundaries and free surfaces that can reduce the activation energy barrier 

including dispersoids-matrix interfaces that are incoherent [3,23]. Fig. 6 shows the microstructure of an air-

cooled sample (average cooling rate 1 K/s). DSC (Fig. 2A) reveals that during this type of cooling the vast 

majority of the precipitates will form by the MTR and Fig. 6 reveals a large number of quench-induced 

Mg(Zn,Al,Cu)2 precipitates nucleated on Al3Zr dispersoids in a recrystallised grain and on grain 

boundaries. In unrecrystallised subgrains like on the right part of Fig. 6 no quench induced 

Mg(Zn,Al,Cu)2 precipitates can be found, as the dispersoids here are coherent with the matrix. In line 

with TEM analysis of a AA7055 alloy [24], no or very few Mg(Zn,Al,Cu)2 precipitates are seen to 

nucleate on the coarser intermetallics in our alloys at cooling rates faster than 1 K/s. This is due to the 

fact that most of the surface area available for nucleation is provided by the dispersoids and grain and 

sub-grain boundaries (see Section 5). These Mg(Zn,Al,Cu)2 precipitates on grain boundaries are 

ubiquitous in 7xxx alloys and are present even in samples cooled at relatively high rates (about 100 K/s, 

[2]) in Al-Zn-Mg alloys with Zn contents lower than the present alloys [2].  

Fig. 7 shows an overview of precipitates nucleated in the grain and on the grain boundary for the alloys 

AA7085, AA7085lowCu, AA7055, AA7150c and AA7020 using SEM in BEI mode. For these samples, the 

cooling rates employed are such that ~50 % of the maximum H of the MTR has been achieved. The left 

part of the figure shows a lower magnification, whilst the right part shows more details in a higher 

magnification. S-Al2CuMg phase formation is suppressed (nearly) completely at the cooling rates 

employed for the samples in Fig. 7 and the bright precipitates visible in Fig. 7 are η-Mg(Zn,Al,Cu)2 

precipitates. The images show that in the MTR for AA7020 nearly all of the -Mg(Zn,Al,Cu)2  form on 

grain boundaries, whilst for the MTR in the other alloys the precipitation in the grains is dominant, with 

precipitation on grain boundaries occurring as well. 
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The platelet phase formed in the LTR has been studied in detail using HRTEM. Fig. 8A) shows a TEM 

bright field image of platelet phase precipitates in AA7150 after cooling at 10 K/s to room temperature. Fig. 

8B) shows an HAADF-STEM image of one of such plates and it appears that the phase is attached to a 

nanometer sized void. This is suggesting it either nucleated on a void or that the solute atoms forming the 

precipitate were linked to vacancies which condensed to a nanovoid. Next to the platelet phase some few 

dispersoids free of any other precipitates can be seen, showing that the platelet phase does not form on 

Al3Zr dispersoids. Fig. 8C) shows an EDS mapping of a single platelet phase revealing the segregation of 

predominantly Zn and Cu. The EDS results indicate a Zn/Cu ratio of about 3/2.  

A range of further TEM, SEM and EDS experiments were reported elsewhere [25] and all data is 

consistent with the above interpretations of HTR and MTR reactions. Thus, in summary, the present 

results in combination with literature data show that during the quench 4 main reactions occur: formation 

of S-Al2CuMg phase (HTR1), formation of Mg2Si (HTR2), formation of -Mg(Zn,Cu,Al)2 phase (MTR) and 

formation of Zn-Cu plates (LTR). The S-Al2CuMg phase forms predominantly on Cu containing coarse 

particles (S-Al2CuMg and Al7Cu2Fe) and on grain boundaries. The formation of -Mg(Zn,Cu,Al)2 occurs 

in two distinct types of location: on dispersoids and on grain/subgrain boundaries, and the platelet LTR 

particles form in the grains apparently associated with vacancy clusters. 

Our DSC experiments further show a further minor reaction in the temperature range below the LTR 

down to about 50 °C, which we will term very low temperature reaction (vLTR). However, due to cooling 

control and signal to noise limitations of the DSC devices this small reaction in this temperature range can 

not be consistently assessed by cDSC. Nevertheless, for AA7085 and AA7085lowCu the vLTR reaction is 

clearly detected at rates of 0.3 and 1 K/s in Fig. 1, which are about optimal cooling rates for the DSC used 

for this rates and cooling was in control (at constant rate) down to about 30 °C. 
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Fig. 7: SEM backscattered mode images for samples of AA7085, AA7085lowCu, AA7055, AA7150 and AA7020 cooled at the respective 

rates at which ~50% of the maximum H of the MTR has been achieved. Left part low magnification, right part higher magnification. For all 

alloys nearly all quenched in precipitates visible here are Mg(Zn,Al,Cu)2 precipitates. 
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Fig. 8: HAADF-STEM figures of AA7150C A) showing several platelet structures (~200-400 nm length) together with several Al3Zr 

dispersoids after cooling at 10 K/s to room temperature. B) showing the platelet structure after cooling at 3 K/s to 200 °C. The thin plate 

precipitate is attached to a void. C) EDS mapping (together with an ADF image left) of a single platelet phase, showing the platelet phase 

consists predominantly of Zn and some Cu.  

We conclude that according to our HRTEM results the LTR in the temperature range of about 250-

150 °C is dominated by the precipitation of a Zn-Cu rich thin plate phase. At even lower temperatures of 

about 150 to 50 °C additionally co-clusters may precipitate. This explains the detection of a Guinier radius 

decrease in SAXS experiments on continuous cooling of AA7449 below 100 °C in [26,27]. The Zn-Cu rich 

thin plate phase as well as clusters contribute to strength and during artificial ageing the clusters are 

thought to further evolve into fine hardening precipitates.  
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4 A model for precipitation during quenching and subsequent age hardening 

4.1 A model for quench induced precipitation 

At the start of the quench 

As a starting point of the model, first the amounts of undissolved phases (coarse intermetallics and 

dispersoids) present at the start of the quench are predicted. The main undissolved phases present in 

Cu-containing 7xxx alloys are Al6(Mn,Fe) and Al7Cu2Fe [28,29], and if the Cu and Mg content is high, 

some undissolved S-Al2CuMg phase particles will be present [30,31]. If Cr is present a Cr containing 

phase will form which in many alloys will be Al18Mg3Cr2 [32,33]. Details of the predictions for the amounts 

of these phases are provided in the Appendix. This part of the model provides the concentrations of 

elements in the Al-rich matrix phase after solution treatment (i.e. just prior to start of the quench), which 

are denoted as xMg,st, xZn,st, etc. 

General structure of the model for quench induced precipitation: extended volume and reaction rates 

in the extended volume  

The present model expands the modelling strategy outlined in [8]. One simplification adopted in that 

model, again adopted here to drastically improve the model efficiency through reducing computational 

complexity, is the use of consecutive reactions, e.g. the interaction between the reactions occurs through 

taking the Al-rich phase composition achieved after one reaction to be the starting state of the next 

reaction. Following the findings in Section 3 we consider 4 consecutive reactions in the model: formation 

of S-Al2CuMg phase (HTR1), formation of Mg2Si (HTR2), formation of -Mg(Zn,Cu,Al)2 phase (MTR) and 

formation of Zn-Cu-rich thin plates (LTR). 

A key element in the model is the use of the extended volume concept [6,34–38], the conceptual 

volume in which particles grow without being limited by the interaction with diffusion fields from other 

particles. This approach has been shown to be computationally very efficient and provide predictions for 

diffusion field impingement that outperform other models [5,6]. Hence we formulate the formation of 

precipitates in terms of the extended fraction transformed, ext, i.e. the fraction transformed that would 
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form in the extended volume. As provided before [39], the extended volume fraction, ext, can be 

represented as  

 n
ext kQ  

(1) 

where Q is the quench factor [39], k is a rate constant and n is the reaction exponent [5,38]. Following 

[39], Q is defined as:  






t

t tC
dtQ

0  

(2) 

For constant cooling rates, Q is proportional to the time during the quench, which in turn is proportional to 

the inverse of the cooling rate. Thus we find the basic expression for the extended volume fraction during 

cooling at constant rate: 

 n
ext k    

(3) 

where is the cooling rate. The temperature at which the reaction occurs depends on alloy composition 

and the solvus of the precipitating phase. In [8] we derived that the ratio of diffusion rate, D(T), where T 

is the temperature, and diffusion pre-exponential constant, Do, is given by [8]: 
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where ci is the concentration of alloying element i in solution, C is a constant, H is the enthalpy of 

formation of the phase and ED is the activation energy for the rate-determining process of the reaction 

(typically the diffusion of the slowest diffusing element). The latter equation was verified through 

comparison of extensive cDSC data on a range of alloys with model predictions [8]. The functional relation 

between the formation rate of the phase, k2, and the composition for the case that the number of growing 

precipitates is independent of the solute content of the alloy (this is the case for a limited number of nuclei), 

is given by: 

  pQIP
o

o y
D
Dkk max2   (5) 

 



BM7-p.18 
 

where  maxQIPy is the maximum amount of precipitates that can form, and p equals 1/3 [8]. The 

constant ko needs to be fitted for each reaction, whilst all the other constants in the model can, in principle, 

be obtained from investigation of mechanisms and thermodynamics involved. These basic elements of 

the model will be further expanded below, but first we will define the reactions that are to be considered 

in the model. 

The reactions during the quench 

The S-Al2CuMg and  (Mg2Si) phases formed in the HTR reactions are treated as stoichiometric 

compounds, the fixed compositions are taken as Al2CuMg and Mg2Si. The solvus and enthalpy of 

formation of Al2CuMg is based on Refs. [30,40]. The solvus, enthalpy, activation energy and all other 

kinetic parameters of formation of  (Mg2Si) are taken as described in [8].  

The MTR is due to -Mg(Zn,Cu,Al)2 phase forming on grain and subgrain boundaries [19] and 

dispersoids (e.g. [3,23,41–45]); and this reaction to a large extent determines the resulting mechanical 

properties of the material in quench conditions that are of industrial relevance. Hence we will pay special 

attention to this reaction. The -Mg(Zn,Cu,Al)2 phase is based on the MgZn2 topologically close-packed 

Laves phase and the Cu and Al contents have been discussed in several studies [7,46]. The enthalpy 

(and hence the stability) of topologically close-packed Laves phases such as MgZn2 is highly dependent 

on the atomic size [47,48] and the electronic structure [49,50]. Cu has a valence electronic configuration 

that is identical to that of Zn (3d10) whilst it has a much smaller atomic radius than Mg, and thus Cu is 

likely to replace Zn in the  structure. First principles modelling indicates that the enthalpy of formation of 

the  phase increases substantially when Al and Cu replace Zn atoms in a 12 atom unit cell, and 

particularly the composition change from MgZn2 to Al1Zn5Cu2Mg4 provides a much more stable 

composition with an enthalpy that is increased by 35% [7]. However, as the diffusion rate of Cu is an order 

of magnitude lower than that of Mg and Zn this composition will not be achieved when the  phase forms 

during the cooling. To address this, the present model considers that during nucleation and growth of the 

-Mg(Zn,Cu,Al)2 phase the Cu atoms are effectively stationary in the Al-rich phase and hence the average 
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Cu content of the -Mg(Zn,Cu,Al)2 phase particles will equal the Cu content of the alloy. Thus in the model 

the -Mg(Zn,Cu,Al)2 phase precipitates nucleated during the cooling are effectively made up of units of 

Mg4Zn8 and Al1Zn5Cu2Mg4.  

The incorporation of Cu and Al in  will enhance its rate of formation through several factors:  

i. the increase in enthalpy change H increases the solvus temperature of the phase and hence the 

precipitation rate is higher (due to the increased diffusivity); 

ii. the entropy S is increased which increases the solvus temperature of the phase; 

iii. the maximum amount of phase that can form is increased;   

iv. an enhanced number of growing nuclei;  

v. less Zn needs to diffuse to form the phase. 

Factors i and iii are incorporated in the model through changing the enthalpy change H, entropy S 

and y, which become dependent on the Cu content, using the theory in [8]. The entropy S is incorporated 

by replacing the simplified expression of free energy G as H by its full form (G = H -TS), i.e.: 

TSG
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(6) 

 Homogeneous and heterogeneous nucleation depends on a range of factors, including interfacial 

energy, the diffusion rate and the critical particle size. Of these factors, the Cu and Al content have a 

strong influence on nucleation particularly through their indirect influence on the diffusion rate (via the 

increased solvus).  

There is no data available on the interfacial energies between the  phase and matrix, or on the 

influence of Cu (and Al) incorporation on these interfacial energies. As there is no indication that the latter 

is a particularly strong effect, we will not consider this in the model. The mass density of MgZn2 is 5.09 

g/cm3 [51], which is equivalent to an atomic density that is virtually identical to that of the matrix, and thus 

volume misfit strains on precipitation will be minimal. (For the metastable  phase the incorporation of 

Cu atoms is also considered to enhance phase stability [43,52,53].)  
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The initial rate of formation of  phase nuclei will be proportional to the amount of sites available, 

which is determined by the grain/subgrain boundary area and the particle-matrix interface area for the 

undissolved particles present at the start of the quench. Both are incorporated in the model. The amount 

of grain boundaries available is calculated on the basis on the grain and subgrain sizes reported in the 

literature and Section 3, and the recrystallized fractions of the alloys. The number density and total 

particle-matrix interface area of particles present at the start of the quench is obtained as outlined in the 

Appendix. We take rAl18Mg3Cr2=30 nm [23,54], , rAl7Cu2Fe =2000 nm [55], rS=1000 nm [55]). Recent work on 

Mn containing alloys shows Al6(Mn,Fe) particles in an alloy with relatively low Mn content (0.1 at%) are 

thin plates (average thickness about 40 nm in an alloy heat treated at 520 °C) [56]. These particles form 

thin plates due to very good coincidence site matching between lattice points in (0 0 1)p and (3 −1 5)m 

planes in selected orientation relations [56]. The average thickness of the Al6(Mn,Fe) for the present alloys 

is obtained using the latter data by Li et al. [56] and coarsening data in Kong et al. [57] (showing the 

activation energy for coarsening to be 200 kJ/mol) as 20 nm. Al3Zr particles in unrecrystallised grains are 

coherent with the matrix and precipitates generally do not nucleate on them (e. g. [3,23]). In the 

recrystallized grains, which are substantially larger than subgrains, the Al3Zr particles are incoherent and 

 phase does nucleate on those particles [3,23,58]. The radius of the Al3Zr particles is typically 20-50 nm 

[43]. It is known that the presence of Al18Mg3Cr2 causes enhanced formation of -Mg(Zn,Cu,Al)2 during 

the quench, and many works have suggested that this is related to the interfacial energy, even though no 

data on interfacial energy is known. However, it should be noted that the Al18Mg3Cr2 phase has a range 

of stability with variable Mg content from about Al17Cr2Mg4 to Al19Cr2Mg2 at 400 °C [59], whilst it can also 

dissolve some Zn [60,61]. Hence both Mg and Zn are available at the interface to form -Mg(Zn,Cu,Al)2, 

and we can expect that its nucleation and growth rate is substantially higher as compared to formation on 

the dispersoids that are free of Mg and Zn. To take account of this we propose the following approach. 

We assume that during nucleation -Mg(Zn,Cu,Al)2 forms through consuming Mg from the surface of the 

Al18Mg3Cr2 involving diffusion of Mg along the interface. As diffusion along the interface is faster than bulk 
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diffusion and diffusion distances for Mg are small, it is likely that rather than diffusion of Mg through the 

Al rich matrix phase, diffusion of Zn becomes the rate limiting diffusional process in the nucleation. 

S-Al2CuMg phase nucleates on the surface of Al7Cu2Fe and on pre-existing/undissolved S phase 

particles, and hence the formation rate is taken as proportional to the surface area of these particles at 

the start of the quench. As growth starts from these relatively large particles, the reaction will effectively 

start as 1 dimensional growth and n will be ½ for the start of the reaction [5,62]. We will adopt this value 

of n (and not seek to capture the later stages of the reaction, which occurs at extremely slow cooling 

rates). 

Our HRTEM evidenced that during the heat effect associated with the LTR the formation of Zn,Cu-rich 

thin plate precipitates on {111} planes starting at only one atom layer thick for samples is the dominant 

reaction. Thin plates on {111} planes have also been identified in Al-6.0Zn-2.0 Mg-1.0Cu (wt%) (AA7012) 

samples aged for short times using HRTEM [63] and in an Al–11.8Zn–1.5 Mg–1.7Cu–0.16Zr–0.12Fe–

0.08Si alloys aged for 2 h at RT using HRTEM [64]. Plates on {111} planes are also confirmed by first 

principle calculations to be energetically favourable [65,66]. In the present model we will consider these 

precipitates formed during quenching to contain Zn and Cu, with Zn:Cu ratio as obtained by our EDS 

work. The very small enthalpy changes caused by the vLTR can not be reliably measured and, therefore, 

we will not attempt to include them in the enthalpy predictions. 

In addition to the 4 phases considered in the model, it is known [19,20] that on very slow cooling 

(<0.01 K/s) also T (Al2Mg3Zn3) phase can form. As these very slow cooling rates have no relevance to the 

quench sensitivity of these alloys, we will not seek to incorporate this phase in the predictions. We will not 

make predictions of strength for reactions/microstructures obtained for cases where the Zn:Mg ratio in the 

Al rich matrix phase at any stage during the quench exceeds 8 in the model. Such conditions are thought 

to result from limitations introduced by approximations made in the model and occur generally for alloys 

with high gross Zn:Mg ratio (>1.8) at relatively low cooling rates (<0.1 K/s). These cooling rates are far 

removed from relevance to commercial application. 

Growth and impingement of diffusion fields in the model 
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The diffusion-controlled growth and impingement of diffusion fields is treated with reference to the 

recently derived [5] model employing the extended volume concept, which was verified through 

comparison with a wide range of reactions in which the product phases are randomly and homogeneously 

distributed [5,6]. The model gives the fraction transformed, , as [5]: 

1
2

1)2exp(





ext

ext




  (7) 

The values for the reaction exponent n relate to the mechanisms and or diffusion-controlled reactions 

[6,38,67,68]. We define n based on the general equation for n [6,38,67,68]: 

BgNn  dim  (8) 

where g is ½ for diffusion-controlled (parabolic) growth, B is 0 in the case where nucleation ceases very 

early in the reaction, or 1 for continuous nucleation (at constant nucleation rate in the extended volume), 

Ndim is the dimensionality of the growth. Thus n is ½ for growth for which the rate is determined by one-

dimensional diffusion (e.g. growth of grain boundary precipitates for which the rate determining process 

is diffusion to the grain boundary) and for growth where the new product formed is a layer on an existing 

particle, with the layer being thin relative to that existing particle. In the extended volume concept the 

superposition of the two types of growing nuclei of the same phase (e.g. growing on grain/subgrain 

boundaries and on particles) is readily incorporated by taking [62]: 


l

lextext ,  (9) 

where ext is the extended volume achieved by formation of precipitates on sites of type l. In our case l 

can be dispersoids and grain/subgrain boundaries, and hence ext=  (k2,1/)n1+(k2,2t)n2, where k2,1 and k2,2 

are the rate factors for the 2 formation processes, and n1 and n2 are their reaction exponents. Rather than 

using Eq. (7) it is more convenient to use the more flexible approximation [38,69]  

i

i

ext























 11  

(10) 

 

where i is the impingement factor [38,62]. The latter equation has been verified to be applicable to 

diffusion controlled reactions in a wide range of works, incl. [70–73]. If i is taken as 2 then the resulting 
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equation closely approximates Eq (7) which is valid for randomly and homogeneously distributed nuclei, 

for which growth is not limited by blocking [38,74]. If nuclei are not randomly distributed, or if blocking of 

growth (for elongated particles) becomes involved, then I will decrease [38]. (See Section 6 for further 

discussion.)  

 

 

 

Illustration of model output 

To illustrate the model we will at this stage provide some of the predictions using the parameters 

provided in Table 2. Fig 9 shows the predicted Zn and Mg contents of the Al-rich matrix phase at the start 

of the quench, after the MTR and after the LTR for the AA7055 alloy. The reductions in alloy content are 

due to the formation of the S (Al2CuMg),  (Mg(Zn,Cu,Al)2) and Zn,Cu rich thin plate phases/structures. 

At the high cooling rates (>10 K/s) the precipitates are predominantly Zn,Cu rich thin plate precipitates 

and  (Mg(Zn,Cu,Al)2) on grain boundaries. (To aid transparency in Fig. 9, composition data after the HTR 

is not shown.) 

 

Fig. 9: Predicted Zn and Mg contents of the Al rich matrix phase at the start of the quench, after the MTR and after the LTR for the AA7055 

alloy.  
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Thermal activation of the reactions and their activation energies 

The activation energy for S-Al2CuMg formation, which occurs at high temperature where the vacancy 

concentration should be close to equilibrium, is taken as the activation energy for diffusion of the slowest 

diffusion element, which is Cu. The activation energy is 140 kJ/mol (see eg [75]). In a first attempt the 

activation energy for formation of the  phase (MTR) was taken as the activation energy for Mg or Si 

diffusion in Al (both ~120 kJ/mol), but this produces results that are clearly inconsistent with the present 

data and this activation energy is also inconsistent with kinetic data on this reaction from TTT diagrams 

in [19] and transformation data in [76], which both indicate activation energies that are at least a factor 2 

lower. It appears that the diffusion is either determined by excess vacancies which possess an activation 

energy for migration of 59 kJ/mol [77] or is due to diffusion occurring on subgrain boundaries and 

dislocations generated around misfitting particles. These defects substantially enhance diffusion [78]. We 

decided to obtain the activation energy for the diffusion process that governs formation of the  phase 

(i.e. the MTR) in a AA7150 alloy from the DSC data for the exothermic reaction in the corresponding 

temperature range in [79]. To this end the Type B-1.92 method for activation energy analysis [80] was 

applied on peak temperatures reported in [79], which produced ED(MTR) = 60 kJ/mol (using only heating 

rates at which the reaction is clearly visible).  

It is well known that at the low temperatures at which the LTR occurs, diffusion rates of alloying 

elements such as Zn in the presence of an equilibrium concentration of vacancies are much too low to 

allow any significant diffusion. TEM analysis of Zn,Cu-rich thin plate precipitates (LTR) shows that 

formation is associated with vacancy aggregates (nanovoids), suggesting the precipitation reaction occurs 

in the presence of a large supersaturation of vacancies. Thus the activation energy for this reaction should 

be dominated by vacancy diffusion, and it is thus taken as the activation energy for vacancy diffusion in 

Al: ED(LTR) = 60 kJ/mol. This activation energy is comparable to the activation energy of 57kJ/mol for GP 

zone formation in a fast quenched Al-10Zn-0.1Mg alloy as determined in [81] from experiments performed 

at 0 to 40 °C.  
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4.2 A model for strength/hardness of alloys artificially aged after cooling 

Generally a good correlation exists between yield strength and hardness for 7xxx alloys [82], but the 

presence of a substantial density of non-shearable dispersoid particles and grain and subgrain boundaries 

in commercial 7xxx alloys will cause a deviation from linearity through their influence on strain hardening 

[28,83,84]. Hence we will adopt a two-term strength to hardness conversion, which is given by [28,85] : 

 effHV KCHV    2.0  (11) 
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where fr is the fraction of the material that is recrystallised, drg is the grain size in the recrystallised zones, 

dsg is the subgrain size (in the unrecrystallised zones), fns,i is the volume fraction of non-shearable particles 

of type i, rns,i is the average radius of non shearable particles, G is the shear modulus, Cs-HV is the 

conversion parameter (see below) and eff is the effective strain during hardness testing, taken as 0.08. 

Cs-HV is fitted using HV and 0.2 data pairs for AA7xxx alloys from the literature. 

To predict the yield strength based on the microstructure, the model by Starink and Wang [86] is 

adopted. As that model did not incorporate the strengthening due to dislocations generated due to 

misfitting particles, we will add that here to the model. For strength predictions in the artificially aged state 

we will take the maximum yield strength predicted by the model, with the exception of the AA7020 and 

AA7085 alloy where the 24h/120C treatment applied will lead to a slightly underaged condition [87]. We 

take this into account in the predictions. 

The model is designed for alloys with significant Zn and Mg content. Hence we will not produce 

strength predictions for cases where the ratio xMg:xZn is larger than 5 or below 0.2. This is the case for 

alloys with excess Zn, i.e. alloys with xg,Zn:xg,Mg ratio so high that the formation of the 4 phases considered 

can not remove all Zn from solid solution even at extremely low quench rates. Such issues can be resolved 
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by considering a fifth phase which would be a Zn-rich phase, possibly Zn11Mg2, but this is out of the scope 

of the present work. 

5 Model parameters and predictions 

5.1 Model parameters 

The model parameters used are presented in Table 2, and they include the values identified in Section 

4. Some model parameters require further discussion.  

There is no prior data available on the enthalpy of formation of the Zn,Cu-rich thin plate precipitates 

formed in the LTR. We can estimate it from the DSC data by considering that for phases for which any 

differences in entropy between the phases are much smaller than the enthalpy, the ratio of solvus 

temperature to enthalpy of formation is approximately constant. (For instance, this holds well for the ,  

and Guinier-Preston structures in Al-Cu alloys [88].) We obtained the solvus temperatures for the phases 

involved in the LTR and the MTR, Ts,LTR and Ts,MTR, from hDSC thermograms for 5 alloys aged at a 

temperature that is above the solvus for GPI zones (~150°C, see [89]). For this treatment we selected an 

ageing temperature of 172 °C; and we took Ts,LTR as the maximum temperature of the first endothermic 

effect for alloys aged up to 16h. (Choosing the maximum for a range of treatments is appropriate because 

the transformation to  and/or  during the DSC heating or during ageing will influence this measurement 

of Ts,LTR and we need to have the value most representative of Zn,Mg-rich precipitates in a fully formed 

state.) (Selected hDSC thermograms of these alloys were present in [31]). The data presented in Table 3 

confirms the present analysis through showing a consistent Ts,LTR / Ts,MTR for all 5 alloys, providingHLTR 

= H Ts,LTR / Ts,MTR 12.8 kJ/mol. This value is adopted in the model and is seen (see below) to provide 

a good correspondence with measured enthalpies from cDSC.  

The grain size, sub grain size and recrystallized fractions were taken from EBSD and optical 

microstructure investigations of the alloys. 
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Table 2: Parameters in the model. 

Parameter Value Notes / Source 

General parameters 

b 2.84 × 10−10 m  

HTR 1: S formation, fixed composition Al2CuMg 

i 2 
From model for diffusion controlled formation of homogeneously distributed 
precipitates [5] 

ko 51020 From fit to data 
n ½ According to model for diffusion controlled reactions [5] 

ED 140 kJ/mol Activation energy for diffusion of Cu in Al, the slowest diffusion element [75] 
ΔHAl2CuMg 19.8 kJ/mol From solvus data in [90] 

HTR 2:  Mg2Si formation, fixed composition Mg2Si 
  All parameters adopted from [8] 

MTR: η-Mg(Zn,Cu,Al)2 phase, of units of Mg4Zn8 and Al1Zn5Cu2Mg4 

i 1.2-1.7 
From model for diffusion controlled formation of inhomogeneously distributed 
precipitates [38] 

ko 31010 From fit to data 

n1 ½ 
For formation on grain boundaries, following the model for diffusion controlled 
reactions [5] 

n2 1½ 
For formation on dispersoids, following the model for diffusion controlled 
reactions [5] 

ED 60 kJ/mol 
Activation energy for diffusion of Mg in Al in the presence of excess vacancies 
[91,92]  

ΔHMgZn2 12.4 kJ/mol 
Average of COST 507 database has (11.8 kJ/mol [93]) and value obtained by 
1st principles modelling (12.9 kJ/mol [7]). 

ΔHAl1Zn5Cu2Mg4 1.35x ΔHMgZn2 From 1st principles modelling [7]  

LTR: Zn-Cu rich platelet phase 

i 2 According to model for diffusion controlled reactions [5] 

ko 7105 From fit to data 
n 1½ Following the model for diffusion controlled reactions [5]  

ED 60 kJ/mol 
Activation energy for diffusion of Mg in Al in the presence of excess vacancies 
[91,92]  

ΔHLTR 12.8 kJ/mol See text 

Strength model 

M (for tensile tests 

in L direction) 2.73 For tensile tests in the longitudinal direction, see [94]  

M (all other tests) 2.6 
For all other tensile and hardness tests; obtained from self-consistent models 
[95], see also [96] 

G 27 GPa  
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Table 3: Analysis of hDSC curves of 5 alloys. 

Alloy Ts,MTR 
(°C) 

Ts,LTR 

(°C) 
Ts,MTR / Ts,LTR HLTR 

(J/mol) 

AA7150m 425 240 1.42 12,725 

AA7150hiZn 430 231 1.44 12,583 

AA7150loCu 404 230 1.42 12,719 

AA7150hiCu 400 239 1.38 13,144 

AA7150hiZnCu 405 232 1.40 12,914 

 

The impingement parameter i for the HTR and LTR is taken as 2 (i.e. such that impingement closely 

approximates the model in [5]); for the MTR i is predicted considering the dispersoid density using the 

approach in [10] and calculated using the procedure in [38]. The density of the phases was obtained from 

data in [51,97–99]. 

We also wish to consider the effect of interface energy of the dispersoid particles on the nucleation 

rate, however to the best of our knowledge there is no data available on the interfacial energies of the 

various dispersoids and the matrix. It is known however that the interfaces of Al3Zr and Al6(Mn,Fe) are 

semi-coherent with the matrix, whilst the Cr containing dispersoids are generally considered to be 

incoherent. Typically the difference in interfacial energy between a semi coherent precipitate (misfit ~1%) 

and an incoherent interface is about a factor 3 to 8 [100]. In line with this we take the efficiency of Cr 

containing dispersoids in nucleating the η-Mg(Zn,Al,Cu)2 precipitates to be a factor 5 larger than that of 

the semi coherent precipitates. This assumption has no effect on the accuracy of the model for the present 

alloys for which nucleation of quenched-in precipitates is dominated by Al3Zr dispersoids, grain/subgrain 

boundaries, and, to a lesser extent, Mn containing dispersoids. It does influence the accuracy of predicting 

data on Cr containing alloys. 

5.2 Model predictions 

We first provide additional verification that the model for alloys age hardened after a fast water 

quench is accurate. For this we considered yield strength data on 20 alloys; including yield strength data 
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on peak aged and overaged conditions of our AA7449 alloy, data on our AA7150 reported previously 

[101] and on 18 alloys reported before in [86]. Taken together these 20 alloys cover the range 2.2-

3.7 at%Zn, 2.0-3.1 at%Mg, 0.5-1.3 at%Cu, with data generated both before and after the model [86] was 

published. As seen in Fig. 10, the model predicts the measured yield strengths very well. 

 

Fig. 10: Measured and predicted yield strength of 20 water quenched and subsequently artificially aged Al-Zn-Mg-Cu based alloys.  

 

In Fig 11 the model predictions for H and hardness are compared with measured data. The error 

bars of the measured enthalpy changes show estimated uncertainties of ±10 % for the total enthalpy 

change and ±30 % for the enthalpy change of the LTR. The uncertainty mainly is caused by the evaluation 

procedure and the larger value for the LTR results from an increased influence of the zero level correction 

at the low temperatures (compare [12]). The error bars on the hardness show the standard deviation out 

of six indentations. For AA7049A besides conventional cDSC also differential fast scanning chip 

calorimetry results are provided (see [18]). For this alloy only cooling rates larger than 3 K/s are 

considered, because at slower cooling rates strong overlapping of the HTR and MTR occurs [18], which 

cannot be captured by our model which assumes consecutive reactions. The figures show an excellent 
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correspondence with the data, encompassing a total of ~200 measured yield strength and H values for 

a wide range of cooling rates and compositions. This is achieved by fitting 4 parameters, with all the other 

parameters determined from theory and assessment above. The 4 parameters are the initial rates of 

formation of the 4 types of precipitates: S-Al2CuMg phase, -Mg(Al,Cu,Zn)2 formation on grain 

boundaries, -Mg(Al,Cu,Zn)2 formation on dispersoids and the Zn-Cu-rich platelets.  

 

 

Fig. 11: H and hardness as a function of the cooling rate for 6 alloys. Both, measured values (from cDSC and Vickers hardness tests) as 

well as model predictions (from the model in section 4) are provided.  
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6 Discussion 

6.1 Model efficiency and model limitations 

TEM data obtained in a range of works indicate that -Mg(Zn,Al,Cu)2 phase forms before 

T-Al2Mg3Zn3 phase formation. This is notwithstanding the fact that various assessments of the Al-Mg-Zn 

phase diagram indicate that for alloys with Zn and Mg contents similar to these alloys, only T-Al2Mg3Zn3 

is a stable phase [46,102]. It is thought that the reason for this is that -Mg(Zn,Al,Cu)2 has a higher Zn:Mg 

ratio than T-Al2Mg3Zn3 phase with Zn diffusing faster than Mg. Thus -Mg(Zn,Al,Cu)2 should form faster, 

and as the 2 reactions compete for the same alloying elements, the faster reaction suppresses the other 

reaction. Hence, the model includes formation of the -Mg(Zn,Al,Cu)2 phase, and to keep the model 

transparent and avoid including reactions that have no direct industrial relevance T-Al2Mg3Zn3 phase is 

not included. The model nevertheless achieves good accuracies in predicting enthalpy changes and 

artificially aged hardness at medium to high cooling rates and therefore particularly in the industrially 

relevant cooling/quenching treatments. Apparently any limited T phase formation that might occur does 

generally not significantly influence the precipitation in terms of enthalpy and resulting artificially aged 

strength.  

It was found that for the Mn containing AA7150 commercial alloy a near perfect fit to cDSC enthalpy 

data could be obtained by applying Eq. (7), which is valid for a random and homogeneous distribution of 

nuclei, whilst the overall fit of the model to all alloys including the Mn free alloys was slightly better when 

variation of nuclei density due to dendritic segregation of dispersoid forming elements was considered 

and Eq. (10) with i =1.3±0.2 was used. This finding is consistent with the known inverse segregation 

behaviour of Mn and Zr: a combination of Zr and Mn will produce a more homogeneous distribution of 

dispersoids, which is beneficial for the mechanical properties by virtue of reducing recrystallization [103–

105]. (Provided optimised Zr and Mn contents are used.) This suggest that a further improvement over 

the already very accurate model can be obtained by including the inhomogeneous distribution of 
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dispersoids in the model. To maintain the model efficiency and avoid full 3D modelling of Mg(Al,Zn,Cu)2 

precipitation, Eq. (10) with i determined from the assessment in [38] would then be needed.  

The present model formulation is highly efficient and very successful in predicting quench sensitivity 

and strength of a wide range of alloys, but there is a limitation to its range of validity. The model particularly 

becomes invalid at the very slow cooling rates in the stage where Zn:Mg ratios in the matrix change to 

the extent that the reactions considered here (S, Mg2Si,  and the Zn,Cu rich thin plate precipitates) are 

no longer the main precipitates that form. Thermodynamic models (Thermocalc TCAL2) in [25] show that 

this is particularly the case for conditions where the Zn:Mg ratio reduces to below ~0.95 at which the 

T-Al2Mg3Zn3 phase becomes a stable phase, progressively replacing the  phase as the Zn:Mg ratio 

drops further. Under those conditions the model can not accurately predict the amount of Mg and Zn in 

the Al-rich matrix phase after cooling and we thus will not apply the strength model in those situations. 

It is noted that duplex ageing or slow heating to the ageing temperature can recover some of the 

hardness/strength losses of Al-Zn-Mg based alloys that are quenched at rates that reduce the aged yield 

strength by about 20 to 60 % when a single stage artificial ageing treatment is used [22,106,107]. We 

hope to implement this effect in a future version of the model. 

6.2 Further model predictions 

With the model established we can now make predictions on quench sensitivity as a function of alloy 

composition. In Fig 12 predictions for the peak aged proof strength and amount of -Mg(Zn,Al,Cu)2 

formation for 3 alloys which have an increasing Zn and Mg content and constant Zn:Mg ratio are provided. 

The figure shows the expected increase of strength with increasing alloying content and also shows that 

quench sensitivity with respect to the proof strength increases with increasing alloying content. Alloys with 

higher Zn and Mg content have more -Mg(Zn,Al,Cu)2 formed, which at the higher cooling rates will be 

predominantly on grain boundaries. This will also cause a lower toughness. 
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Fig. 12: Influence of quench rate on yield strength and amount of η-Mg(Zn,Al,Cu)2 for 3 alloys with varying increasing Zn and Mg content 

and constant Zn:Mg ratio. (xg,Cu=0.6 at%, xg,Zr=0.04 at%). The proof strength throughout is predicted for the artificially aged condition, i.e. no 

stretching prior to ageing for 24 h at 120 °C.  

 

 

Fig. 13: Influence of quench rate on proof strength and amount of η-Mg(Zn,Al,Cu)2 for 3 alloys with xg,Cu=0.8 at%, xg,Zr=0.04 at% and varying 

Mg and Zn contents that produce identical strength in water quenched conditions. (frec is taken as 0.1). 

 

Fig 13 shows predictions for the peak aged proof strength and amount of -Mg(Zn,Al,Cu)2 formation 

for 3 alloys with Mg and Zn chosen such that they have a near identical strength when quenched at a 

cooling rate of ~40 K/s followed by artificial ageing. (A cooling rate of ~40 K/s, is typically achieved for a 
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25 mm plate, quenched in cold water [108]). The data indicates that the alloy with the high Zn:Mg ratio 

has the higher quench sensitivity due to the higher amounts of -Mg(Zn,Al,Cu)2 formed, although for 

Zn:Mg ratio > 1.2 further degradation of quench sensitivity is limited. For this cooling rate (typical of a 25 

mm plate), the plate with the higher Zn:Mg ratio has more -Mg(Zn,Al,Cu)2 formed on grain boundaries 

and is thus expected to have a lower toughness. 

7 Conclusions 

A model for precipitation reactions during cooling of Al-Zn-Mg-Cu-Mn-Zr based alloys and their strength 

after an artificial ageing treatment is derived and verified through an extensive set of cooling experiments 

on 6 alloys (plus additional experiments on six further alloys). The DSC, TEM and SEM data shows that 

the reactions during quenching are dominated by four different reactions: a high temperature reaction 

(typically ~450 °C down to ~350 °C) due mostly to S-Al2CuMg phase formation (alternatively Mg2Si in the 

absence of Cu / presence of Si), a medium temperature reaction (~350 °C down to ~250 °C) due 

predominantly to -Mg(Zn,Al,Cu)2 phase formation and a lower temperature reaction (~250 °C down to 

~150 °C) due to a Zn-Cu rich thin plate phase. The model provides accurate predictions of enthalpy 

changes and hardness / strength of the alloys for a wide range of cooling rates and compositions 

incorporating the range of commercially important alloys and cooling rates. The quench sensitivity is 

predicted to increase with increasing content of main alloying elements (Zn, Mg, Cu), increasing fraction 

recrystallised, increasing number of dispersoid particles, increasing surface: volume ratio of dispersoid 

particles and increasing dispersoid/matrix incoherency. The present work makes a significant contribution 

towards understanding the mechanisms driving quench sensitivity of Al-Zn-Mg-Cu alloys and the derived 

model can be used for alloy design. 
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Appendix 

In the model the volume fractions of undissolved phases is calculated based on literature data and 

thermodynamic model predictions (e.g. in [30,97]), and as part of the aim of providing a computationally 

efficient model, some solubilities in the Al-rich phase are taken as zero and the number of phases 

considered is limited to the main ones observed in these alloys: Al6(Mn,Fe), Al3Zr, Al7Cu2Fe, Al18Mg3Cr2 

and Al2CuMg. The Mn and Fe solubility at the solution treatment temperature are effectively zero [97] , 

and we consider that for the present compositions all Mn is present in the Al6(Mn,Fe) phase. The 

composition of the Al6(Mn,Fe) is assessed using thermodynamic modelling software. The S-Al2CuMg 

phase amount is calculated on the basis of the solubility product in [30], and the Cr solubility at the solution 

treatment temperature is taken as 0.04 at% [30,109]).  

In the model the total particle-matrix interface area of dispersoid particles present at the start of the 

quench influences the nucleation of particles during the quench. For each dispersoid phase the total 

particle-matrix interface area is obtained by considering all particles of each phase have one typical 

shape, e.g. spherical for Al3Zr, thin plate for Al6Mn and cube for Al18Mg3Cr2, and the average size is 

obtained from data (primarily TEM) in the literature for alloys with dispersoid forming element contents 

and solution heat treatments that are similar to the present alloys [25,55,56,110]. At the present stage of 

model development, no attempt is made to predict any potential variations of size of dispersoid particles 

between alloys.  
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Precipitation of a new platelet 
phase during the quenching of an 
Al-Zn-Mg-Cu alloy
Yong Zhang1, Matthew Weyland1,2, Benjamin Milkereit3,4, Michael Reich3 & Paul A. Rometsch1

A previously undescribed high aspect ratio strengthening platelet phase, herein named the Y-phase, 
has been identified in a commercial Al-Zn-Mg-Cu alloy. Differential scanning calorimetry indicates that 
this phase only precipitates at temperature and cooling rate of about 150–250 °C and 0.05–300 K/s, 
respectively. This precipitate is shown to be responsible for a noticeable improvement in mechanical 
properties. Aberration corrected scanning transmission electron microscopy demonstrates the minimal 
thickness (~1.4 nm) precipitate plates are isostructural to those of the T1 (Al2CuLi) phase observed in Al-
Cu-Li alloys. Low voltage chemical analysis by energy dispersive X-ray spectroscopy and electron energy 
loss spectroscopy gives evidence of the spatial partitioning of the Al, Cu and Zn within the Y-phase, as 
well as demonstrating the incorporation of a small amount of Mg.

The quench sensitivity of 7xxx alloys has been extensively studied under various cooling conditions in an effort 
to understand the evolution of the structure-property relationship. Fink and Willey showed in the 1940s that the 
corrosion resistance behaviour of alloy AA7075 changes with different cooling conditions1. Hatch demonstrated 
that, in the temperature range of 290–400 °C, the tensile strengths of different aluminium alloys changes vastly 
with average cooling rate due to the promotion of the growth of different phases2. Relatively few papers have been 
published focusing on the nature of the quench-induced phases in 7xxx alloys. Deschamps and Bréchet demon-
strated that the equilibrium M-phase nucleates on Cr- or Zr- containing dispersoids in alloy AA7010 during 
air-cooling3. In 2009, Deschamps et al. investigated the influence of cooling rate on precipitation in a medium 
strength 7xxx alloy without Cu (AA7020). They found that the quench-induced precipitation occurs in the tem-
perature range between 320 to 220 °C at cooling rates ranging from 0.1 to 3 K/s4. Tang et al. proposed that the T 
and S phases precipitate on grain/subgrain boundaries in a 7xxx alloy during slow cooling5.

Recent improvements in controlled heat treatment techniques and experimental design have enabled increas-
ingly comprehensive exploration of temperature, cooling and precipitate -growth in practical timescales. A novel 
differential scanning calorimetry (DSC) method was developed by Milkereit et al. and used to construct novel 
continuous cooling precipitation (CCP) diagrams for a range of 6xxx and 7xxx series alloys, including AA7020 
and AA71506–8. Following this, Zhang et al. demonstrated that in the Al-Zn-Mg-Cu alloy AA7150 there are at 
least three types of quench-induced phases in different temperature ranges over a wide range of continuous cool-
ing rates8. This study identified a high temperature reaction at a cooling rate range of about 0.005 to 2 K/s from 
about 450 °C down to 350 °C, which corresponds to the growth of S-phase (Al2CuMg). A medium temperature 
reaction, corresponding to the η -phase (based on MgZn2, but with potential variations), reaches its maximum 
intensity at about 0.25 K/s and occurrs from about 375 °C down to 250 °C. Finally, a low temperature reaction 
was detected in the temperature range from ~250 °C down to 150 °C at cooling rates above 0.03 K/s. However, the 
nature of this phase was not unambiguously verified, due to its small volume fraction and size. The purpose of the 
current work is to identify this low temperature reaction phase using a combination of DSC, conventional trans-
mission electron microscopy (TEM), and aberration corrected and analytical scanning transmission electron 
microscopy (STEM) techniques. It also seeks to quantify the effect of this phase on the mechanical properties.

1Department of Materials Science and Engineering, Monash University, Clayton, VIC 3800, Australia. 2Monash Centre 
for Electron Microscopy, Monash University, Clayton, VIC 3800, Australia. 3Chair of Materials Science, Faculty of 
Marine Technology and Mechanical Engineering, University of Rostock, 18051 Rostock, Germany. 4CALOR – Research  
Competence Center Calorimetry and Thermal Analysis Rostock, Faculty for Interdisciplinary Research, Department 
Light, Life and Matter, University of Rostock, 18051 Rostock, Germany. Correspondence and requests for materials 
should be addressed to Y.Z. (email: tony.zhang@Monash.edu)

received: 24 September 2014

Accepted: 29 February 2016

Published: 16 March 2016

OPEN

mailto:tony.zhang@Monash.edu


www.nature.com/scientificreports/

BM8-p.2SCientifiC REPORTs | 6:23109 | DOI: 10.1038/srep23109

Materials and Methods
Samples were cut from the centre layer of a commercially produced 80 mm thick AA7150 alloy plate (Al-0.02Si-
0.05Fe-2.04Cu-2.15Mg-6.33Zn-0.12Zr in wt%), supplied by the Aluminum Corporation of China Ltd (Chalco).

Samples were solutionised at 460 °C for 1 hour and then slowly heated up to 480 °C within a differential scan-
ning calorimeter (DSC) device and held at this temperature for another hour. Immediately after the solution 
treatment, the materials were continuously cooled in the same specialised DSC over a range of cooling rates from 
0.005 to 3 K/s. A quenching dilatometer was used to achieve cooling rates above 3 K/s. Details of the specialised 
DSC devices are given elsewhere7,8.

Tensile testing was carried out in a quenching and deformation dilatometer (type Bähr DIL 805 A/D) at a 
strain rate of 0.1 s−1 immediately after quenching and/or ageing (see supplementary materials for exact geome-
try). An Instron 8502 servo hydraulic tensile testing machine was used to test the strength of the rapidly quenched 
samples (≥ 300 K/s). The tensile test samples were cut from the centre layer of the plate and all tested in the same 
direction. After solution annealing, the tensile test samples were cooled linearly using the quenching dilatometer. 
The only exceptions were the fastest two cooling rates, which were carried out by quenching in water at 50 °C and 
25 °C, as these rates were not achievable in the dilatometer. As such, for these two conditions, the cooling was not 
strictly linear. However, based on literature2, for a sample thickness of 2 mm and water temperatures of 50 °C and 
25 °C, cooling rates are estimated to be about 300 and 1000 K/s respectively. As-quenched tensile strengths and T6 
aged strengths (after immediate artificial ageing at 120 °C for 24 hours) were both determined with three samples 
per condition. Microstructural characterisation was carried out on samples continuously cooled at 10 and 30 K/s. 
The constructed CCP diagram8 (see supplementary materials) for the same alloy indicates that, these cooling rate 
conditions should result in near-maximum amounts of low temperature phase precipitation while being suffi-
ciently fast to avoid the high temperature reaction completely and minimise the medium temperature reaction8.

Conventional bright field (BF) TEM was carried out on an FEI Tecnai T20, operating at 200 kV. High angle 
annular dark field scanning transmission electron microscopy (HAADF-STEM), electron energy loss spectros-
copy (EELS) and energy dispersive X-ray (EDX) spectrum imaging (SI) were carried out on a dual aberration cor-
rected (STEM and TEM) FEI Titan3 80–300 kV microscope. For high resolution HAADF imaging the instrument 
was operated at 300 kV with a convergence semi-angle of 15 mrad, leading to a diffraction limited (Gaussian) 
probe diameter of ~0.12 nm. In order to minimise beam damage, analytical spectrum images were acquired at a 
reduced accelerating voltage of 80 kV, where a convergence semi-angle of 18 mrad was used leading to a diffrac-
tion limited probe size of ~0.23 nm. Images were collected on a Fischione HAADF detector with a collection angle 
of 57–220 mrad. Specimen thickness, and suitability for EELS, was determined by matching simulation to posi-
tion averaged convergent beam electron diffraction (PACBED). All HRSTEM images are presented in unfiltered 
form. The EELS data were collected using a Tridiem Gatan Imaging Filter (GIF), with a collection semi-angle of 
77 mrad. The EDX spectra were acquired using a Bruker Quantax 400 windowless 60 mm2 SDD detector. The 
EELS and EDX spectra were processed via Gatan Digital Micrograph (DM) and custom routines coded in IDL. 
Spatial drift was compensated after acquisition by using cross correlation in the plate direction, and plate/matrix 
average spectra were generated using digital masks generated from simultaneously acquired STEM images.

Results and Discussion
Figure 1(a) demonstrates the DSC detected excess specific heat for specimens cooled at three selected cool-
ing rates. Three major exothermal precipitation peaks cover different temperature ranges, with the precip-
itation behaviour dominated by different peaks at different cooling rates. At a cooling rate of 0.01 K/s, the 
high-temperature (HT) reaction at 450 to 350 °C dominates corresponding to the precipitation of the S-phase 
(Al2CuMg)8. At cooling rate of 0.3 K/s, the medium-temperature (MT) reaction at 375 to 250 °C dominates cor-
responding to the η -phase (based on MgZn2)8. The low temperature (LT) reaction, dominant from about 250 to 
150 °C corresponds to the previously unidentified precipitates that are the focus of this work. Following Milkereit, 

Figure 1. (a) Excess specific heat capacity curves for specimens cooled at 3, 0.3 and 0.01 K/s. (b) Precipitation 
heats for total precipitation, the high temperature (HT) S-phase, the medium temperature (MT) η -phase and 
the low temperature (LT) reaction during continuous cooling covering five orders of magnitude in cooling rate. 
Ultimate tensile strength (UTS) values are shown for as-quenched and T6 conditions.



www.nature.com/scientificreports/

BM8-p.3SCientifiC REPORTs | 6:23109 | DOI: 10.1038/srep23109

the area underneath the DSC peaks is the precipitation enthalpy or precipitation heat, which is directly propor-
tional to the volume fraction of precipitation7. The total precipitation heat and precipitation heat values for each 
reaction are plotted as a function of cooling rate in Fig. 1(b). Details about the evaluation of the precipitation heat 
process can be found elsewhere8,9.

The overall precipitation heat decreases with increasing cooling rates, suggesting that quench-induced pre-
cipitation is gradually inhibited by increasing the cooling rate. The precipitation heat values for the HT S-phase 
gradually decrease with increasing cooling rate. This value approaches zero at cooling rates of 1–2 K/s, suggesting 
negligible amounts of S-phase precipitation occur above 1 K/s. However, the detected precipitation heat values for 
individual quench-induced precipitation reactions are not necessarily decreasing with increasing cooling rates7,8, 
as shown with the green MT reaction and blue LT reaction curves in Fig. 1(b). For example, the precipitation heat 
values for the MT precipitation of the η -phase increase over the cooling rate range from 0.01 to 0.1 K/s and then 
decrease at cooling rates above 0.3 K/s.

The same increasing trend can be found for the LT phase over the cooling rate range from 0.03 to 1 K/s. 
This behaviour can be ascribed in part to the suppression of the precipitation reactions at higher temperatures, 
resulting in an increased amount of solute becoming available for the LT phase precipitation. However, at a cer-
tain cooling rate, each diffusion-controlled precipitation reaction will still be suppressed by rapid cooling. It is 
therefore reasonable to assume that the LT phase will also be suppressed by rapid cooling at cooling rates above 
about 3–10 K/s (the limit of conventional DSC devices). Similar trends have been observed for 6xxx alloys at fast 
cooling rates6,7,9.

Since the precipitation heat for the η -phase rapidly approaches zero at cooling rates above 3 K/s, it is evident 
that LT phase precipitation increasingly dominates the total precipitation reaction at cooling rates of ≥3 K/s. The 
extrapolation of the precipitation heat at cooling rates above 3 K/s in Fig. 1(b) is based on a combined assessment 
of the DSC results as well as the trends in hardness, strength and observations of microstructural evolution as 
discussed below.

Figure 1(b) also shows that the ultimate tensile strength (UTS) tends to increase with increasing cooling rate. 
The UTS value in the T6 heat treatment condition reaches a maximum value of almost 650 MPa at the maximum 
cooling rate of 1000 K/s (25 °C water quench after solution annealing). This is an indication that all the solu-
tionised solute atoms have been preserved in solid solution by the rapid quenching, leading to a maximum age 
hardening capability. Even if there is a small amount of quench induced precipitation in that cooling rate range, 
its small volume fraction will lead to a negligible effect on the overall strength.

The as-quenched strength curve shows similar trends, except that the maximum as-quenched strength of 
about 400 MPa that can be achieved occurs over a cooling rate range of 3–100 K/s. The as-quenched strength is 
then seen to decrease by about 50 MPa with increasing cooling rate from 100 to 1000 K/s. At cooling rates below 
3 K/s, the as-quenched strength curve also exhibits a significantly decreasing trend with decreasing cooling rate. 
The yield strength (YS) and hardness values show similar trends, as illustrated in the supplementary materials.

Figure 2(a,b) show bright field (BF) TEM images of samples cooled continuously to room temperature at 
cooling rates of 10 K/s and 30 K/s, respectively. Very few, if any, η -phase and S-phase precipitates can be detected 
in these cooling conditions. However, Fig. 2(a) shows that some platelet precipitates co-exist with some spher-
ical precipitates in this cooling condition. These spherical precipitates are known to be Al3Zr dispersoids that 
formed during the homogenisation process10–12. The platelet precipitates are longer and present in larger amounts 
at the cooling rate of 10 K/s, than at the cooling rate of 30 K/s. It is therefore concluded that this platelet phase 
is a quench-induced phase since the growth of the platelet phase is gradually inhibited by increasing cooling 
rates. There are also some similar findings from DSC work on other alloys7,13,14. Compared to the S-phase and 

Figure 2. Bright field TEM micrographs showing the thin plate-shaped phase after cooling at (a) 10 K/s and  
(b) 30 K/s. The images are taken within subgrains along the [110]α zone axis.
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η  -phase, the inhibition of growth of the platelet precipitates happens in a relatively fast cooling rate range (i.e. 
> 3–10 K/s). Therefore it is concluded that the observed platelet phase corresponds to the low temperature pre-
cipitation reaction.

To the best knowledge of the authors, this platelet phase has never previously been reported in 7xxx series 
alloys, despite this system being widely used in aerospace applications. We have therefore named it the Y-phase. 
This work shows that an appreciable amount of this Y-phase precipitation only occurs under very particular 
cooling conditions i.e. during continuous cooling over a relatively fast cooling rate range from about 1 to 100 K/s 
and in a low temperature range of about 150–250 °C8. The amount of Y-phase increases with increasing cooling 
rate over the cooling rate range from about 0.03 K/s to about 3 K/s. It is possible that this Y-phase can precipitate 
in very slow cooling conditions, but the amount is very limited as the precipitation heat is very low. It is expected 
that the precipitation of this Y-phase will be totally suppressed by very rapid cooling above about 100–1000 K/s.

The as-quenched strength is seen to reach its maximum value over the cooling rate range of 3–100 K/s. This 
can be ascribed in part to the precipitation of the platelet phase, as the amount of the platelet phase is close to its 
maximum value in these cooling conditions. With further increases of cooling rate (> 100 K/s), the amount of the 
platelet phase decreases, causing a corresponding decrease in the strength even though the solid solution harden-
ing increment is expected to increase. According to Nie and Muddle, platelet precipitates on the 

α{111}  planes 

Figure 3. (a–d) HAADF-STEM images of a single platelet precipitate, viewed from the [110]α direction, 
showing that the thickness varies along its length, with growth ledges indicated by arrows in (c). The regular 
pattern in the matrix on either side of the plate in (a) is an artifact caused by Moiré fringing between the lattice 
and scan frame. This plate appears to be nucleating from an attached void. Similar images in (e–g) from a 
second plate, but viewed from the [112]α direction, show thickness and stacking order variations along the 
precipitate length.
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have the highest strengthening potential in aluminium alloys15. It is therefore not unreasonable to expect a 
strengthening increment from this platelet phase.

Based on the conventional bright field TEM images in Fig. 2, it is interesting to see that there is only one set 
of edge-on plates from the <110> α  direction (there are normally two sets of 111 plane precipitates visible in this 
direction) in any individual sub grain. This could be a strong indication of the nucleation route. The precipitate 
plates are heterogeneously distributed within subgrains. This may be due to preferential nucleated in subgrains 
rather than in recrystallised grains. However, the exact mechanism is as yet undetermined. The micrographs in 
Fig. 2 show that the Y-phase precipitates have a very low thickness and a very high aspect ratio (length/thickness 
ratio). This makes them clearly visible from an edge-on orientation, but almost invisible from other orientations.

Figure 3(a–d) show HAADF-STEM images of a single platelet precipitate with the electron beam parallel to 
the < 110> Al direction. The thickness of this platelet precipitate varies from a double-layer structure (as shown in 
Fig. 3(b)) to a multi-layer structure (as shown in Fig. 3(d)). Apparent growth ledges are indicated by the arrows 
in Fig. 3(c). Figure 3(e–g) show a second platelet with the electron beam parallel to the <112> Al direction. The 
structure revealed in this direction indicates that this phase cannot be described by a regular 3D unit cell. The 

Figure 4. Atomic-resolution HAADF-STEM imaging of a single platelet precipitate viewed from (a) [110]α and 
(b) [112]α directions, with (c) and (d) showing respective plots of image intensity integrated vertically, and 
(e) showing the distribution of intensity along the length of the precipitate.

Figure 5. A direct comparison of the T1 phase in age hardened alloy AA2199 (left) with the Y-phase from alloy 
AA7150 (right), viewed from both (a) 110 and (b) 112 directions.
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structure of the minimal thickness plate in Fig. 3(e), corresponding to a double bright layer with a dark center, is 
not replicated when the plate thickens (Fig. 3(f,g)). The apparent replication of various layers within the thicker 
sections may allow them to be described as long period stacking order (LPSO) structures, such as those common 
in magnesium rare earth alloys. However, such a description will require the systematic characterisation of a large 
number of precipitates. A recent study by Marioara et al. on a similar alloy system (AA7449) also observed struc-
tural arrangements in a new precipitate phase showing similarities to those of the T1 phase in Al-Cu-Li alloys16. 
While they did not observe any minimal thickness plates, possibly since they investigated over-aged samples, they 
tellingly suggested that “It may therefore be expected that in some conditions a plate isostructural to the T1 phase 
could also exist in the Al-Mg-Zn system”16.

The projected atomic structure of the minimal thickness platelet bears a striking resemblance to plates of the 
T1 phase that are the principal strengthening phase in 2xxx series Al-Cu-Li alloys15,17–23. The images from two 
different observation directions in Fig. 4(a,b) strongly indicate that the Y-phase has a similar crystal structure and 
symmetry to the T1 phase. The T1 phase also shows long period stacking order in its thicker forms. On the basis of 
structural isomorphism with T1, the minimal thickness platelet has a hexagonal basis symmetry with repeat dis-
tances of a =  0.429 nm, c =  1.385 nm (T1 is in the P6/mmm space group with D6h symmetry23), with the following 
orientation relationship with the matrix:

α α− −and(0001) //(111) [1120] //[112]Platelet phase Platelet phase

The measured parameters are based on HAADF-STEM images using the {111}Al
 plane space (d111 =  0.2338 nm) 

as a reference. These are subtly different to the parameters for the T1 phase (a =  0.496 nm, c =  1.391 nm)23. It is 
noted that c is very close to 6 ×  d111 =  1.4028 nm, so that the platelet phase is slightly mismatched with the Al 
matrix, as shown in Fig. 4(a). This can be attributed to the atomic positions of the different solute species within 
the Y-phase. A previous study of the T1 phase showed that the T1 phase tends to precipitate by heterogeneous 
nucleation on dislocations in Al-Cu-Li alloys24. This may provide some clues for the nucleation mechanism of the 
platelet phase in alloy 7150, as the platelet precipitates are mainly found within subgrains. Based on Fig. 3(a), 
nucleation from voids is also a possibility.

Figure 5 shows HAADF STEM micrographs comparing the T1 phase in an age hardened AA2199 alloy (left) 
with the Y-phase from alloy AA7150 (right), along both (a) 110 and (b) 112 directions. These micrographs were 
acquired on the same instrument using the same imaging and collection conditions (though with different, and 
undetermined, specimen thicknesses).

In the 112 direction there is strong similarity, with both phases showing a distinctive “zipper” appearance: 
bright columns separated by a dark band, with distinctive dumbbell structures on the surface and facing inwards. 
The appearance on 110 is similar, but the T1-phase lacks the extra surface layers (clearly present in 112)–in 

Figure 6. Results of EDX spectrum imaging (SI): (a) ADF image acquired simultaneously with EDX data; 
(b) Masked generated average spectra from precipitate and matrix; (c) Summed line trace across precipitate for 
ADF, Al-K, Cu (K +  L) and Zn (K +  L) signals.
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projection the Li content of these layers leads to an almost complete loss of contrast. Clearly the average atomic 
number of the bounding layer in the new phase is higher than that of bulk Al. This is consistent with the differing 
relative contrast in the bounding layer of the new phase, which is significantly brighter than the matrix.

While there is clear structural similarity between the Y-phase and the T1 phase23, alloy 7150 contains no Li so 
the chemistry of this phase must be substantially different. Due to electron channelling in crystalline specimens, 
quantitative chemical analysis on these length scales is not possible without a full solution of the atomic struc-
ture25 and precise knowledge of acquisition geometry26. However, both the EDX and EELS results from the plates 
give a qualitative indication of the chemical makeup of, and to some extent, the partitioning within the precipitate 
plates.

The average EDX spectra, Fig. 6(b), taken from the precipitate shown in Fig. 6(a) confirm that the precipitates 
contain a significant proportion of Cu, Zn and a reduced amount of Al in comparison to the matrix. The precip-
itate spectra also indicate the inclusion of a small, yet significant, amount of Mg. The signal to noise ratios (SNR) 
of 2D maps from the EDX SI (Supplementary Fig. (4) are low but the summed line trace from the SI across the 
precipitate in Fig. 6(c), indicates that the high Z contrast layers peak in both Cu and Zn content, with Al present 
but at a low level across the plate.

The EELS SI results, shown in Fig. 7, are consistent with the EDX data and, being of significantly higher 
SNR, offer insight into the chemical structure of the precipitate. The maps, Fig. 7(a,c), and average line traces, 
Fig. 7(b,d), indicate that Cu has a narrower distribution within the precipitate, and is strongly peaked in the 
two bright layers. While Zn is also peaked in the same locations, its distribution is broader and extends into the 
bounding layers of the precipitate. Due to the large energy difference between Al-L and Cu-L/Zn-L edge onsets 
(73eV and 931 eV/1020 eV, respectively) it is not possible with the available spectrometer to map both in the 
same acquisition. Maps taken in a separate acquisition from the aluminium L edge from the same precipitate, 

Figure 7. Results of two EELS spectrum images (SI), acquired from the same plate over different energy ranges: 
(a) ADF, Cu map and Zn map from first SI. (b) Summed line traces across precipitate for ADF, Cu map and Zn 
map; (c) Al map; (d) Summed line traces across Al map and ADF image (not shown).
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Fig. 7(c) show a small increase in Al composition in the dark (low Z) centre layer of the precipitate plate. The 
asymmetry of this feature is probably due to a tilt misalignment of the crystal. In the very thin area used for the 
acquisition (7 nm via PACBED), exact on-axis conditions are hard to achieve. The same feature is weakly indi-
cated in the EDX trace in Fig. 6(c). Despite the Mg-K edge being included in the energy range with the Cu and 
Zn K edges no peak was detected above the noise level. However this can be explained by looking at the relative 
scattering cross sections for the three edges. The inelastic scattering cross section for the Mg-K peak, calculated 
via the Hartree-Slater model in Digital Micrograph, is 7 times lower than for Cu-L and 5 times lower than Zn-L 
over a 50 eV energy window. As such, Mg has a much lower detectability than Cu or Zn over this energy range. 
While the Mg-L edge is contained in the spectra with the Al-K, there is also no edge present. The large amounts 
of Al, and the relatively low SNR of the Al-K map in Fig. 7(c), suggests that Mg is present in very small amounts, 
consistent with the EDX data. The T1 phase has also been shown to be able to incorporate small amounts of other 
elements, including Mg, during nucleation and growth27.

Conclusions
This paper has reported the discovery of a new platelet phase that precipitates in alloy AA7150 during relatively 
fast continuous cooling in a relatively low temperature range of about 150–250 °C. These Y-phase precipitates with 
high aspect ratio grow on the aluminium {111}α planes. The microscopy results show the Y-phase to be struc-
turally very similar to the T1 phase found in Al-Cu-Li alloys, and to have a hexagonal symmetry (a =  0.429 nm, 
c =  1.385 nm). Tensile testing indicates that this Y-phase appears to contribute up to ~50 MPa to the as-quenched 
strength in the investigated continuous cooling conditions. It may also precipitate in other Cu-containing 7xxx 
alloys.

The results of the chemical analysis are consistent with the contrast observed in the HAADF images and the 
chemical differences to the T1 phase. The Y-phase is dominated by layers rich in Zn and Cu, the distinctive bright 
contrast in the 110 direction, with a centre plane dominated by Al and hence exhibiting darker contrast. The lack 
of Li in the structure compared to T1, results in the bounding planes being a mix of Al and Cu/Zn, with the EELS 
data suggesting these bounding planes are higher in Zn than Cu. The high average atomic number of these planes 
explains why they appear as brighter than the matrix in the 110 direction (as opposed to T1 where the presence of 
Li leads to an average atomic number similar to that of the matrix, with these layers practically invisible). While 
the EDX results show the presence of Mg in the plate, this is at a level too low to achieve any determination of 
its partitioning; indeed this was too low to even be detectable via EELS. A final solution of the precipitate phase 
structure is ongoing, but will require construction of prospective models, and matching with extensive image 
simulation and ab initio calculation.
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Abstract 

Differential fast scanning calorimetry (DFSC) has been combined with a novel differential 

reheating method (DRM). Interrupted quenching at different temperatures followed by 

overcritical cooling enables both time- and temperature-dependent investigations of 

precipitation reactions in aluminium alloys during cooling from solution annealing at cooling 

rates between 1 K/s and 105 K/s. Together with conventional differential scanning calorimetry 
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(DSC) results, for the very first time, a full continuous cooling precipitation (CCP) diagram 

for a highly concentrated wrought AlZnMgCu alloy has been developed. For alloy AA7150, 

three precipitation reactions with their respective start and end temperatures were observed by 

DFSC. The critical cooling rate for suppressing the high-temperature precipitation of S-

Al2CuMg was found to be ~10 K/s, whereas for the medium-temperature precipitation of η-

Mg(Zn,Al,Cu)2 it is ~100 K/s and for the low-temperature precipitation of Y-phase plates 

enriched in Zn and Cu it is ~300 K/s. The method can potentially be transferred to similar 

precipitate-forming metallic systems or related solid-state phase transformation systems also 

beyond the particular system analysed in the present study. 

 

Keywords: Aluminium alloys; Differential fast scanning calorimetry; Continuous cooling 

precipitation diagram; Critical cooling rate; Precipitation kinetics 

 

Introduction 

The strength of precipitation hardening aluminium alloys is typically adjusted by 

means of a solid-state age hardening heat treatment procedure. The age hardening process 

contains three steps: solution annealing (in solid state), quenching and ageing. During the 

solution treatment all soluble phases should dissolve. During quenching, this solution should 

be retained and an unstable, supersaturated solid solution results. During ageing, nano-sized 

particles precipitate, which hinder dislocation movement by particle strengthening and 

thereby increase the strength of the alloy. The tendency to lose supersaturation of dissolved 

alloying elements during cooling from solution annealing is called quench sensitivity. The 

quench sensitivity or the precipitation behaviour of aluminium alloys during cooling from 

solution annealing is typically described in continuous cooling precipitation (CCP) diagrams. 

Such CCP diagrams need to cover a wide range of cooling rates from near-equilibrium slow 

cooling [1, 2] up to beyond the upper critical cooling rate (CCR) [1, 3, 4]. The CCR is defined 
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as the slowest cooling rate at which no precipitation occurs during cooling from solution 

annealing, which ensures maximum supersaturation after quenching and thereby maximum 

volume fractions of strengthening precipitates, and hence maximum strength, after subsequent 

artificial ageing. 

During the last decade, measurement techniques to investigate the quench sensitivity 

of aluminium alloys were developed [1, 3-10]. For example, one of the techniques combines 

microstructural analysis and mechanical testing with in-situ differential scanning calorimetry 

(DSC) [1, 3, 4]. DSC is able to detect the enthalpy changes caused by precipitation reactions, 

whereby the enthalpy change gives a direct link to the thermodynamics and volume fractions 

of the phases. The work [1, 3, 4], which combines microstructural analysis and mechanical 

testing with in-situ DSC, led to the first continuous cooling precipitation diagrams of low to 

medium alloyed AlMgSi (6000 series) and AlZnMg(Cu) (7000 series) wrought alloys.  

As a diffusion controlled process, precipitation during quenching depends on 

nucleation as well as on diffusion rate. Diffusion rate mainly depends on the types of 

diffusing atoms and matrix (e.g. Zn in Al) and temperature. Nucleation mainly depends on 

supersaturation (homogeneous nucleation) and intrinsic nuclei (heterogeneous nucleation). 

Intrinsic nuclei may be grain boundaries, primary precipitates or dispersoids. Thus, the 

quench sensitivity of an aluminium alloy can be influenced by its chemical composition and 

solution annealing parameters (supersaturation) as well as by its microstructure (intrinsic 

nuclei). DSC always measures the enthalpy changes due to precipitation influenced by a 

superposition of all above mentioned factors, i.e. diffusion rate, supersaturation and 

microstructure (intrinsic nuclei). 

The precipitation process in AlZnMg(Cu) alloys is complex and may be divided into 

precipitation of different phases over different temperature and time ranges during different 

process steps [4, 5, 11, 12]. More specifically, there are three different classes of precipitates. 

Firstly, relatively coarse primary precipitates tend to grow directly from the melt (e.g. via 

eutectic reactions) and reach dimensions of several µm. In this particular case, the Al7Cu2Fe 
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intermetallic particles fall into this category. Such primary precipitates are assumed not to be 

influenced by the age hardening heat treatment. However, they may act as nucleation sites for 

coarse equilibrium phases that precipitate during slow cooling. Secondly, dispersoids occur. 

Dispersoids are based on minor alloying elements like Zr, Mn and Cr and form intermetallic 

particles of sizes typically in the range of 10-100 nm. Precipitation of dispersoids is a solid-

state reaction that commonly occurs during homogenisation heat treatments. Dispersoids are 

also assumed not to be influenced by the age hardening heat treatment. However, they can 

strongly influence the quench sensitivity as dispersoids may act as nucleation sites for the 

quench-induced phases [12]. Thirdly, there are precipitates that form from the main alloying 

elements (here Zn, Mg Cu and Al) and are greatly influenced by the age hardening procedure. 

In an ideal case, all these last-mentioned precipitates dissolve during solution annealing, and 

the quenching step should suppress any precipitation during cooling. During subsequent 

ageing, fine metastable nano-scale hardening precipitates are nucleated and evolve along a 

precipitation sequence with increasing ageing. As mentioned before, the aim of quenching 

from solution annealing is to retain the solid solution by avoiding any quench-induced 

precipitation that would lower the potential for subsequent hardening. Based on recent work 

from the present authors [4, 12], the precipitation reactions during cooling of alloy AA7150 

from solution annealing were divided into three main reactions: high-, medium- and low-

temperature reactions (HTR, MTR and LTR, respectively). Nevertheless, the CCRs of MTR 

and LTR have so far only been inferred from ex-situ microstructure and property observations 

because conventional DSC is limited to cooling rates below ~10 K/s [13, 14]. Furthermore, 

their precipitation temperature ranges at cooling rates above 3 K/s are unknown [4]. However, 

cooling rates between 1 and 103 K/s are highly relevant in technological processes, because 

such cooling rates are reached by water quenching (depending on the material thickness and 

water temperature) [15]. Besides, the more concentrated higher strength Al alloys have 

critical cooling rates in the range from ~10 to 103 K/s [3, 4, 16-19]. 
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Recently it was shown that the chip-sensor based differential fast scanning 

calorimetry (DFSC), whose heating and cooling rates can reach up to some 106 K/s [20, 21], 

could be utilised to follow precipitation reactions in Al alloy 7049A by the indirect 

differential reheating method (DRM) [22]. Based on this approach, the CCR of Al alloy 

7049A was determined to be about 300 K/s. However, so far it was only shown that the DRM 

is able to detect the overall precipitation enthalpy at high cooling rates – unfortunately 

without any temperature-dependent information of individual precipitation reactions.  

In this current work, we aim to close the former metrological gap by describing a 

method to obtain temperature-dependent enthalpy information of precipitation reactions in 

alloy AA7150 in the cooling rate range from a few up to several thousands of K/s. The DRM 

was developed further towards higher precision, larger cooling rate range of validity and 

particularly temperature dependency. Thereby, for the very first time, a full continuous 

cooling precipitation diagram covering all the technologically relevant cooling rates could be 

recorded for a highly concentrated AlZnMgCu wrought alloy (i.e. AA7150).  

 

Materials and Methods 

Bulk samples of alloy AA7150 (composition given in Table I) were cut from the 

centre layer of a commercially produced 80 mm thick plate, supplied by the Aluminium 

Corporation of China Ltd (Chalco). In order to obtain samples for DFSC measurements, a 

small piece of 5 × 10 × 20 mm3 was cut from the centre layer of the thick plate, as shown in 

Fig. 1(a). Then the material was heated up to 460 oC for 1 h followed by slowly heating up to 

480 oC for another 1 h and finally quenched in cold water as a pre-solutionising treatment in a 

furnace [4]. This pre-treatment was done to reduce local chemical inhomogeneities in the 

thick industrially processed plate, thereby avoiding high local solute concentrations that could 

result in localised melting during the DSC and DFSC heating cycles. It therefore enabled the 

heating times in the calorimeter to be shortened significantly without any risk of incipient 
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melting (which could occur if samples were heated rapidly directly to 480 °C without the 

prior removal of concentration gradients at a safe temperature of ~460 °C). 

To obtain DFSC samples, a slice of about 300 µm thickness was cut parallel to the 

short transverse direction (STD) – long transverse direction (LTD) plane. Further, the slice 

was manually ground and polished to foils having a thickness of around 50 m. As shown in 

Fig. 1(b), the foil thickness direction was aligned with rolling direction (RD) and was 

perpendicular to the sensor plane. The reason for this was to capture a more representative 

cross-section of the material, especially ensuring that sufficient grain boundaries were 

included in the thin foil. After that, the sample for DFSC measurements was cut into small 

rectangular pieces by a scalpel under an optical microscope and placed on the centre of the 

sensor by a thin copper wire, as shown in Fig. 1(c). In order to secure the small sample on the 

sensor, silicone oil was used, which would be evaporated during the first heating up to 480 

oC. 

DFSC is controlled by the power compensation method, which takes care of the heat 

losses on both sensors (loaded sample and empty reference) following the predefined 

temperature program very closely. Even at 104 K/s, the temperature difference between 

reference (TR) and sample sensor (TS) obeys the inequality, TR - TS < 0.1 K [21]. The 

nanocalorimeter sensor, XI-415 (Xensor Integrations, Netherlands), was used in this work. 

The sensor consists of an amorphous silicon-nitride membrane with a film-thermopile and a 

resistive film-heater placed at the centre of the membrane, as shown in Fig. 1(d). The sensor 

can effectively promote high heating and cooling rates up to 105 K/s through a preferable ratio 

between the added heat capacity of the sensor and sample heat capacity and applicable 

heating power. In a micron scale system, the most efficient cooling agents are gases because 

of their small heat capacity [23]. Considering these circumstances, we have chosen samples 

with a size of approximately 75 m × 110 m × 40 m, as shown in Fig. 1(c). The DFSC 

temperature was calibrated by pure In, Sn, Pb, Zn and K2SO4 in an Ar7.5/H2 (volume fraction 
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in %) atmosphere at different heating and cooling rates up to 105 K/s. Further details about the 

temperature calibration method are given in Ref. [21].  

 

Table I Chemical composition of the investigated AA7150 alloy (in mass fraction) 

Elements Si Fe Cu Mn Mg Zn Zr Al 

Mass fraction (%) 0.02 0.05 2.04 0.04 2.15 6.33 0.12 Bal 

 

 

Fig. 1 Scheme of DFSC sample preparation (a)-(c) and chip-sensor (d) used for DFSC 

measurements. 
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In order to develop a complete CCP diagram, the CCR should be determined first. 

The CCR for alloy AA7150 is expected to be between 100 and 1000 K/s [24]. The low signal 

to noise ratio of the DFSC at these scanning rates, due to the very small thermal effects of 

precipitation reactions in the small sample, prevents direct determination of enthalpies during 

cooling. Considering this fact, a sophisticated DRM based on DFSC was used. This method is 

illustrated in Fig. 2 and is based on the assumption that precipitates formed during cooling 

can also be characterised by their dissolution during the following reheating process, i.e. the 

enthalpy change during precipitation equals the enthalpy change during dissolution. 

Moreover, all the precipitates that formed during slow cooling and/or reheating in the solid 

state could be dissolved with respect to the equilibrium condition at the solution annealing 

temperature. The validity of this basic assumption was verified on a quantitative basis using 

DRM and direct measurements during cooling by conventional DSC (see Ref. [22] for 

details). Conclusively, in order to use the DRM for characterisation of precipitation reactions 

(i.e. that the enthalpy change of precipitation can be represented by the enthalpy change of 

dissolution), three conditions should be fulfilled [22]. (i) At the start temperature for cooling 

and at the end temperature for reheating, the sample should be in the equilibrium state, i.e. 

during reheating and after solution annealing, the relevant precipitates fully dissolve. This 

excludes coarse intermetallic phases such as Al7Cu2Fe particles and a small amount of 

rounded S-Al2CuMg particles that do not dissolve during solution annealing and are not 

influenced by quenching [4]. (ii) The cooling after Reheating Nr. 1 (Step 8 in Fig. 2) must be 

done at an overcritical cooling rate. In the DFSC experiments, a cooling rate of 105 K/s was 

used, which is assumed to be about three orders of magnitude faster than the CCR for 

common aluminium alloys. (iii) During the isothermal holding after cooling at the lowest 

temperature, Tc, no precipitation should occur. To avoid precipitation at Tc, the time spent at 

Tc should be short. In the DFSC experiments, therefore the isothermal holding time at Tc is 

0.01 s, which is also enough for temperature equilibration of the DFSC.  
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The temperature-time profiles used for determining the CCR are shown in Fig. 2(a). 

Two cycles, Steps 1-6 and 7-10, were conducted [22]. In order to fulfil the requirement (i), a 

compromise between full dissolution during reheating and optimum sensitivity of the DFSC 

must be found. A reheating rate of 103 K/s was selected to realise maximum sensitivity for 

reheating and nearly avoid any precipitation during reheating. After solution annealing at 

480 °C for 5 min, cooling started (Step 4) with rates ranging from 10 to 800 K/s. Afterwards, 

the sample was reheated at 103 K/s (Reheating Nr. 1, Step 6). At high reheating rates, the 

temperature of full dissolution shifts to higher temperatures because of the diffusion kinetics 

of dissolution [25]. Particularly, the larger precipitates that have grown during the lower 

cooling rates in Step 4 need more time or higher temperatures to dissolve. Therefore, the 

maximal temperature was set to 500 oC, which is 20 K higher than the annealing temperature, 

Tan. This allowed full dissolution signals to be obtained and thereby the full dissolution 

enthalpy change for the previously applied wide cooling rate range. However, due to the 

relatively fast and short heating cycle, no melting occurs. As shown in Fig. 3(a), no melting 

peak upon heating (Steps 6 and 10 with previous cooling rates of 10 K/s and 105 K/s, 

respectively) was observed in the measurement curves. Particularly the second reheating, 

following on overcritical cooling, results in a near perfect straight, though little noisy, curve. 

However, reheating after undercritically slow cooling (the first reheating) clearly shows 

endothermic dissolution effect. Potential incipient melting would lead to a small volume 

fraction, causing a relatively week melting signal, while the volume fraction of precipitates 

formed at cooling with 10 K/s is rather small too. Considering that transitions like 

precipitation and dissolution give a much smaller thermal effect compared to first-order 

transitions like melting, it can be clearly stated that no melting occurs during the short 

overheating. Subsequently, the sample was quenched at 105 K/s to Tan. Then the sample was 

solution annealed for the same time as before (Step 7). During the next step (Step 8), the 

sample was subjected to overcritical cooling to room temperature at the cooling rate of 105 

K/s, which is much faster than the CCR of alloy AA7150. This means that the precipitation 

reactions were fully suppressed, which was confirmed by both DFSC and hardness 
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measurements. In addition, almost no precipitation can be found by scanning electron 

microscopy (SEM) at the cooling rate of 100 K/s (see microstructure characterisation in Ref. 

[4]). Later, Step 10 (Reheating Nr. 2) was conducted in the same manner as Step 6 and this 

measurement was used as a baseline curve. 

This modified DRM method, as described above (Fig. 2 (a)), has been further 

improved by the addition of interrupted quenching. Interrupted quenching was conducted for 

the purpose of determining the start and end temperatures for the different precipitation 

reactions. This is illustrated in Fig. 2(b). As this new method is strongly correlated with the 

obtained results, further particulars are described in the subsequent Results and discussion 

section. 
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Fig. 2 (a) The temperature-time profiles for determining the CCR in DFSC measurements, 

consisting of two additional reheating steps after quenching. (b) The temperature-time 

profiles for interrupted quenching to determine the start and end temperatures for the different 

precipitation reactions. 
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Results and discussion 

Based on the temperature-time profiles in Fig. 2(a), the heat flow curves from the two 

reheating steps (Steps 6 and 10) for different cooling rates in Step 4 were recorded (Fig. 3(a)) 

and subtracted from each other [22]. The subtracted measurement curves for the different 

cooling rates in Step 4 are shown in Fig. 3(b). Please be aware that this differential curves 

must not be compared with conventional DSC reheating curves as presented for instance in 

[25]. At slow DSC heating rates exothermic precipitation peaks occur partially superimposed 

with endothermic dissolution reactions, which complicates data evaluation [22]. Due to the 

heating rate of 1000 K/s in the DFSC experiments the endothermic dissolution peaks 

dominate after slow cooling. However, it can be seen, that there is an obvious signal, which 

decreases with increasing cooling rate. The main conclusions of this type of measurement is 

drawn based on the integrated enthalpy change and not on the peak position. The curve 

integration is based on the zero-level (often called baseline) plotted as dashed lines in Fig. 

3(b). This results in the total enthalpy changes see Fig. 4. Nevertheless, it can be seen that the 

quench-induced precipitates are fully dissolved in this temperature range. Each subtracted 

curve reveals the total endothermic reaction (dissolution of precipitates formed in the cooling 

Step 4). Then the specific precipitation enthalpy at different cooling rates was calculated by 

integration. Note that the sample mass in the range of several hundred nano-grams was 

calculated from the sample volume, which was estimated based on the dimensions of the 

sample measured by optical microscopy. The edge length of the sample was estimated 

directly by optical micrographs, while the height was recorded according to the change of 

focuses on the sample surface and the sensor membrane.  
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Fig. 3 (a) The curves measured in Steps 6 and 10 of Fig. 2(a) with previous cooling rates of 

10 K/s and 105 K/s. (b) The subtracted measurement curves, i.e. the curves measured in Step 6 

minus the curves measured in Step 10 for all the different cooling rates in Step 4. The 

baselines for integration are indicated by dashed lines. 

 

The CCR of alloy AA7150 was determined to about 300 K/s by plotting the specific 

precipitation enthalpy, obtained from dissolution curves by integration, against cooling rate, 

as shown in Fig. 4(a). It should be mentioned here that the sample size is very small. Hence, 

in order to ensure that the DFSC measurements were representative of the bulk material, six 

different samples were measured by the same procedure and no obvious deviations were 

found. Typical representative curves for all the cooling rates including conventional DSC are 

shown in Fig. 4(b). The complete enthalpy curve shows a decreasing trend with increasing 

cooling rate as expected. Combining the DFSC data with conventional DSC data from Zhang 
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et al. [4], the CCR range at which the precipitation enthalpy reaches zero can again be 

determined as ~300 K/s (as indicated in Fig. 4). With respect to the former results in Ref. [4] 

it can be stated, that for the detection of the CCR the DFSC-DRM method is more sensitive 

compared to hardness tests, which indicate a critical cooling rate of about 100 K/s for 

AA7150. However, considering the logarithmic time scale this is still close to 300 K/s. 

Besides it should be noted that there could be a size effect on precipitation because of the 

smaller size of the DFSC samples compared with that of the conventional DSC samples. 

However, as shown in Fig. 4(b), the DFSC specific enthalpy data shows a good accordance 

with the data from conventional DSC and Vickers hardness tested on large samples (mm scale) 

after artificial ageing at 120 °C for 24 hours. It is therefore assumed that this method works 

well for determining the CCR. The lines shown in Fig. 4(b) are model predictions according 

to Ref. [12]. Except the slowest cooling rate, the model predicts the enthalpy changes nearly 

perfectly. 
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Fig. 4 (a) Specific precipitation enthalpy after solution annealing of alloy AA7150 as a 

function of cooling rate measured by DFSC. (b) Specific precipitation enthalpy after cooling 

from solution annealing and Vickers hardness after subsequent ageing (120 °C 24 hours) of 

alloy AA7150 as a function of cooling rate. The solid and dashed lines are model predictions 

from Ref. [12]. The DSC and hardness data tested on large samples were published by Zhang 

et al. [4]. Hardness has been tested on samples in the millimetre scale with the same cooling 

rates obtained in a quenching dilatometer.  
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Although now the critical cooling rate of AA7150 could be determined, the important 

information about which precipitation reaction happens at which temperature and at which 

time (or cooling rate) is still missing. Therefore, the DRM has been improved significantly by 

interrupted quenching. As illustrated in Fig. 2(b), interrupted quenching consists of cooling 

from Tan to the quenching temperature Tq at the cooling rate of interest and then performing 

subsequent interrupted cooling starting from Tq at the overcritical cooling rate of 105 K/s. 

From the differential reheating results, the precipitation enthalpy until Tq can be obtained. By 

varying Tq in steps of 10 K from 427 °C to 47 °C, the temperature dependence of precipitation 

at the studied cooling rate is now available too. Repeating this for different cooling rates 

allows the determination of the start and end temperatures for each precipitation reaction on 

cooling, as shown in Fig. 5.  

The temperature-time profile for the interrupted quenching is shown in Fig. 2(b). 

Compared with the previous profile in Fig. 2(a), cooling rates ranging from 3 to 200 K/s and 

interrupted quenching at the cooling rate of 105 K/s were performed in Step 4. Overcritical 

cooling down to room temperature in the DFSC “freezes” the precipitation state at different 

temperatures from the previous continuous cooling (from Tan to Tq). In Steps 6 and 10, the 

sample was only heated to 480 oC instead of slightly overheating by 20 K. The reason for that 

is that the highest temperature should be carefully controlled in order to avoid unwanted 

modifications of the sample because more than 750 heating-cooling cycles were performed 

for one sample. Consequently, during the heating steps (Steps 6 and 10) in the DFSC 

experiments for determining the characteristic temperatures, high temperature precipitates 

may be dissolved only partly, especially for the lower cooling rates in Step 4 (i.e. a certain 

amount of enthalpy was always missing). The S-Al2CuMg precipitates at the highest 

temperatures during relatively slow cooling [4]. Hence, during reheating, this phase will also 

dissolve at the highest temperatures. For this type of experiment, the slowest cooling rate was 

3 K/s, which equals the critical cooling rate of this phase for this alloy according to 
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conventional DSC experiments [4]. Therefore, only a minor mass fraction of S-Al2CuMg may 

form. This fraction of S-Al2CuMg can be assumed to be dissolved during the solution 

annealing (480 °C, 5 min) at the latest. Accordingly, requirement (i) named above is fulfilled. 

However, although the total enthalpy change measured during the temperature dependent 

experiments (interrupted quenching) may not be used for further evaluation, the relative 

changes in the enthalpy change are still valid, allowing evaluation of the precipitation onset of 

a certain phase. Consequently, the method is still considered reliable for determining 

precipitation start and end temperatures. 

The temperature dependence of the total precipitation enthalpy change, ∆H, at 

different cooling rates and interruption temperatures for one sample is shown in Fig. 5(a). It is 

shown that the total enthalpy change, i.e. the amount of precipitates, increases with decreasing 

cooling rate and decreasing interruption temperature. It means that the slower the cooling rate, 

the more the matrix supersaturation is reduced because the precipitated volume fraction has 

increased.  

In Fig. 5(a) the precipitation reactions yield three steps seen in the curves for the 

cooling rates of 3 and 10 K/s. Further, the precipitation start and end temperatures for 

different cooling rates can be determined, as indicated by enlarged dots in Fig. 5(a). For 

example, for the cooling rate of 3 K/s, a series of slope changes on the total enthalpy change 

curve in Fig. 5(a) are observed at 390 oC, 360 oC, 280 oC and finally ending at 140 oC. This 

reveals that the precipitation process was changing, i.e. the precipitation reactions start and/or 

end at these temperatures, and three different precipitates were formed. 

In order to verify the accuracy of the determination of characteristic temperatures 

from DFSC, the total enthalpy changes at different interruption temperatures at the cooling 

rate of 3 K/s measured by indirect DFSC and conventional in-situ DSC were compared, as 

shown in Fig. 5(b). It is found that the precipitation start and end temperatures from the new 

interrupted DRM (based on DFSC) is consistent with those from in-situ cooling DSC data at 
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the cooling rate of 3 K/s, as indicated by the dashed line in Fig. 5(b) and (c). This reveals that 

three different types of reactions occur at this cooling rate during the precipitation process.  

 

Fig. 5 (a) Total enthalpy change at different interruption temperatures and different cooling 

rates. The enlarged dots indicate the transition temperatures for the various precipitation 

reactions. (b) Total enthalpy change at the cooling rate of 3 K/s measured by DFSC and DSC. 

(c) DSC curve at the cooling rate of 3 K/s shown for comparison [4]. The vertical red dashed 

lines indicate the precipitation start and end temperatures. 
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Those reactions can be ascribed to the precipitation of phases determined in Refs. [4, 

12, 24]. Fig. 6 summarises the types of precipitates that form in alloy AA7150 under different 

cooling conditions (e.g. Refs. [12, 24]). It can be shown that at high temperatures (~450 °C 

down to ~350 °C) and relatively slow cooling rates, the equilibrium phases S-Al2CuMg (see 

Fig. 6(b)) and -Mg2Si can precipitate, depending on the presence of Cu, Mg and Si. Since 

some alloys like AA7150 contain very little Si, nearly no Mg2Si will form. Nucleation of 

these equilibrium phases occurs on the most of coarse defects like primary precipitates 

(constituent particles). This hold for both, precipitation inside the grains and on grain 

boundaries [3]. At medium temperatures (~350 °C down to ~250 °C) and medium cooling 

rates, η-Mg(Al,Cu,Zn)2 phase formation takes place (see Fig. 6(c)). The η-phase nucleates on 

dispersoids, predominantly on those which are incoherent due to recrystallization. At lower 

temperatures (~250 °C down to ~150 °C), the precipitation of thin Y-phase platelets rich in Zn 

and Cu occurs at relatively high cooling rates (see Fig. 6(d)) [12, 24]. The nucleation 

mechanism of the Y-phase is still under research, however, Y-phase plates have been found on 

voids [24] and nucleation on dislocations seems highly probable. The CCR of S-Al2CuMg in 

AA7150 alloy was determined by conventional DSC to be about 3 K/s [4].  
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Fig. 6 Quench-induced precipitation in alloy AA7150: (a) DSC curve showing the three 

dominant precipitation reactions. The high temperature reaction (HTR) is dominated by the 

precipitation of S-Al2CuMg, as shown in the backscattered electron image in (b). The medium 

temperature reaction (MTR) is dominated by the precipitation of η-Mg(Zn,Cu,Al)2, as shown 

in the bright-field transmission electron microscopy (TEM) image in (c). The low temperature 

reaction (LTR) is dominated by the precipitation of thin Y-phase platelets that are rich in Zn 

and Cu [24], as shown in the bright-field TEM image in (d). The samples corresponding to (c) 

and (d) were cooled relatively slowly to intermediate temperatures of 320 and 200 °C - just 

beyond the peak of the relevant precipitation reactions. This state was then ‘frozen’ for 

microstructure analysis by overcritical quenching (see Ref. [12] for further details). Figures 

adapted from Ref. [12]. 

 

Coming back to the discussion of the enthalpy curves in Fig. 5, it can therefore be 

concluded, that during cooling with 3 K/s S-Al2CuMg, η-Mg(Zn,Al,Cu)2 and Y-phase 

platelets form with decreasing temperature [4, 12, 24]. Compared to 3 K/s the precipitation 

process during cooling with 30 K/s is different in that only medium- and low-temperature 

reactions, assigned to η-Mg(Zn,Al,Cu)2 and Y-phase platelets, occur. For the cooling rate of 
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100 K/s only the low-temperature reaction remains. For the cooling rate of 200 K/s, there is 

almost no precipitation detectable any more, which is consistent with the CCR of close to 300 

K/s for alloy AA7150 as determined by the DRM (bearing in mind that the sensitivity of this 

interrupted quenching method is not expected to be as good as that of the original DRM).  

 

 

Fig. 7 TEM bright field image of an AA7150 sample cooled at 100 K/s. Quench induced 

precipitates can hardly be detected. Some spherical Al3Zr dispersoids are visible.  

 

The Vickers hardness development, as shown in Fig. 4(b), is in good agreement with 

tensile testing results published in Ref. [24]. The CCR found for AA7150 also is in good 

agreement with the CCR of Al alloy AA7049A, which was reported to be ~300 K/s [22]. To 

verify the CCR obtained by DFSC, samples cooled in a quenching dilatometer (Baehr 805 

A/D) at 100 K/s were analysed by TEM (see Fig. 7). It is hard to find any quench induced 

precipitates in this cooling rate condition. The spherical particles are Al3Zr dispersoids [26]. 

Although a wide area of the sample was checked by TEM, no obvious quench-induced phases 



Published in Materials Characterization 120 (2016) 30-37 

BM9-p.20 
 

could be detected. It might be that there is a small volume fraction still present on grain- 

and/or sub-grain boundaries. Although there have been some indications in the literature of 

possible cluster formation at relatively low temperatures [12, 27, 28], such clusters were not 

detected in the current work. Nevertheless, in comparison to Fig. 6, the TEM results in Fig. 7 

support the DFSC finding that the CCR of this alloy probably is close to 300 K/s. 

Finally, the complete CCP diagram can be constructed, as shown in Fig. 8. The 

precipitation start and end temperatures were taken from the total enthalpy change curves (Fig. 

5(a)) and plotted in a temperature-time diagram. The DSC data at different cooling rates 

ranging from very slow cooling (∼0.005 K/s) to 3 K/s measured by several conventional DSC 

devices in Ref. [4] are also included. Therefore, the complete CCP diagram of alloy AA7150 

is shown in Fig. 8 for the very first time. It provides information regarding the occurrence of 

precipitation reactions during cooling from solution annealing as a function of the cooling rate 

and temperature. Start and end temperatures of individual precipitation processes under the 

various specific cooling rates are indicated for the corresponding cooling curves and 

connected by dashed lines, respectively. The CCR is also marked. It must be mentioned that 

the CCP diagram is only valid for the investigated chemical composition, initial 

microstructure and solution annealing conditions. According to Fig. 8, quench-induced 

reactions take place mainly over an intermediate temperature range of 450-140 oC. It is also 

found that the individual critical cooling rates for the three different precipitation reactions are 

as follows: S-Al2CuMg ~10 K/s, η-Mg(Zn,Al,Cu)2 ~100 K/s and Y-phase platelets ~300 K/s, 

respectively (as listed in Table II).  

This high CCR of 7150 and other highly concentrated (7000 series) wrought 

aluminium alloys results mainly from two reasons. 1) Their high content of age hardening 

alloying elements (Zn, Mg, Cu) together with a sufficient solution annealing result in a high 

supersaturation, being a strong driving force for nucleation of precipitates during quenching. 

2) Their high content of dispersoid forming elements (Mn, Zr) results in many intrinsic 

nucleation sites, also promoting precipitation during quenching. 
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Fig. 8 Complete continuous cooling precipitation (CCP) diagram for alloy AA7150. The solid 

lines correspond to linear cooling in the range from 0.005 K/s to 300 K/s. The dashed lines 

and symbols indicate precipitation start and end temperatures. The DSC and hardness HV5 

data are reproduced from Zhang et al. [4]. 

 

 

Table II Temperature ranges and CCRs for the three different precipitation reactions 

Precipitates S-Al2CuMg, η-Mg(Zn,Al,Cu)2 Y-phase platelets 

Temperature range ~450 °C - ~350 °C ~350 °C - ~250 °C ~250 °C - ~140 °C 

CCR ~10 K/s ~100 K/s ~300 K/s 
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Conclusions 

In this study, we have developed a new interrupted quenching and differential 

reheating method by using differential fast scanning calorimetry (DFSC) to describe the 

influence of the cooling rate on the precipitation behaviour of high strength aluminium alloys 

during cooling from solution annealing. The critical cooling rate for alloy AA7150, which is 

the minimum cooling rate at which no precipitation heat is detectable, was determined to be 

close to 300 K/s. Furthermore, the interrupted quenching and differential reheating method 

(iqDRM) enabled determination of precipitation start and end temperatures during under-

critical quenching in the cooling rate range of 3-800 K/s, which has been inaccessible before. 

Even higher cooling rates may be possible in future. By means of this novel method, the 

complete continuous cooling precipitation diagram for aluminium alloy AA7150 has been 

established. Based on the CCP diagram, quenching parameters in manufacturing processes 

can be selected properly, to decrease residual stresses and distortion while also inhibiting the 

decomposition of the solid solution. Further, CCP diagrams are necessary for accurate heat 

treatment simulation. Moreover, the method can potentially be transferred to similar 

precipitate-forming metallic systems or related solid-state phase transformation systems also 

beyond the particular system analysed in the present study. 
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Abstract: We use a systematic approach to investigate the influence of the specific solution condition
on quench-induced precipitation of coarse secondary phase particles during subsequent cooling for a
wide range of cooling rates. Commercially produced plate material of aluminum alloy EN AW-6082
was investigated and the applied solution treatment conditions were chosen based on heating
differential scanning calorimetry experiments of the initial T651 condition. The kinetics of the
quench-induced precipitation were investigated by in situ cooling differential scanning calorimetry
for a wide range of cooling rates. The nature of those quench-induced precipitates was analyzed
by electron microscopy. The experimental data was evaluated with respect to the detrimental
effect of incomplete dissolution on the age-hardening potential. We show that if the chosen solution
temperature and soaking duration are too low or short, the solution treatment results in an incomplete
dissolution of secondary phase particles. This involves precipitation during subsequent cooling
to start concurrently with the onset of cooling, which increases the quench sensitivity. However,
if the solution conditions allow the formation of a complete solid solution, precipitation will start
after a certain degree of undercooling, thus keeping the upper critical cooling rate at the usual
alloy-specific level.

Keywords: EN AW-6082; AlMgSi alloy; solution treatment; solution temperature; differential
scanning calorimetry (DSC); scanning electron microscopy (SEM); continuous cooling precipitation;
quench sensitivity; complete solution; incomplete dissolution

1. Introduction

The most important heat treatment which allows to increase the strength of several aluminum
alloys is the age-hardening heat treatment [1]. Within this heat treatment, solution annealing, which is
the generation of a solid solution, establishes the basis for the potential decomposition of solid solutions
by quench-induced precipitation and/or supersaturation of the solid solution during subsequent
cooling. A fully supersaturated solid solution is the precondition to obtain maximum strength after
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the final process “aging” step [1–3]. If a full solution is obtained during the solution treatment,
a complete supersaturation can be achieved by overcritical cooling. If cooling is done “to slow”,
“quench-induced” precipitation will occur. Quench-induced precipitation reduces the age-hardening
potential by lowering the amount of solutes after cooling (prior to aging). This phenomenon is
commonly called quench sensitivity. The upper critical cooling rates (uCCR) required to completely
suppress quench-induced precipitation, depend on several aspects, for instance, alloy composition.
Thereby, higher concentrations of alloying elements cause higher uCCRs [4,5]. In practical applications,
the cooling rates can be adapted by choosing a suitable cooling media [6].

For the solution treatment, lower temperatures and shorter soaking durations are preferable for
economic reasons, such as the continuous annealing in sheet and plate production or quenching from
extrusion heat. Another example of a very short “solution treatment” occurs in the heat-affected zone of
welding processes [7] or in the production of tailored heat-treated pre-products [8–11]. These short-solution
treatments, particularly if they are performed at relatively low temperatures, might end with an incomplete
solution. However, incomplete dissolution of the secondary phase particles might lead to reduced time
spent for nucleation of the quench-induced precipitation. Thereby incomplete dissolution has the potential
to influence quench sensitivity. The solution treatment was kept constant in most quench sensitivity studies.
Thus, to the best knowledge of the authors, no recent study exists that systematically varies the solution
temperature and soaking duration for investigations of Al-alloy quench sensitivity.

The quench sensitivity, and thus the precipitation behavior during cooling from solution
treatment and its kinetics, have been investigated to a great extent in recent years (e.g., in AlMgSi
alloys [4,5,12–14]). Differential scanning calorimetry (DSC) has proven to be a very helpful method in
these investigations, particularly if combined with micro- and nanostructure analyses [4,5,15].

The main objective of this work is to investigate the detrimental effect of incomplete dissolution
during the solution treatment within the age-hardening heat treatment of Al alloys with respect to the
kinetics of quench-induced precipitation. Therefore, the solution-annealing temperature, as well as the
soaking duration, was systematically varied. The solution conditions were chosen based on DSC heating
experiments of the initial T651 condition. The precipitation behavior during the cooling of the EN AW-6082
alloy was analyzed by DSC for a wide range of cooling rates. The DSC findings are discussed in comparison
with hardness after artificial aging, previous studies, and the observed microstructures, which are analyzed
by scanning electron microscopy (SEM) and transmission electron microscopy (TEM).

2. Materials and Methods

2.1. Investigated Aluminum Alloys

The samples were prepared from a 10-mm-thick plate of commercially supplied aluminum alloy,
EN AW–6082, in the initial T651 delivery condition. Aluminum wrought alloy EN AW-6082 has
been chosen as it is a very widely used age-hardening aluminum alloy. This condition comprises
solution treatment, quenching, stress reduction by stretching a controlled amount (1.5–3 % of the plate),
and final artificial aging. The chemical composition was analyzed by optical emission spectroscopy
(OES). The mass fractions of alloying elements are shown in Table 1.

Table 1. Mass fractions of the alloying elements in the investigated EN AW–6082 alloy, in %.

EN AW-6082
Mass Fraction, in %

Si Fe Cu Mn Mg Cr Zn Ti

OES 0.83 0.38 0.06 0.48 0.92 0.03 0.01 0.02
DIN EN 573-3 0.7–1.3 ≤0.5 ≤0.1 0.4–1.0 0.6–1.2 ≤0.25 ≤0.2 ≤0.1
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2.2. Differential Scanning Calorimetry (DSC)

Here, heating and cooling rates in the 0.01–5 K/s range were investigated using two different
types of DSC devices. The slower scanning rates (up to 0.1 K/s) were performed in a CALVET-type
heat-flux DSC (Setaram DSC 121, Caluire-et-Cuire, France), whereas the faster rates (0.1–5 K/s) were
examined in power-compensated DSCs (PerkinElmer Pyris Diamond DSC, PerkinElmer DSC 8500,
Waltham, MA, USA). The two DSC device types required different sample geometries. Cylindrical
samples with a diameter of 6 mm, a length of 21.65 mm, and a mass of about 1600 mg were used
for the measurements in the heat-flux DSC. The samples for the power-compensated DSCs also have
a cylindrical shape, but with a diameter of 6.4 mm, a height of 1 mm, and a mass of about 80 mg.
The samples were packed in pure aluminum crucibles and then placed in the micro-ovens of the
calorimeter. The heating rate to reach the solution-annealing temperature is 0.1 K/s in the heat-flux
DSC and 2 K/s in the power-compensated DSCs.

2.3. Data Processing of Raw Measured Heat Flow Curves

It is necessary to eliminate the device-specific curvature to obtain high-quality DSC raw data. This
curvature can be determined by recording a baseline measurement. Pure aluminum references are placed
in both micro-ovens (the two DSC sensors) for the baseline measurement, and the identical temperature
program to the one performed during a sample measurement is performed. Pure aluminum (99.9995%
purity) was used as the reference material for DSC. The device-specific curvature of the measured curves
can change slightly, especially for the power-compensated calorimeters, within a few hours. The following
scheme of first acquiring a sample measurement, followed by a baseline measurement, and then another
sample measurement, was performed. The aim is to have a fresh baseline for each sample measurement.
However, to keep experimental effort small, we use one baseline run for two sample measurements—one
before and one directly after the baseline run. By subtracting the baseline from the sample measurement,
the device-specific curvature can be removed from the raw data.

The heating experiments consisted of four sample measurements and two baselines in the heat-flux
DSC, and eight single-sample measurements were recorded with four related baseline measurements
in the power-compensated DSCs for each heating rate. The cooling experiments for each cooling
rate in the heat-flux DSC consisted of two-four sample measurements with one or two associated
baseline measurements in the heat-flux DSC, and six sample measurements with three related baseline
measurements in the power-compensated DSCs.

Comparison of the measurements with different heating or cooling rates (β) and different sample
masses (mS) requires the normalization of the measured heat flow to the value of excess specific heat
capacity (Cpexcess ) according to Equation (1) [16], where

.
QS and

.
QBl are the sample and baseline heat

flows, respectively, and β is the scan (heating or cooling) rate.

Cpexcess =

.
QS −

.
QBl

mS·β
(in J g–1 K–1), (1)

Figure 1 shows the evaluation of the DSC curves for a heating curve produced from a heating
rate of 0.5 K/s that was recorded with a power-compensated DSC. Figure 1A shows the recorded
raw data. The device-specific curvature is eliminated by subtracting the baseline measurement from
the sample measurement, as shown in Figure 1B. Figure 1C shows the data normalized by scanning
rate and sample mass, which still contains overshoot artefacts [15] that have to be excluded from
further evaluations. Figure 1D shows two resulting heating curves of the EN AW-6082 alloy from the
initial state T651, with a heating rate of 0.5 K/s depending on temperature. As shown in Figure 1D,
the dissolution of precipitates is not complete even at high temperatures up to 580 ◦C. This can be seen
by the fact, that the DSC signal is not dropping back to zero at high temperatures. Thus, a zero-level
correction by subtraction of a polynomial, as suggested in Osten et al. [11] and Milkereit et al. [15,17],
was not applicable. Experiment specific curve fluctuations (e.g., caused by slight position differences of
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the sensor-lid or sample [17]) are definitely minimized by averaging the curves measured for a single
set of parameters. This data treatment was recently introduced by our group, and discussed in detail in
Kemsies et al. [18]. As the reproducibility of the DSC measurements was found to be high, with small
fluctuations, as shown in Figure 1D, we do not plot the curve fluctuation ranges here to maximize the
readability of the plots, which also allows for the easy comparison of multiple DSC curves.

Figure 1. Evaluation procedure of the heating experiments. (A) Raw data measurements; (B)
subtraction of baseline measurements from the sample measurements; (C) normalization of the data;
(D) processed data.

A dotted straight line is additionally plotted on all the DSC heating and cooling curves, thus
indicating the related zero level. A deviation of the measurement curve from this zero level signifies
either an endothermic dissolution reaction or an exothermic precipitation reaction. Both the heating
and cooling curves are shown here. In terms of the specific heat capacity, the endothermic area is
shown upwards in the heating experiments [15,19], whereas the exothermic area is shown upwards in
the cooling experiments [5]. Any figures presented in the results and discussion section below that
consist of DSC curves from different scanning rates are arranged and shifted in order of the scanning
rate used, starting with the lowest rate on top.

2.4. Microscopy

The samples for the microstructure investigations were heat-treated in a DSC, as well as in a quenching
dilatometer (Bähr 805 A/D), based on the DSC results presented below. After thermal preparation, the
samples for SEM analysis were cold-embedded in epoxy resin and then mechanically ground and polished
with water-free lubricants. The final polishing was done with 0.05 µm oxide polishing suspension. The
polished samples were rinsed after polishing and were analyzed in the polished condition.

The SEM samples were analyzed by a field emission SEM (MERLIN®VP Compact, Co. Zeiss,
Oberkochen, Germany), equipped with an energy-dispersive X-ray (EDX) detector (XFlash 6/30) and
analysis software (Quantax400, Co. Bruker, Berlin, Germany). Representative areas of the samples
were analyzed and mapped to determine the elemental distribution on basis of the EDX-spectra data
by the QUANTAX ESPRIT Microanalysis software (version 2.0).

The embedded and polished samples were mounted on the SEM carrier with adhesive conductive
carbon and aluminum tape (Co. PLANO, Wetzlar, Germany). SEM-secondary electron (SEM-SE)
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images were obtained using high efficiency Everhart-Thornley-type HE-SE detector at 5 kV acceleration
voltage. The acceleration voltage for the EDX analysis was varied between 5 and 15 kV.

Samples for transmission electron microscopy (TEM) were prepared by mechanical grinding,
polishing up to a thickness of 100–150 µm, and further treatment by twin jet electro-polishing in
methanol and nitric acid (2:1 ratio). The electrolytic thinning occurs at a temperature of about −20 ◦C,
with a voltage of 12 V. TEM analysis was done by a Zeiss LIBRA 120 (Oberkochen, Germany), equipped
with a LaB6 cathode and an in-column omega spectrometer. Representative areas of the samples were
analyzed with 120 kV accelerating voltage and digital images were acquired using a bottom-mount
2 × 2 k slow scan digital camera system (Proscan, Co. TRS, Moorenweis, Germany). Image processing
was done with the iTEM software (Olympus Soft Imaging Solutions GmbH, Münster, Germany).

2.5. Hardness Tests

The hardness was examined for different solution-annealing conditions and cooling rates to
correlate the results of the thermal analysis with a characteristic mechanical value, after a subsequent
artificial aging at 180 ◦C for 4 h. Hardness tests were chosen as the hardness can be tested directly on
the DSC samples. The heat treatments, with cooling up to 5 K/s, were carried out in the DSC. However,
faster cooling rates of 10 to 300 K/s were also realized in the quenching dilatometer Bähr 805 A/D.
The hardness (HV1) was determined with a micro-hardness tester, HMV-2, from Shimadzu, Japan. Six
hardness indentations were recorded per parameter set. The results plot the average, hardness values.
Additionally, the minimum and maximum values are given as error bars.

3. Results and Discussion

3.1. Continuous Heating of the T651 Initial Condition

The solution-annealing temperature was chosen as 540 ◦C in several previous investigations of the
quench sensitivity of AlMgSi alloys [4,5,12]. However, the DSC heating experiments on the particular
alloy batch and the initial T651 condition used here (shown in Figure 2), even for slow heating at
0.01 K/s, indicate that dissolution of the secondary precipitates of interest is just completed at about
560 ◦C. Furthermore, Figure 2 shows that the temperature at which the dissolution of the secondary
phases is completed strongly depends on the heating rate. An increase in the heating rate shifts this
dissolution completion to higher temperatures. As derived from findings in Schumacher et al. [20], it
can be expected that the specific solvus temperature will be reduced by up to a few tens of Kelvin at
even lower heating rates or under isothermal solution-annealing conditions. One solution-annealing
temperature was thus chosen as 560 ◦C, which, according to the heating experiments, should be
above the equilibrium solvus temperature in any case. As mentioned above, 540 ◦C is a typical
solution-annealing temperature that has been used in previous works, and 550 ◦C was chosen as the
temperature in between these values. Two different solution-annealing soaking durations of 1 and
20 min were also examined. Since the slower CALVET-type DSC required at least 5 min to achieve
thermal equilibration [13], a soaking duration of 1 min is only investigated in the faster DSCs (0.3–5
K/s). Therefore, a systematic investigation of the quench sensitivity or quench-induced precipitation
behavior after different solution-annealing conditions was conducted, and the DSC experiments were
performed with three significant parameters varied, as follows:

• Solution-annealing temperatures: 540, 550, and 560 ◦C;
• Solution-annealing soaking durations: 1 and 20 min;
• cooling rates: 0.01–5 K/s.

This corresponds to 33 sets of parameters and more than 200 single DSC experiments.
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Figure 2. Differential scanning calorimetry (DSC) heating curves of EN AW–6082 initially T651 as a
function of temperature. The solution temperatures chosen for later experiments are indicated.

3.2. Continuous Cooling Experiments, Starting from Different Solution Treatment Conditions

Figure 3 highlights one parameter set of the cooling experiments, plotted according to the 540,
550, and 560 ◦C solution-annealing temperatures. The DSC cooling curves of the two different soaking
durations are plotted in two colors. The area between a DSC curve peak and its corresponding zero
level is proportional to the precipitation enthalpy, and thus the volume fraction, of the precipitates
grown during a certain reaction/peak [4].

Figure 3A shows that the DSC curves/reactions are insensitive to the soaking time at 540 ◦C.
Furthermore, a broad high-temperature reactions (HTRs) peak dominates, even at high cooling rates.
A similar pattern is observed if cooling started from 560 ◦C regarding the insensitivity to soaking time
(Figure 3C). However, the shape of the cooling curves varies significantly when comparing soaking at
these two temperatures. Two main exothermic precipitation reaction peaks are observed for the soaking
at 560 ◦C. The low temperature reactions (LTRs) peak begins to dominate the precipitation behavior
during faster cooling from 560 ◦C. The medium solution-annealing temperature at 550 ◦C highlights
that the soaking duration significantly impacts the curvature of the observed DSC curves, as shown in
Figure 3B. Here, the shorter soaking times (1 min) yield DSC curves that are similar to those at 540 ◦C,
whereas the longer soaking times (20 min) yield DSC curves that are similar to those at 560 ◦C.

The same DSC data are rearranged in Figure 4 to highlight the role of the solution-annealing
temperature. Two major arguments can be derived from these data: (1) only minor differences in the DSC
curve curvatures are observed at the slower cooling rates (up to 0.1 K/s, resulting in cooling durations of
1.4 to 14 h) and 20 min of soaking. However, (2) for faster cooling rates of 0.3 to 5 K/s those differences are
more significant while those cooling rates additionally are considered to be much more technologically
relevant, covering cooling durations ranging from 30 s to a few minutes. Considerably different DSC curves
are produced at these fast cooling rates, the two different soaking times, and the range of solution-annealing
temperatures, which exhibit the largest differences for the medium cooling rates of 0.3 and 1 K/s.

The findings from Figures 3 and 4 thus suggest that there are two major types of DSC curvatures for
a given cooling rate. The resultant DSC curvature obviously depends on the specific solution condition
applied prior to cooling. Therefore, the DSC data are arranged into these two types of DSC curves, as
shown in Figure 5. The DSC curves in Figure 5A are dominated by HTRs, while the DSC curves in
Figure 5B are dominated by LTRs. This leads one to ask what the cause of these different DSC curves
and their quench-induced precipitation behavior is. We thus postulate that the two different types of
precipitation behavior depend on whether the cooling started from an incomplete solution (as seen in
Figure 5A) or if a (largely, if not fully) complete solution precedes the cooling (as seen in Figure 5B).
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Figure 3. DSC cooling curves of EN AW-6082 (initially T651) with cooling rates from 0.01 up to 5 K/s
after solution-annealing at (A) 540 ◦C, (B) 550 ◦C and (C) 560 ◦C for 1 min (red) and 20 min (black).

Figure 4. DSC cooling curves of EN AW-6082 (initially T651), with cooling rates ranging from 0.01 to
5 K/s and after solution-annealing at various conditions. (A) Soaking duration of 1 min and (B) 20 min.
The three different applied temperatures are color-coded to highlight the degree of variability with
soaking time and cooling rate.
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Figure 5. DSC cooling curves of EN AW-6082, with cooling rates from 0.3 to 5 K/s after
solution-annealing, resulting in: (A) an incomplete solution and (B) a complete solution.

This postulation is derived from three arguments:

i. According to Figure 2 (and the related discussion), the solvus temperature of the initial T651
condition of this particular batch of EN AW-6082 for slow heating is below 560 ◦C.

ii. If cooling is starting from a more-or-less complete solution (e.g., 560 ◦C solution-annealing
temperature and 20 min soaking time), the main precipitation begins after a certain degree
of undercooling.

iii. The quasi-binary phase diagram Al-Mg2Si (Figure 6) indicates that the Mg2Si equilibrium
solvus temperature for this alloy is near or slightly above 540 ◦C.

Our reasoning for these three arguments is as follows:

→ i.: The heating rate-specific solvus temperature can drop below 560 ◦C during very slow heating,
as demonstrated in Figure 2. The cooling experiments in Figure 5 were conducted after relatively
fast heating (2 K/s). Therefore, according to Figure 2, the dissolution remained incomplete at the
end of the heating process. A complete solution can still be obtained with the switch to isothermal
soaking, as seen in Figure 5B. Here 20 min of soaking at 550 and 560 ◦C results in precipitation
beginning after a certain degree of undercooling, while a short soaking of 1 min at 560 ◦C still
causes the direct onset of precipitation.

→ ii.: Taking the cooling rate of 0.3 K/s as an example, cooling from 560 ◦C and 20 min of
soaking causes the precipitation to start at about 500 ◦C, after a certain degree of undercooling.
However, starting from a condition that we claim to be an incomplete solution (e.g., 540 ◦C
solution-annealing temperature), the same cooling rate of 0.3 K/s causes the immediate onset of
precipitation when the temperature drops below 540 ◦C, with precipitation thus starting 40 K
higher than that in the complete solution. Two different types of precipitation onset (1: immediate
precipitation onset with the onset of cooling; and 2: onset of precipitation after a certain degree of
undercooling) were attributed to the observations from the quasi-binary Al-Mg2Si phase diagram,
which depended on whether the cooling starts from the α-Al solid-solution single-phase region
or from the α-Al + β-Mg2Si two-phase region [21].
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→ iii.: The three applied solution temperatures are indicated in the quasi-binary phase diagram
Al-Mg2Si and shown in Figure 6, as well as the estimated maximum amount of Mg2Si for the
particular batch of EN AW-6082 that was used in the experiments. While the comparison of
EN AW-6082 with this phase diagram is a simplification, the precipitation of the β-Mg2Si phase
from the α-Al solid solution is dominating the HTRs during cooling from the solution treatment
of AlMgSi alloys [5], including two batches of EN AW-6082. It is thus inferred that the most likely
phase to be considered in terms of complete solution is β-Mg2Si. The equilibrium solvus of the
estimated β-Mg2Si mass fraction is close to 540 ◦C, which is additionally supported by the DSC
experiments shown in Figure 7. The latter used soaking durations ranging from 1 to 120 min at
540 ◦C that preceded a cooling rate of 1 K/s. A complete solution was still not attained after two
hours of soaking at 540 ◦C, with the Mg2Si precipitation starting concurrently with the onset of
cooling. Therefore, it is reasonable to assume that the alloy batch-specific equilibrium β-Mg2Si
solvus temperature is close to 540 ◦C (very likely a few Kelvin above 540 ◦C).

It can thus be concluded that a relatively short soaking at a high enough temperature (some
10 K above the alloy specific solvus) can result in the intended complete solution. The formation
of a complete solution requires both an appropriate solution temperature and soaking duration
to be chosen. As seen from the above results, a complete solution as the initial condition for
subsequent cooling results in the initiation of precipitation temperatures that are some 10 Kelvin
lower that the initial condition of an incomplete solution. This aspect can be quite important in an
industrial/production context. For instance, the transportation of the solution-treated part from the
furnace to the quenching media is unavoidably going to experience some cooling before quenching.
Ensuring a complete solution during the technological application of the solution treatment can thus
help to avoid quench-induced precipitation. This aspect might be of even more relevance, because the
general quench sensitivity is also increased if the dissolution remains incomplete during the solution
treatment (see the discussion on hardness below).

Figure 6. Section from the quasi-binary phase diagram Al-Mg2Si (adopted from Polmear [1]). The
theoretical maximum amount of β-Mg2Si in this batch of EN AW-6082 (vertical red line), as well as the
applied solution temperatures (horizontal lines), is highlighted.
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Figure 7. DSC cooling experiments on EN AW-6082 after solution treatment at 540 ◦C, soaking times of
1, 20, and 120 min, and a cooling rate of 1 K/s.

3.3. Analysis of the Quench-Induced Microstructure

The schematic temperature-time profile applied for the heat treatment of samples used for the
microstructure analysis is shown in Figure 8. The parameters were chosen based on the cooling DSC
results. For clarity, the corresponding DSC curves are plotted next to the microstructure images in
Figures 9A and 10A. Figures 9 and 10 show the DSC curves and representative SEM-SE images from
540 ◦C and 560 ◦C, respectively, with 20 min of soaking and a cooling rate of 0.3 K/s. The cooling was
continued at this low rate down room temperature in Figure 9B,D and Figure 10B,D. Alternatively,
the low cooling rate of 0.3 K/s was applied until 425 ◦C, and subsequently overcritically gas-quenched
(~400 K/s) to room temperature (see Figure 8) in Figure 9C,E and Figure 10C,E.

Figure 8. Schematic time–temperature profile of the heat treatments for the microstructure analysis.
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Figure 9. (A) DSC cooling curve after solution-annealing at 540 ◦C, a 20 min soaking time, and
a cooling rate of 0.3 K/s, and (B–E) associated scanning electron microscopy (SEM) images at
different magnifications.

Some similar microstructural components are observed in the SEM-SE images under both
conditions. This is exemplified through the coarse primary, intermetallic, mostly irregularly shaped
particles in a variety of dimensions in the µm range. These primary particles appear bright in the
SEM-SE images. EDX revealed them to be enriched in Fe, Mn, and Si. Those primary particles most
likely precipitated from the melt.

Coarse dark particles are also seen in Figure 9. EDX showed an enrichment of Mg and Si for
these particles. Based on both our experience and the published literature, these are β-Mg2Si-phase
particles [4,5]. Nucleation of Mg2Si is reported to occur on primary Fe, Mn, and Si rich intermetallic
particles. Such primary particles are also often found within the Mg2Si particles (e.g., see Figure 9E).
Figure 10 contains fewer and smaller Mg2Si particles, corresponding to the weaker HTR. As seen from
Figure 9C,E, as well as Figure 10C,E, Mg2Si is already present when the HTRs are nearly finished, as
detected by DSC. This is in perfect agreement with previous studies that report the HTRs in AlMgSi
alloys were predominantly caused by the precipitation of β-Mg2Si-phase particles [5].
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Figure 10. (A) DSC cooling curve after solution-annealing at 560 ◦C, a 20 min soaking time, and a
cooling rate of 0.3 K/s, and associated (B–E) SEM and (F) transmission electron microscopy (TEM)
images at different magnifications.

These Mg2Si particles are found almost unchanged if there is continuous cooling down to room
temperature. Another population of smaller, dark, regularly shaped, elongated particles is also
precipitated during the LTRs, as seen from the SEM-SE images (Figures 9D and 10D). Plate- or
rod-shaped, elongated particles can even better be detected via TEM (see Figure 10F). Their sizes range
from a few hundreds of nm to a few µm in length, and some tens to a few hundreds of nm in diameter.
Previous studies suggest that these particles likely belong to the B′-Mg5Si4Al2 phase [5]. Nucleation of
the quench-induced B′-particles is reported to occur on dispersoids [5], and thus forms a much smaller
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and finer distribution of nucleation sites compared to the nucleation sites of the HTRs precipitation of
β-Mg2Si.

The following inferences can be made with regard to the onset condition of cooling, which
largely depend on whether the solution is a complete or incomplete solution. The HTRs dominate the
quench-induced precipitation behavior, and thus the DSC curve, if the cooling starts from an incomplete
solution. As discussed above, the HTRs are predominantly related to the precipitation of the β-Mg2Si
phase. Although it is difficult to statistically conclude this possibility from the two SEM images plotted
here, a comparison of the microstructures after cooling from 540 ◦C (Figure 9C) and 560 ◦C (Figure 10C)
shows that there is a higher number of even larger Mg2Si particles if the cooling started with an
incomplete solution (Figure 9C). This is also supported by a number of additionally recorded SEM
images that are not shown here. Furthermore, the DSC peak areas, which are proportional to the
volume fraction precipitated [2], suggest that the precipitated volume fraction of Mg2Si is much higher
if the same cooling rate is applied to an initially incomplete solution. However, if the cooling is starting
from a complete solution (with respect to Mg2Si), the quench-induced precipitation is dominated by the
LTRs, which are related to the precipitation of B′-Mg5Si4Al2. The latter considerations particularly hold
if one specific (medium to fast) cooling rate is considered to start from the different initial conditions of
an incomplete or complete solution. We interpret this to be related to the following: if the dissolution of
the remaining Mg2Si is incomplete, there is no need for new nucleation of that phase, and the existing
Mg2Si particles are immediately able to grow again with the onset of cooling. The Mg2Si-precipitation
out of a complete solution, though, requires a certain amount of time to initiate the precipitation by
nucleation. Thus, dynamic suppression of the precipitation of this equilibrium phase is much easier,
which substantially reduces the precipitated volume fraction at the specific cooling rate. In general,
it can be stated, that quench-induced precipitates reduce the atomic fraction of alloying elements in
solid solution which are available for final aging. This reduced amount of solutes is reducing the age
hardening potential as the amount of strength increasing precipitates will be lowered.

3.4. Hardness Development after Cooling at Various Rates and Additional Artificial Aging

Incomplete dissolution accelerates the kinetics of quench-induced precipitation due to a reduced
effort for nucleation, particularly for coarse high-temperature precipitates. The influence of an
incomplete versus complete solution, with respect to the quench sensitivity of EN AW–6082, is also
obvious from the hardness values after cooling and subsequent aging. Figure 11 compares the hardness
after cooling from the 540 and 560 ◦C solution-annealing temperatures for 1 min and subsequent
artificial aging as functions of cooling rate.

Figure 11. Hardness values (HV1) after cooling and artificial aging, as function of cooling rate, for
the following solution-annealing conditions: 540 ◦C and 560 ◦C, both with a 1 min soaking time. The
upper critical cooling rates (uCCRs) for the two temperatures are indicated by arrows.
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These two cases show a sigmoidal increase in hardness values from slow to fast cooling. The
upper critical cooling rate (uCCR) is defined as the slowest cooling rate at which precipitation is
completely inhibited. The hardness after aging thus reaches a saturation level at this and faster cooling
rates. The uCCR for the complete dissolution of EN AW-6082, with solution-annealing at 560 ◦C and
1 min of soaking, is found to be about 30 K/s, whereas the uCCR for incomplete dissolution is about
100 K/s, with solution-annealing at 540 ◦C and 1 min of soaking. The uCCR for EN AW-6082 may thus
increase by a factor of three if the solution treatment is terminated leaving an incomplete dissolution.

A hardness of about 85 HV1 is obtained after a cooling rate of 1 K/s is applied from the
solution-annealing temperature of 560 ◦C and 1 min of soaking (initially complete dissolution, with
quench-induced precipitation dominated by B′), and aging. The same cooling rate, starting from
540 ◦C and 1 min of soaking (initially incomplete dissolution, with quench-induced precipitation
dominated by β-Mg2Si) leads to only about 60 HV1 after aging. This suggests that at medium
cooling rates, incomplete dissolution may reduce the hardness by up to 30 % compared to complete
dissolution as the onset condition. It is thus seen that, particularly for technologically relevant cooling,
the danger of a substantial hardness reduction is present in the case of incomplete dissolution during
solution treatment.

It still remains unclear as to why similar hardness values are achieved for both solution conditions
at the highest cooling rates. The expectation is that the undissolved Mg2Si should lead to a reduced
saturation level for hardness after aging. It might be that the hardness testing is not sufficient to detect
this difference, thus requiring tensile testing to potentially detect these differences in the future.

These results are also especially important for welding with rapid heating and almost no soaking
in the heat-affected zones (HAZ), particularly since the HAZ microstructures of aluminum alloys
cannot be predicted with conventional continuous cooling precipitation (CCP) diagrams. For steels
special welding-time-temperature-transformation diagrams are available [22]. However, such special
welding CCP diagrams do not exist for aluminum alloys and thus need to be developed in future.

4. Conclusions

This work, for the first time, quantifies the difference between complete and incomplete
dissolution with respect to quench sensitivity in terms of critical cooling rate and potential loss
in aging/hardening potential. The above considerations on the AlMgSi wrought alloy EN AW-6082
have led to the following conclusions:

1. The precipitation behavior during cooling after solution-annealing is significantly dependent
upon whether complete or incomplete dissolution occurred during the solution treatment,
particularly for medium to faster cooling rates (which are technologically relevant).

2. The undissolved Mg2Si particles can instantly begin to grow within the solution at the onset of
cooling when there is incomplete dissolution. Thus, undissolved particles allow for the immediate
start of quench-induced precipitation.

3. Quench-induced precipitation requires nucleation when there is complete dissolution. The
required nucleation, in combination with dynamic suppression due to cooling, causes a certain
degree of undercooling before the onset of precipitation.

4. Incomplete dissolution increases the quench sensitivity. The upper critical cooling rate may
increase by a factor of three. At medium cooling rates, the hardness is reduced by up to 30 %.

5. Complete dissolution is highly recommended to ensure optimal alloy performance that exploits
its full age-hardening potential. This can be achieved by using an appropriately high-solution
temperature while maintaining a short soaking duration (a few minutes).
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Table 4: Atomic fractions (bold) and mass fractions of alloying elements for the considered alloys 

Mass fraction in % Atomic faction in % 
Wrought alloys 

Product type Si Fe Cu Mn Mg Cr Zn Ti Zr Al 
6xxx - AlMgSi 

6060 Commercial extrusion, 
thin-walled profile 

0.4 0.2 0.01 0.02 0.44 0.001 0.01 0.009 98.9 
0.38 0.10 0.00 0.01 0.49 0.00 0.00 0.01 99.0 

6063 Commercial extrusion, 
closed profile 

0.5 0.19 0.02 0.03 0.47 0.005 0.03 0.013 98.7 
0.48 0.09 0.01 0.01 0.52 0.00 0.01 0.01 98.9 

6005A Commercial extrusion, 
open profile 

0.68 0.2 0.01 0.11 0.57 0.04 0.01 0.018 98.4 
0.65 0.10 0.00 0.05 0.63 0.02 0.00 0.01 98.5 

Al0.6Mg0.8Si 
Laboratory extrusion,  

rectangular bar 20 x 50 
mm 

0.79 <0.001 
<5 
ppm <5 ppm 0.59 <5 ppm 

<10 
ppm 

<2 
ppm 98.6 

0.76 0.65 98.6 

Al0.8Mg0.6Si 
Laboratory extrusion,  

rectangular bar 20 x 50 
mm 

0.61 <0.001 
<5 
ppm <5 ppm 0.8 <5 ppm 

<10 
ppm 

<2 
ppm 98.6 

0.59 0.89 98.5 

6082 I Commercial extrusion, 
rod ø30 mm 

0.733 0.22 0.05 0.48 0.609 0.003 <0.01 0.008 97.9 
0.71 0.11 0.02 0.24 0.68 0.00 0.00 0.00 98.2 

6082 II Commercial extrusion,  
thin-walled open profile 

0.94 0.19 
0.045
2 0.575 0.757 0.0803 0.198 

0.024
5 97.2 

0.91 0.09 0.019 0.28 0.84 0.042 0.082 0.014 97.7 

6082 III Commercial 10 mm 
sheet 

0.83 0.38 0.06 0.48 0.92 0.03 0.01 0.02 97.3 
0.80 0.18 0.03 0.24 1.03 0.02 0.00 0.01 97.7 

6082 IV Commercial extrusion, 
rod ø30 mm 

1.19 0.435 0.106 0.476 0.64 0.04 0.096 0.034 97.0 
1.15 0.21 0.05 0.24 0.71 0.02 0.04 0.02 97.6 

6082 V Commercial extrusion, 
rod ø70 mm 

1.23 0.2 0.09 0.65 1.05 0.2 0.05 0.03 96.5 

1.19 0.1 0.038 0.32 1.17 0.104 0.021 0.017 97.0 

7xxx - AlZnMg(Cu) Si Fe Cu Mn Mg Cr Zn Ti Zr Al 

7020 Laboratory extrusion, 
rod ø30 mm 

0.11 0.17 0.04 0.15 1.19 0.11 4.37 0.03 0.14 93.69 
0.11 0.08 0.02 0.06 1.36 0.06 1.85 0.04 96.42 

7021 Commercial 2 mm 
sheet 

<0.25 <0.4 <0.16 <0.1 
1.6-
2.1 <0.05 

6.0-
6.8 <0.1 

<0.1
8 

7055 Laboratory hot-rolled 
plate 

0.03 0.03 2 <0.01 2 <0.01 8.12 0.12 87.7 
0.03 0.02 0.9 2.36 3.56 0.04 93.09 

7150 Commercial thick plate, 
centre layer 

0.02 0.05 2.04 0.04 2.15 <0.01 6.33 0.01 0.12 89.24 
0.02 0.03 0.91 0.02 2.51 2.74 0.04 93.73 

7150 Commercial thick plate, 
surface layer 

0.02 0.05 2.04 0.04 2.15 <0.01 6.33 0.01 0.12 89.24 
0.02 0.03 0.91 0.02 2.51 2.74 0.04 93.73 

7085 Laboratory hot-rolled 
plate 

0.07 0.03 2.06 <0.01 1.46 <0.01 8.16 0.12 88.1 
0.07 0.02 0.93 1.72 3.58 0.04 93.64 

7085lowCu Laboratory hot-rolled 
plate 

0.12 0.02 0.91 <0.01 1.37 <0.01 7.82 0.12 89.64 
0.12 0.01 0.41 1.6 3.4 0.04 94.42 

7075 I Commercial extrusion, 
rod ø35 mm 

0.17 0.22 1.57 0.11 2.08 0.22 5.95 0.05 89.63 
0.17 0.11 0.698 0.06 2.42 0.12 2.57 0.029 93.83 

7075 II Commercial 2 mm 
sheet 

0.19 0.11 1.5 0.04 2.64 0.18 6.06 0.04 89.24 
0.19 0.06 0.67 0.02 3.06 0.10 2.61 0.024 93.27 

7049A Commercial extrusion, 
rod ø50 mm 

0.25 0.35 1.9 0.2 2.9 0.22 8.2 86.0 

0.26 0.18 0.86 0.1 3.43 0.12 3.6 - – 91.45 



III 
2xxx - AlCu(Mg) Si Fe Cu Mn Mg Cr Zn Ti Zr Al 

2219 Commercial 9 mm 
sheet 

0.041 0.089 6.41 0.301 
0.005
7 <0.001 0.031 0.034 93.1 

0.04 0.045 2.83 0.15 0.007 <0.001 0.013 0.020 96.9 

2024 Commercial extrusion, 
rod ø30 mm 

0.138 0.209 4.64 0.58 1.5 0.007 0.066 0.05 92.8 

0.14 0.10 2.03 0.29 1.72 0.00 0.03 0.03 95.7 

Al-Si binary Si Fe Cu Mn Mg Cr Zn Ti Zr Al 

Al0.26Si Laboratory 20 mm 
plate 

0.26 <5 ppm 4 ppm <3 ppm 
<1 
ppm <3 ppm - 

20 
ppm 99.74 

0.25 99.75 

Al0.72Si Laboratory 20 mm 
plate 

0.72 <5 ppm 
<1 
ppm <3 ppm 

<1 
ppm <3 ppm 

14 
ppm 

11 
ppm 99.28 

0.69 99.31 
Cast alloys 
AlSiMg cast Si Fe Cu Mn Mg Cr Zn Ti Zr Al 

Al7Si0.3Mg 
Mould cast 

7.31 0.092 0.005 0.005 0.31 0.13 92.1 
7.05 0.04 0.002 0.002 0.35 0.07 92.5 

Al10Si0.3Mg 
High-pressure die cast 

10.92 0.16 0.02 0.39 0.23 0.02 0.04 88.2 
10.56 0.08 0.01 0.19 0.26 0.01 0.02 88.9 

Al10Si0.3Mg 
Laser beam molten bar 

9.46 0.16 0.01 0.003 0.30 0.02 0.01 90.0 

9.13 0.08 0.004 0.001 0.33 0.01 0.00 90.4 
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List of abbreviations 

DSC Differential scanning calorimetry 
DFSC Chip sensor-based fast scanning calorimetry 
OES Optical emission spectroscopy 
OM Optical microscopy 
RT Room temperature 
SEM Scanning electron microscopy 
SEM-SE SEM secondary electron imaging 
SEM-BSE SEM backscattered electron imaging 
TEM Transmission electron microscopy 
HR-TEM High-resolution TEM 
STEM Scanning TEM 
HAADF-STEM High angle annular dark field-STEM 
SAED Selected area electron diffraction in TEM 
NBD Nano beam diffraction 
EBDS Electron backscatter diffraction in SEM 
EDS Energy-dispersive X-ray spectroscopy 
HTR High-temperature reaction 
LTR Low-temperature reaction 
CCP diagram Continuous cooling precipitation diagram 
UCCR Upper critical cooling rate 
LCCR Lower critical cooling rate 
UCHR Upper critical heating rate 
LCHR  Lower critical heating rate 
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